JOM

https://doi.org/10.1007/s11837-021-04773-0
Ó 2021 The Author(s)

ADVANCED HIGH-STRENGTH STEELS
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The application of direct quenching after hot rolling of plates is being employed in the production of ultra-high-strength hot rolled plates. When heavy
gauge plates are produced, the complexity involve in achieving high cooling
rates in the plate core is increased and the formation of undesirable soft
phases within martensite is common. In the current paper, both direct
quenching and conventional quenching (DQ and CQ) processing routes were
reproduced by dilatometry tests and continuous cooling transformation (CCT)
diagrams were built for four different high-strength boron steels. The results
indicate that the addition of Mo and Nb-Mo suppresses the ferritic region and
considerably shifts the CCT diagram to lower transformation temperatures.
The combination of DQ strategy and the Mo-alloying concept provides the best
option to ensure hardenability and the formation of a fully martensitic
microstructure, and to avoid the presence of soft phases in the center of thick
plates.

INTRODUCTION
The practice of direct quenching (DQ) after hot
rolling is gaining importance in industry in the
production of high-strength plates.1 The DQ process
avoids the re-austenitization step that is usual for
the conventional quenching (CQ) procedure,
enabling significant energy savings to be made,
and leading to economic benefits and productivity
improvements.2–4 In CQ, the rolled material is
cooled down to room temperature and reheated
before being quenched. However, DQ strategy is
based on the application of fast cooling immediately
after a thermomechanically controlled hot rolling
process. This is an efficient process used to improve
the strength and toughness of steels by pancaking
the austenite below the recrystallization stop
(Received March 18, 2021; accepted June 18, 2021)

temperature (RST) prior to quenching.5 In addition,
given that the reheating process is obsolete, DQ
strategy could prove to be beneficial in preserving
microalloying elements in solid solution that in turn
could precipitate during subsequent tempering
treatment.5 The main objective of DQ is to create
entirely martensitic microstructures by applying
the highest possible cooling rate. Although cooling
rates above 100°C/s could be reached through
current cooling facilities, the effective cooling rate
for thicker gauges at the plate core is considerably
lower and so ensuring full martensitic structures
throughout the thickness becomes challenging.6
Therefore, depending on rolling conditions and the
alloy concept, there may be a risk of forming
undesirable soft phases such as ferrite and bainite.
Furthermore, residence time in the cooling device
may be excessively long in the case of thicker
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gauges, lowering the output of the rolling mill. In
this case, applying the CQ process might prove to be
economically more attractive.
Alloying with molybdenum and/or boron effectively helps reduce the critical cooling speed for
martensite formation, while the combined addition
of microalloying elements such as Ti, Nb, Mo, and B
to carbon steels may provide an increase in strength
through microstructural refinement and precipitation hardening as well as hardenability and final
microstructural modification.7–9 The use of B as an
alloying element increases strength by obstructing
ferrite nucleation at austenite grain boundaries,
thus encouraging the formation of bainitic/martensitic microstructures even at low cooling rates.10
The combined addition of B and Nb as well as Mo in
turn encourages the segregation of boron into the
austenite grain boundaries, thus ensuring the effectiveness of boron with regard to hardenability.11–14
Microalloying of Nb is standardly used for retarding
austenite recrystallization during rolling, both by
solute drag and by strain-induced precipitation.15,16
This leads to an accumulation of deformation in
austenite, ensuring grain size refinement of the
final microstructure and improving mechanical
properties.17 Molybdenum alloying increases
strength and toughness properties in carbon steels
due to the effect it has on encouraging the formation
of low-temperature transformation products such as
bainite and martensite,18 and by avoiding temper
embrittlement. Besides the direct effects of molybdenum, the combination of Nb and Mo leads to
pronounced synergetic effects, while Mo significantly contributes to austenite pancaking by solute
drag during hot rolling. This effect is even greater in
combination with niobium, as the martensitic substructures are formed in the previously pancaked
austenite grains,6, 19,20 combining drag and straininduced precipitation mechanisms. Molybdenum
also delays precipitation of niobium during austenite conditioning, making a higher amount of solute
niobium available for precipitation during tempering treatment.
Recently, the impact of adding Nb and Mo to the
microstructure and tensile/toughness properties
was evaluated in high-strength quenched and tempered boron steels.21,22 In these studies, the addition of 0.5% Mo to a 0.16% CMnB base alloy was
proven to be crucial in ensuring yield strength
values above 900 MPa and low ductile-to-brittle
transition temperatures after direct quenching and
tempering treatment (600°C during 300 s). The
results shown in references21 and22 suggest that
the most relevant contribution to strength and
toughness was related to microstructural refinement. Additional refinement is associated with
austenite conditioning, which can be achieved by
combining Mo with 0.025% Nb.
Given that direct quenching is a relatively new
process in plate production, the metallurgical effects
of Mo and Nb alloying on high-strength direct-

quenched boron steels have not been widely
reported in the literature and further knowledge
regarding its effect on phase transformation is
needed. To this end, DQ and CQ strategies were
simulated by dilatometry tests in the current study.
Continuous cooling transformation (CCT) diagrams
were derived for all compositions and the impact of
thermomechanical treatment on phase transformation, the resulting microstructure and hardness was
evaluated accordingly. Finally, the feasibility of the
direct quenching strategy was evaluated, and the
optimum alloy concept/thermomechanical cycle
selected.
EXPERIMENTAL PROCEDURE
Four carbon steels containing 0.16% C and
20 ppm boron were selected, three of them microalloyed with Nb, Mo, and NbMo. The Nb level was
0.026% and Mo content 0.5%. All the steels were
alloyed with Ti to ensure the full effect of boron.
Table I shows the chemical composition of the
steels.
Uniaxial compression tests were performed in a
Bähr DIL805A/D quenching and deformation
dilatometer, with solid cylinders of 5 mm in diameter and 10 mm in length being used. The specimens
were
subjected
to
two
different
thermomechanical schedules (direct quenching and
conventional quenching) in order to simulate different rolling and cooling strategies, represented
schematically in Fig. 1. Both cycles included reheating treatment at 1200°C for 10 min followed by two
deformation passes of a 0.3 strain and at a strain
rate of 1 s 1 at 1175°C and 1050°C, in order to
obtain a fine recrystallized austenite. As for the
direct quenching (DQ) cycle (Fig. 1a), a third
deformation pass of e = 0.3 was applied below the
non-recrystallization temperature at 870°C, with
the aim of accumulating deformation in the austenite prior to phase transformation. Finally, continuous cooling was applied ranging from 0.1°C/s to
maximum cooling (0.1°C/s, 0.5°C/s, 1°C/s, 2°C/s,
5°C/s, 10°C/s, 20°C/s, 50°C/s, 100°C/s and maximum
cooling). Regarding conventional quenching strategy (CQ), following the first two deformation passes
at 1175°C and 1050°C, the specimens were then
cooled down slowly (1°C/s) to room temperature.
Afterwards, a second austenitization treatment was

Table I. Chemical composition of the steels studied
(wt.%)
Steel
CMnB
CMnNbB
CMnMoB
CMnNbMoB

C

Si

Mn

Mo

Nb

B

0.15
0.16
0.16
0.16

0.32
0.29
0.28
0.31

1.05
1.05
1.07
1.07

–
–
0.5
0.5

–
0.026
–
0.026

0.0022
0.0019
0.0022
0.0018
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Fig. 1. Thermomechanical schedules. (a) Direct quenching and (b) conventional quenching performed using the dilatometer.

applied at 910°C for 15 min and, finally, controlled
cooling was applied at cooling rates from 0.1°C/s to
maximum cooling.
Initial and final transformation temperatures
were calculated from the dilatation curves,23 and
the lever rule was applied to the dilatometry curves
in order to measure evolution of the transformed
fraction.24 This rule relies on extrapolating the
linear expansion behavior from the temperature
regions where no transformation occurs and subsequently assuming proportionality between the fraction of decomposed austenite and the length change
observed.25 In the current study, the transformation
start and finish temperatures were defined as being
represented at 5 and 95% transformed fractions,
while for their part, the dilatometry specimens were
sectioned along their longitudinal axis by selecting
the region corresponding to a maximum area fraction of nominal strain and reduced strain
gradient.25,26
The transformed microstructures obtained from
the dilatometry samples were etched in 2% Nital
and the austenite prior to transformation was
revealed by etching in a solution of saturated picric
acid and HCl. Samples were characterized by
optical microscopy (OM, LEICA DM15000 M, Leica
microsystems) and field-emission gun scanning
electron microscopy (FEGSEM, JEOL JSM-7100F).
In addition, the austenite grain sizes prior to
transformation were measured using the mean
equivalent diameter method, with all specimens
finally undergoing the Vickers hardness test, using
a 1-kg load.
RESULTS AND DISCUSSION
Phase Transformations
Austenite Conditioning
Table II summarizes the austenite grain size
parameters measured for all chemical compositions
and thermomechanical cycles. Together with the
average grain size, Dc, calculated as the average
equivalent area diameter, values for surface area

per unit volume, Sv, and grain thickness (for DQ
cycles) values were also reported. In the case of
direct quenched CMnB steel, the austenitic structure could not be properly reconstructed, due to the
formation of a bainitic/martensitic microstructure
rather than a fully martensitic one. Consequently, a
reliable austenite grain size measurement was not
possible in that case. In the case of all alloys and in
terms of Dc, the DQ process results in coarser mean
austenite grain size than in the CQ process. After
DQ processing, austenite morphology in the Mo and
Nb alloyed steels is pancaked, whereas this is rather
equiaxed in the case of the CMnB base alloy. This
results in closest values for both Sv and thickness
measurements, especially in the case of Mo bearing
grades. Conversely, the CQ process normalizes the
microstructure, leading to equiaxed austenite grain
morphology in all steel alloys subject to research.
The re-austenitizing condition applied in the current study (910 °C/900 s) prevents significant
austenite grain growth before quenching, resulting
in relatively smaller average austenite grain size.
Furthermore, the addition of molybdenum causes a
significant reduction in mean austenite grain size in
the DQ processed steels. This is related to more
pronounced pancaking of the austenite due to
strong solute drag by molybdenum during austenite
conditioning. In CQ processed steels, however,
molybdenum alloying appears to have the opposite
effect, as the average austenite grain size is slightly
larger than in the Mo-free steels. On one side, boron
segregation at the grain boundary suppresses
nucleation of the new phase by reducing the grain
boundary energy. On the other side, molybdenum
reduces the interface mobility between ferrite and
austenite.27 During re-transformation, austenite
nucleates from carbon-rich phase (pearlite) and at
grain boundaries, especially at triple points. If the
latter is delayed due to solute boron and low
interface mobility, the nuclei from the carbon-rich
phase have more room to grow by experiencing less
growth competition. The reduction of grain size at
higher austenite temperature can be due to Mo
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Table II. Austenite grain quantification for all steel grades and thermomechanical cycles
DQ
Steel
CMnB
CMnNbB
CMnMoB
CMnNbMoB

Dc (lm)
–
45 ± 5
32 ± 3
32 ± 4

Sv (lm

21

)

–
0.04
0.07
0.07

solute drag, as was demonstrated by Militzer et al.28
However, this requires molybdenum to diffuse
sufficiently to the austenite grain boundaries, which
depends on the diffusional range at a given re-heat
temperature and time. For the reheating conditions
in the current manuscript, the diffusional range is
much too small in comparison with grain diameters,
so this effect could be negligible. It should be noted
that industrially practiced re-austenitizing conditions typically use somewhat higher temperatures
and longer times. Niobium microalloying was found
to be very effective in limiting austenite grain
coarsening by boundary pinning under such treatment conditions, having a beneficial effect on
toughness of the quenched steel.29
Final Microstructure and Vickers Hardness
Figure 2 shows an example of the microstructures
obtained by optical and FEGSEM microscopy of the
CMnMoB steel after DQ processing and cooling
rates of 0.1°C/s, 5°C/s, and 50°C/s. The lowest
cooling rate (0.1°C/s) produces a microstructure
that mainly contains ferrite and bainite (see Fig. 2a).
Ferrite formation is suppressed at higher cooling
rates in the case of this particular steel. Second
phases such as MA islands and pearlite are dispersed in the ferrite matrix (Fig. 2d) at a slow
cooling rate, while when an intermediate cooling
rate of 5°C/s is applied, the microstructure becomes
predominantly bainitic (see Fig. 2b and e). From a
cooling rate of 50°C/s the microstructure becomes
fully martensitic (Fig. 2c and f), with this
microstructural evolution generally being similar
among all the steels and cycles applied, albeit with
significant differences regarding the critical cooling
rates required to induce the microstructural
changes observed.
Analysis of the hardness evolution as a function of
the cooling rate (Fig. 3) identifies two plateaus and a
transition range. At low cooling rates, the hardness
is on a low level and only slightly increasing with
the cooling rate, whereas hardness saturates on an
upper plateau at higher cooling rates. The maximum hardness of full martensite with a carbon
content of 0.15% is calculated to be around
465 HV,29 while the upper plateau value
approaches 420 HV, remaining below the calculated
maximum—likely due to self-tempering. In the case
of the Mo-alloyed steels, the plateau values are

CQ
Thickness (lm)
–
37 ± 4
23 ± 2
22 ± 2

Dc (lm)
19
23
25
25

±
±
±
±

1
2
2
2

Sv (lm21)
0.10
0.11
0.10
0.07

lower following the CQ process than after the DQ
process. The CMnMoB steel clearly achieves the
highest hardness at a given cooling rate irrespective
of the process variant, and the critical cooling rates
marking the end of the lower plateau as well as the
onset of the upper plateau are significantly lowered
by alloying of the molybdenum. In the case of
CMnMoB steel cooling rates above 20°C/s, the
formation of a fully martensitic microstructure is
established, and in that of the NbMo grade, lower
hardness values are measured than for Mo steel.
When Nb is added to a Mo microalloyed steel, higher
strain accumulation is achieved in the austenite,
leading to an increase in the ferrite nucleation sites,
which encourages a faster nucleation of the bainitic
laths and increases the critical cooling rate required
to obtain pure martensite. As for the CMnB and
CMnNbB steels, a gradual change from ferritepearlite microstructures to more bainitic ones
causes a slight hardness increment for cooling rates
up to 20°C/s, although rates above 100°C/s are
needed to obtain a fully martensitic microstructure
in the Mo-free steels. In the case of the CMnMoB
steel and cooling rates above 20°C/s, the hardness
remains almost constant (around 420 HV), this
being attributed to the formation of a fully martensitic microstructure. Therefore, the addition of
molybdenum decreases the critical cooling rate in
order to create martensitic microstructures.
From a practical point of view, hardness after
direct or conventional quenching will be lower in
industrial samples due to two factors. First, as final
plate thickness increases the through-thickness
temperature gradients and cooling rate differences
from surface to center will be higher. Second, the
auto-tempering process will be enhanced in thicker
gauges, reducing the hardness levels in quenched
samples towards the centerline areas.
Alloy and Processing Effects on CCT Diagrams
Figure 4 shows CCT diagrams for all the alloys
subject to research and both quenching processes.
The molybdenum alloyed steels reveal a clear shift
of the ferrite phase field towards longer times, and
the bainite phase field is also depressed. It is
important to note that boron microalloying by itself
cannot fully prevent ferrite formation in these steels
at technically realistic cooling rates, as only in
combination with molybdenum alloying can there be
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Fig. 2. Optical (a–c) and FEGSEM (d–f) micrographs of the CMnMoB steel grade after direct quenching.

sufficient suppression of ferrite nucleation. The
major impact of molybdenum alloying on hardenability relies on two effects. Firstly, molybdenum
reduces the nucleation rate of allotriomorphic ferrite somewhat independently of temperature in the
range of diffusional transformations, as demonstrated by Kinsman and Aaronson.30 Secondly, a
major solute drag effect acts on the carbon-rich
interphase boundaries that attract molybdenum,
due to its high binding energy with carbon.

The segregation of solute B atoms at the austenite
grain boundaries also efficiently suppresses the
nucleation of allotriomorphic ferrite, although this
effect is lost when boron forms Fe23(C, B)6 or Fe2B
precipitates.12–14 The formation of such boride
precipitates is encouraged by higher boron addition;
therefore, the optimum boron addition range for
hardenability is particularly narrow, namely 5–15
ppm, and the boron addition of 20 ppm in these
steels already carries the risk of Fe23(C, B)6 precipitation. Recent work by Ishikawa et al.31 has
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Fig. 3. Vickers hardness as a function of cooling rate for (a) direct quenching (DQ) and (b) conventional quenching (CQ) cycles.

indicated that the addition of 20 ppm B to 0.15% CMn steel reduces the critical cooling rate to around
50 °C/s in Mo-free steel under CQ conditions, this
being in line with current data. For its part, the
addition of 0.5% Mo was shown to reduce the critical
cooling rate to below 20 °C/s, which is also congruent with current data, while the hardenability
synergy between the two alloying elements was
noted in the fact that molybdenum additions below
0.75% suppress precipitation of Fe23(C, B)6.31
The formation of carbon-rich phases such as
pearlite and MA particles can only be observed for
the slowest cooling rates in Mo-free steels. For its
part, the diffusion-based partitioning of carbon
required is greatly suppressed by the presence of
molybdenum and, hence, pearlite does not form in
Mo-alloyed steels.
The effect of niobium microalloying on transformation behavior is ambiguous as, on the one hand,
niobium that remains solute in austenite after hot
rolling is known to lower the transformation temperature, encouraging the formation of bainite or
acicular ferrite; on the other hand, accumulated
strain energy related to the recrystallization-inhibiting effect of niobium is a driving force behind
accelerated transformation. In a recent study on the
same steels,22 it was also shown that severe austenite conditioning that triggers dynamic recrystallization results in austenite grain boundaries being
insufficiently protected by segregated boron, while
the addition of molybdenum was found to suppress
dynamic recrystallization.
In the present CCT diagrams it is evident that Nb
microalloying in the DQ process encourages ferrite
formation more than CMnB steel (Fig. 4a versus b).
Similarly, for the CQ cycle, the ferritic formation is
suppressed for lower cooling rates in CMnB steel
than for CMnNbB steel (Fig. 4e versus f). In the
Mo+Nb alloyed steel under DQ processing conditions, early ferrite formation is also completely

suppressed (Fig. 4b versus d), whereas the bainite
start temperature is increased, and the nose is
shifted towards shorter times when compared with
the Mo-only steel (Fig. 4d versus c). The same
comparison under CQ processing conditions indicates that the bainite phase fields are nearly
identical and that only the ferrite phase field is
moved to shorter times (Fig. 4g versus h).
In a previous paper, activation of dynamic recrystallization was reported in the case of CMnNbB
steel,22 with formation of these recrystallized grains
during deformation at low temperatures, leading to
the transformation from austenite to polygonal
ferritic grains in a bainitic matrix. Even if deformation below Tnr is lower in this case, similar
mechanisms could be the source of the effects
observed in the DQ process. The co-addition of
molybdenum successfully suppresses dynamic
recrystallization and thus prevents early ferrite
formation. However, the strain accumulation still
encourages bainite formation, while in the CQ
process strain accumulation is absent. Unlike
molybdenum at the current addition level, niobium
does precipitate during the CQ reheating cycle to
near completeness, while moderately accelerated
ferrite formation in Nb microalloyed steels is potentially caused by co-precipitation of boron with
niobium. For its part, niobium has the capacity to
form NbB2 precipitates which are stable at austenitizing temperature,32 although a detailed analysis
using high-resolution TEM and atom probe tomography would be needed to confirm this assumption.
Effect of Quenching Process on Quenchability
It was evidently demonstrated that the addition
of Mo is crucial for increasing hardenability and
ensuring fully martensitic microstructures after
quenching. Fig. 5 shows the comparison between
the CCT diagrams corresponding to the CMnB and
CMnMoB steels and DQ process. In the case of the
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Fig. 4. CCT diagrams corresponding to (a, e) CMnB, (b, f) CMnNbB, (c, g) CMnMoB and (d, h) CMnNbMoB steels obtained from DQ (a–d) and
CQ (e–i) cycles.
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Fig. 5. Comparison between CCT diagrams corresponding to CMnB
and CMnMoB steels and the direct quenching (DQ) cycle.

CMnB steel, bainitic-martensitic microstructures
are formed, and a fully martensitic microstructure
cannot be ensured even though maximum cooling is
applied. However, in the case of the Mo steel, the
martensitic phase becomes dominant at cooling
rates above 20°C/s. Therefore, at 50°C/s, a significantly harder microstructure is formed in the case
of Mo-alloyed steel compared with CMnB base steel
(467 HV versus 338 HV), this being associated with
the formation of martensite instead of bainite.
During industrial production of thick plates, the
cooling rate in the center of the plate thickness will
be significantly slower than at the surface of the
plate, even though accelerated cooling is applied.
For a typical final plate thickness in the range of
15–20 mm, the cooling rate is expected to vary
between 20°C/s and 50°C/s. Thus, Fig. 6a shows the
effect of chemical composition on the evolution of a
transformed fraction for a cooling rate of 20°C/s in
order to evaluate the feasibility of the different alloy
concepts used in DQ processing. This is supported
by Fig. 6b–e, which shows optical micrographs of
the respective final microstructures.
The highest transformation temperatures are
observed in the CMnB steel. When Nb is added,
the transformation kinetics are initially similar to
that of the CMnB steel, while with progressive
transformation, the rate becomes increasingly
delayed, shifting the microstructure to a higher
fraction of bainite (Fig. 6b versus c). Alloying of
0.5% molybdenum shifts the transformation curve
by approximately 200°C towards lower temperatures. The martensite start temperature for the
current alloys was calculated to be around 440 °C,
with molybdenum alloying having only a marginal
impact.33 Thus, the CMnMoB steel almost completely transforms below the martensite start temperature while nonetheless experiencing some selftempering. For its part, the CMnMoNbB steel
shows a fraction of about 20% transformation in

the bainite region, before martensite transformation starts. This is also reflected in the micrographs
(Fig. 6d versus e), insofar as hardness measurements of these microstructures resulted in values of
227.7 HV, 298.7 HV, 454.7 HV, and 339 HV for the
CMnB, CMnNbB, CMnMoB, and CMnNbMoB
steels, respectively. The value of the fully martensitic CMnMoB steel is thus slightly below the
theoretical maximum hardness of 465 HV of
martensite containing 0.15% C, due to selftempering.
The effect of the quenching process on the transformation start temperatures is evaluated in Fig. 7,
in order to define appropriate processing windows
for full martensite transformation. In this figure,
the effect of the cooling rate on transformation start
temperature is only considered in the case of
intermediate and high cooling rates (above 10°C/s).
In the case of the CMnB grade, a completely
martensitic microstructure is only obtained by the
CQ process and then for cooling rates above 100°C/s.
In CMnNbB steel, martensite formation requires
cooling rates above 50°C/s in the CQ process and
100°C/s in the DQ process. Such high cooling rates
are, however, not obtainable under industrial conditions, especially when heavier plate gauges are
being produced. With the addition of 0.5% Mo, the
critical cooling rate required for full martensite
formation is reduced to much lower values of
between 20 and 30°C/s for both DQ and CQ
processes, with the combined addition of Nb and
Mo suppressing the formation of ferrite for all
cooling rates above 10°C/s (Fig. 7d). With the DQ
process, this alloy encourages partial bainite formation for industrially relevant cooling rates, resulting
in a bainite-martensite mixed microstructure. The
transformation start temperatures observed in
Fig. 7 are in agreement with the Vickers hardness
evolution as a cooling rate function, as shown in
Fig. 3.
CONCLUSION
This study analyzed the phase transformation
behavior of 0.15% C-MnB steels that simulate direct
(DQ) and conventional (CQ) quenching processes, in
the course of which it became evident that boron
microalloying would be insufficient for the purpose
of obtaining a fully martensitic microstructure at
industrially achievable cooling rates.
The addition of 0.5% molybdenum allowed the
critical cooling rate to be reduced to a reasonably
low level, while martensite hardness did not reach
the theoretical maximum hardness of 465 HV due to
self-tempering occurring below the martensite start
temperature of approximately 440 °C in these
alloys.
The excellent hardenability in the 0.5% Moalloyed steel is related to intrinsic effects of molybdenum that reduce the ferrite nucleation rate and
exert major solute drag on the carbon-enriched

Effect of Quenching Strategy and Nb-Mo Additions on Phase Transformations and
Quenchability of High-Strength Boron Steels

Fig. 6. (a) Evolution of transformed fraction for the 20°C/s cooling rate and DQ cycle. Optical micrographs corresponding to (b) CMnB, (c)
CMnNbB, (d) CMnMoB, and (e) CMnNbMoB steels.

interphase area. Furthermore, molybdenum
enhances the efficiency of boron by preventing
partial precipitation into Fe23(B, C)6. Particularly
in the DQ process, molybdenum alloying suppresses
dynamic recrystallization, thus enhancing the probability of boron-depleted new austenite grain
boundaries.
Identical steel alloys are less hardenable under
DQ conditions than under CQ conditions, and this is
due to accumulated strain and a larger total grain
boundary surface of pancaked austenite offering

more nucleation sites for ferrite in the DQ process.
Both effects are further encouraged by niobium
microalloying.
In the CQ process, niobium microalloying moderately encourages ferrite formation, despite equiaxed
austenite morphology and an absence of accumulated strain. It was speculated that niobium could
trap part of the solute boron by co-precipitation,
although this possibility has to be researched in
detail in a future study. NbC precipitates, however,
are considered beneficial in an industrial CQ

Zurutuza, Isasti, Detemple, Schwinn, Mohrbacher, and Uranga

Fig. 7. Effect of cooling rate on transformation start temperature when direct quenching and conventional quenching cycles are applied for (a)
CMnB, (b) CMnNbB, (c) CMnMoB, and (d) CMnNbMoB steels.

process, as these temperature-stable particles may
efficiently control austenite grain size before
quenching by boundary pinning. As such, combined
alloying of niobium with molybdenum provides
sufficient hardenability, particularly in CQ
processes.
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