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RESUMEN 
La selección del material para la primera pared del blanket es uno de los mayores retos en el 

marco de EUROfusion de cara a la construcción del futuro reactor de fusión DEMO. En este reactor, 

un accidente de pérdida de refrigerante (LOCA) con entrada de aire en la vasija de vacío daría 

lugar a un incremento de la temperatura en los componentes de la vasija, alcanzándose 

temperaturas superiores a 1000 °C y hasta casi 1200 °C debido al calor de desintegración. En esta 

situación, el uso de wolframio puro –a día de hoy material candidato para la primera pared de 

DEMO- representa un importante riesgo de seguridad debido a su baja resistencia a la oxidación, 

ya que daría lugar a la liberación de óxidos volátiles y radiactivos a la atmósfera. 

Una posible solución para mitigar este problema es la adición de elementos aleantes que en 

presencia de oxígeno a altas temperaturas difundan hacia la superficie de manera que formen una 

capa adherente y estable, impidiendo la oxidación del wolframio. En condiciones de operación 

normal, estos elementos aleantes serán erosionados preferentemente por sputtering por partículas 

procedentes del plasma de fusión, dando lugar a una capa de wolframio puro expuesta al plasma.  

Inicialmente, estas aleaciones se desarrollaron en forma de películas delgadas de los sistemas 

W-Cr-Si, W-Cr-Ti y W-Cr-Y en el Instituto Max-Planck de Física del Plasma (IPP), Garching, 
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Alemania, mediante sputtering de magnetrón. Estas aleaciones de W mostraron una reducción de 

la tasa de oxidación de varios órdenes de magnitud en comparación con el wolframio puro, debido 

a la formación de una capa protectora estable de Cr2O3 cuando se exponían al aire a 1000 °C. A 

pesar de que estas películas delgadas no se pueden emplear para la primera pared del blanket de 

DEMO debido a que se requieren espesores de varios mm, sirvieron como modelo para la 

fabricación de material denso por la ruta pulvimetalúrgica. Trabajos anteriores han demostrado el 

buen comportamiento a la oxidación de la aleación W-10Cr-0.5Y fabricada mediante aleación 

mecánica (MA) y posterior prensado isostático en caliente (HIP). Además, varios autores han 

demostrado la mejora de las propiedades mecánicas del wolframio puro mediante la adición de Zr 

o ZrC.  

En la presente tesis, se han estudiado las aleaciones de W-Cr-Y(-Zr) fabricadas por MA y HIP y 

se han sometido a las condiciones de operación esperadas en DEMO. Tras HIP, las aleaciones 

mostraron una microestructura bifásica, ya que el sistema W-Cr tiene un gap de miscibilidad por 

debajo de 1680 °C. La aplicación de un tratamiento térmico a una temperatura superior a dicho 

gap permitió obtener un material denso formado por una única fase metaestable, que se mantuvo 

estable durante largos periodos de tiempo a la temperatura máxima de funcionamiento prevista. 

La adición de Zr al sistema W-Cr-Y dio lugar a una mejora de la resistencia al choque térmico, 

manteniendo una resistencia a la oxidación y unas propiedades termomecánicas similares. La 

aleación W-10Cr-0.5Y tratada térmicamente se expuso a una irradiación de neutrones de 0,19 a 

0,26 dpa a temperaturas de 600, 800 y 1000 °C, tras lo cual se registró un aumento de la resistencia 

a la fractura en todas las condiciones de irradiación. Este aumento fue especialmente relevante tras 

la irradiación a 1000 °C, donde se alcanzó un valor de 1,7 GPa, siendo aproximadamente 3 veces 

superior al del material no irradiado. Se cree que este importante aumento de la resistencia tras la 

irradiación a 1000 °C está asociado principalmente a la descomposición en solución sólida de la 

fase única metaestable inicial, dando lugar a una microestructura bifásica de grano ultrafino y 

forma vermicular. La aleación W-10Cr-0.5Y tras HIP también ha sido expuesta a la irradiación de 

iones de W para producir daño y posteriormente ha sido implantada con deuterio a temperaturas 

de hasta 250 °C. La cantidad de deuterio retenido tras la implantación a 250 °C fue 1/3 inferior a la 

del wolframio puro, siendo la presencia de Cr la responsable de esta reducción. En cuanto a los 

aspectos tecnológicos, se han producido uniones entre la aleación W-10Cr-0.5Y y el acero P91 

mediante unión por difusión vía HIP, dando como resultado una elevada resistencia al 

cizallamiento de 354 MPa, comparable a la obtenida mediante la soldadura de esta aleación con 

Eurofer. Estos valores de resistencia se encuentran entre los más altos encontrados en la literatura 

para la unión de wolframio puro con acero. 
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ABSTRACT 
The selection of the material for the blanket first wall (FW) is one of the crucial aspects to 

overcome in the framework of the EUROfusion program towards DEMO. In this reactor, a loss-of-

coolant accident (LOCA) with simultaneous air ingress into the vacuum vessel would lead to 

temperatures of the in-vessel components above 1000 °C up to almost 1200 °C due to the decay 

heat. Under such a scenario, the use of pure tungsten, which is currently the main candidate, 

represents a potential safety risk because of its poor oxidation resistance that may result in a full 

oxidation of the armor layer. Such tungsten oxides, which are volatile at the involved temperature 

and radioactive after exposure of the FW to the fusion plasma, would be partially released to the 

atmosphere. 

A possible way to mitigate this important safety issue is the addition of oxide-forming alloying 

elements to pure tungsten, since in case of LOCA with simultaneous air ingress, the alloying 

elements will diffuse to the surface forming an adherent and stable protective scale, preventing 

further tungsten oxidation. Under normal operation conditions, these alloying elements would be 

eroded preferentially by sputtering from the fusion plasma, resulting in a pure tungsten layer 

exposed to the plasma.  
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Initially, thin films alloys of the systems W-Cr-Si, W-Cr-Ti and W-Cr-Y were developed at the 

Max-Planck-Institute for Plasma Physics (IPP) Garching, Germany, by means of magnetron 

sputtering. These W-alloys exhibited a reduction of the oxidation rate of several orders of 

magnitude compared to pure tungsten due to the formation of a stable Cr2O3 protective scale when 

exposed to air at 1000 °C. Although these thin films are not applicable because thicknesses of 

several mm are required for the blanket FW of DEMO, they served as model systems for the 

manufacturing of bulk materials by powder metallurgy. Previous work have shown the good 

oxidation behavior of the W-10Cr-0.5Y alloy manufactured by mechanical alloying (MA) and 

subsequent hot isostatic pressing (HIP). Besides, several authors demonstrated the improvement 

of the mechanical properties of pure tungsten by the addition of Zr or ZrC.  

In the present dissertation, W-Cr-Y(-Zr) alloys manufactured by MA and HIP have been studied 

and tested under relevant DEMO operating conditions. After HIPing, the alloys exhibited a two-

phase microstructure since the W-Cr system has a miscibility gap below 1680 °C. The application 

of a heat treatment at a temperature above the miscibility gap enabled to obtain a dense material 

formed by a single metastable phase, which remained stable for long periods of time under the 

maximum expected operating temperature. The addition of Zr to the W-Cr-Y system resulted in 

an improvement of thermal shock resistance while maintaining similar oxidation resistance and 

thermo-mechanical properties. The heat-treated W-10Cr-0.5Y alloy has been exposed to 0.19 to 

0.26 dpa neutron irradiation at 600, 800 and 1000 °C, after which an increase of fracture strength 

was recorded under all irradiation conditions. This increase was especially relevant after 

irradiation at 1000°C, where a value of 1.7 GPa was achieved, being a factor of about 3 higher than 

the one of the non-irradiated material. This significant increase in strength after 1000 °C irradiation 

is thought to be mainly associated to the solid-solution decomposition of the initial metastable 

single phase, resulting in an ultrafine-grained, vermicular shaped, two-phase microstructure. The 

as-HIPed W-10Cr-0.5Y alloy has been also exposed to W ion irradiation for producing damage and 

subsequently deuterium implanted at temperatures up to 250 °C. The amount of retained 

deuterium after implantation at 250 °C was 1/3 lower than that of pure tungsten, being the presence 

of Cr responsible for this reduction. Regarding technological aspects, joints between W-10Cr-0.5Y-

alloy and P91 steel have been produced using diffusion bonding by HIP, resulting in a high shear 

strength of 354 MPa, comparable to the one obtained by brazing this alloy to Eurofer. These 

strength values are among the highest found in the literature for joining pure tungsten to steel.   
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1. Introduction

Nuclear fusion is the leading candidate to become the energy of the future because of the 

almost unlimited availability of its fuels without emission of greenhouse gases and safety of 

operation with the absence of long-lived radioactive waste. The scientific feasibility of this 

technology has been tested in small fusion reactors on a laboratory scale while the technological 

viability of nuclear fusion is going to be proved in ITER (International Thermonuclear Experimental 

Reactor), currently under construction in the south of France. ITER is one of the most ambitious 

projects in the world involving 35 countries, with the first plasma scheduled for 2025 and a planned 

operation of 20 years, during which net fusion power for relevant periods of time will be produced 

for the first time. After ITER, the next step in the EU fusion roadmap will be DEMO (Demonstration 

power plant), representing the last scientific step before the construction of a commercial fusion 

power plant.  

Demonstrating the feasibility of power generation by nuclear fusion involves operating under 

severe conditions in both ITER and DEMO, especially in the latter. For this reason, the components 
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in direct contact with the plasma, the so-called plasma facing components (PFCs), including 

divertor and the blanket first wall (FW), will be the most critical ones as they will be subjected to a 

high heat and particle flux from the plasma as well as to a high neutron flux.  

Currently, tungsten is considered as the prime candidate armor material for PFCs due to its 

excellent thermo-mechanical properties including high melting point and low vapor pressure, low 

tritium retention, high strength at elevated temperatures, low erosion yield under hydrogen 

isotope bombardment, high thermal conductivity and moderate activation under neutron 

irradiation. However, an important drawback of tungsten is its poor oxidation resistance resulting 

in fast oxidation at temperatures above 500 °C and significant oxide sublimation above 900 °C. 

Under normal operation conditions, the poor oxidation resistance of tungsten is not of concern. 

Nevertheless, the use of pure tungsten represents a potential safety risk in case of a loss-of-coolant 

accident (LOCA) with simultaneous air ingress into the vacuum vessel. In such a situation, a 

temperature increase up to 1000°C to almost 1200 °C, depending on the reactor design, is expected 

in the in-vessel components due to the decay heat, remaining at high temperature for a view days 

to several months. Under such a scenario, the tungsten FW, which after plasma operation will be 

activated by neutron irradiation, will oxidize in presence of air, causing the formation of volatile 

and radioactive WO3 with the potential release of significant amounts of highly activated species 

to the atmosphere.  

The need to avoid this important safety issue has led to the development of self-passivating 

W-based alloys. The basic idea of such alloys consists in the addition to pure tungsten of oxide-

forming alloying elements, which in case of a LOCA with simultaneous air ingress results in the 

growth of an adherent and stable protective oxide layer preventing tungsten from further 

oxidation. During normal operation, the surface of these W-based alloys will consist of pure 

tungsten due to preferential sputtering of the alloying elements by hydrogen isotopes coming from 

the fusion plasma. In this way, it is possible to take advantage of the main benefits of tungsten 

without its oxidation behavior representing a risk in case of accident. In addition to the formation 

of stable oxides, alloying elements have to exhibit high melting point, low vapor pressure, low 

volume increase of the oxide and low activation by neutron irradiation. For the latter reason, 

elements forming stables oxides like Al, Nb or Ni are not permitted.  

Initially, self-passivating W-alloys for fusion application were manufactured by magnetron 

sputtering as thin films alloys of the W-Cr-Si, W-Cr-Ti and W-Cr-Y systems, exhibiting a reduction 

of the oxidation rate in air under isothermal conditions up to 1000 °C of several orders of 

magnitude compared to pure tungsten due to the formation of a stable Cr2O3 protective layer. 

These studies not only demonstrated the beneficial effect of Cr as a main passivating agent for 

tungsten but also showed the need for a third active element to stabilize the passivating scale. 

These thin-film alloys served as model systems for the manufacturing of bulk materials by powder 

metallurgy, since for the DEMO FW armor, thicknesses of several mm are required, preventing the 

use of thin films. 

In previous works, it has been shown that bulk alloys of the system W-Cr-Y, manufactured by 

mechanical alloying (MA) and subsequent hot isostatic pressing (HIP) result in the strongest 

oxidation rate reduction of all previously developed alloys, with the optimal composition being 

W-10Cr-0.5Y. Prior and in parallel to this activity, several authors demonstrated the beneficial 
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effect of the addition of Zr or ZrC to pure tungsten, resulting in a significant improvement of 

mechanical properties.  

Considering the above mentioned results, in the present thesis Zr-containing W-Cr-(Y) alloys 

have been developed while, in parallel, the study of W-Cr-Y alloys have been continued, focusing 

on more technological aspects. Since the material has been designed for application mainly at the 

blanket FW of DEMO, it will have to withstand the same conditions and thus, it must present a 

high resistance to thermal fatigue at the loads expected at the FW, high thermal-shock resistance 

under off-normal events at the FW such as ELMs or disruptions, an acceptable behavior under 

neutron irradiation as well as low hydrogen retention, among others. Along with these properties 

and according to the design of the blanket FW, which is based on a view mm tungsten or W-alloy 

layer supported by a reduced activation ferritic-martensitic (RAFM) steel like Eurofer, methods to 

join both materials have to be developed. 

The above aspects have been addressed in the present thesis, which has been carried out in the 

frame of the EUROfusion Consortium, receiving funding from the EURATOM H2020 research and 

training programme 2014-2018 and 2019-2020 as well as under its continuation, Horizon Europe 

framework programme 2021-2027. The main objectives of this work are summarized in the 

following points: 

- Objective 1: Study of the thermo-physical and thermo-mechanical properties of the 

W-Cr(-Y)-Zr system as well as of its oxidation behavior and thermal-shock resistance.  
 

- Objective 2: Optimization of the heat treatment of W-Cr-Y alloys to obtain a metastable 

single-phase material with the aim of reducing the stresses induced by the presence of 

a second phase, thus improving the thermal shock-resistance.  
 

- Objective 3: Assessment of the thermal stability of the metastable single-phase 

obtained after the heat treatment at the operating conditions expected in DEMO. 
 

- Objective 4:  Study of the W-Cr-Y system under DEMO relevant conditions: fatigue 

and thermal shock resistance, hydrogen retention as well as investigation of the effect 

of neutron irradiation on microstructural and mechanical properties. 
 

- Objective 5: Technological development: joining of the W-Cr-Y alloy to RAFM steel by 

diffusion bonding via HIP together with the up-scaling of the W-Cr-Y powder 

fabrication by MA at an industrial level. 
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2.Literature Review 

This chapter provides a literature review addressing relevant aspects of the main topics 

discussed within this dissertation to obtain an overview of the subject studied.  

The first section presents the existing energy demand issues and the advantages of nuclear 

fusion as an energy source as well as its physical principles. In addition, the current state of nuclear 

fusion technology leading up to the construction of DEMO (DEMOnstration power plant) is 

shown.  

The extreme conditions to which the material chosen for the first wall (FW) will be subjected, 

with tungsten being the best suited material, are presented in the second section. The third section 

shows the main drawbacks of pure W and why W-alloys are proposed as an alternative to date.  

Finally, the last sections are dedicated to the different existing technologies for joining the FW 

material to the structural steel and to powder manufacturing at industrial level. 
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2.1.  Nuclear Fusion 
One of the crucial issues that need to be solved to assure the well-being of the future generations 

is how to overcome the increasing demand for energy, which is expected to raise dramatically by 

the end of the century due to aspects like the population growth or the expanded access to energy 

in the developing countries [1]. Heavy dependence on the traditional fossil fuels, which account 

for 80% of the global energy consumption, has contributed to higher levels of atmospheric 

pollution, aggravating the issue of climate change and thus, the environmental crisis [2] . For this 

reason, an alternative large-scale, sustainable, and clean form of energy is necessary. On the one 

hand, renewable energies would be a good option were it not for their low efficiency, as the amount 

required for the industry cannot be supplied by them to date. On the other hand, nuclear fission 

could provide energy at sufficient scale but radioactive waste must be safely stored for thousands 

of years. For these reasons and because it can offer a high efficiency and safety of operation with 

absence of long-lived radioactive waste, nuclear fusion is the most attractive energy source having 

the possibility to become the energy of the future.  

2.1.1. Principles of Nuclear Fusion  
Nuclear energy is associated with bonds between protons and neutrons of nucleus. This energy 

can be only release if the nucleus moves into a more stable configuration. In fission, where heavy 

atoms as uranium are used, this release is obtained by breaking the nucleus into smaller fragments 

by neutron bombardment. Nuclear fusion, however, involves fusing two light atoms into a heavier 

one whose mass is less than the addition of the previous elements [3]. The difference in mass results 

in large amounts of energy, which can be calculated by the Einstein relationship: 

𝐸 =  ∆𝑚 𝑐2 (2.1) 

being E the energy, ∆m the mass difference between the product and the reactants and c the 

speed of light.  

Achieving nuclear fusion reaction is not an easy process since at least two nuclei must be 

approached to each other at a distance comparable to their size. Charges of the same polarity, in 

this case protons, repel each other due to the Coulomb barrier, which push the nuclei apart. Hence, 

if enough energy is provided to overcome this barrier, both nuclei will be very close and attractive 

nuclear force become effective, fusing them together. The required conditions for these processes 

to take place are found throughout the universe. For instance, fusion reactions are known to be 

driven by the Sun, where there is an immerse mass subjected to gravitational force and high 

temperatures. However, the reactions taking place in the Sun cannot be used on the Earth since 

they involve a beta-decay, which has a low probability to occur, resulting in a too low efficiency 

on Earth. Several fusion reactions to be used for producing fusion energy on the Earth involving 

hydrogen or hydrogen isotopes have been found. These reactions [3], [4] are shown below. 

𝐻1
1 +  𝐻1

1 → 𝐷 + 𝑒 + 0.42 𝑀𝑒𝑉 

𝐷 + 𝐷 → 𝑇 (1.0 𝑀𝑒𝑉) + 𝑝 (3.0 𝑀𝑒𝑉) 

𝐷 + 𝐷 → 𝐻𝑒2
3   (0.8 𝑀𝑒𝑉) + 𝑛 (2.45 𝑀𝑒𝑉) 

𝐷 + 𝐻𝑒2
3 → 𝐻𝑒2

4  (3.7 𝑀𝑒𝑉) + 𝑝 (14.7 𝑀𝑒𝑉) 

𝐷 + 𝑇 → 𝐻𝑒2
4  (3.5 𝑀𝑒𝑉) + 𝑛 (14.1 𝑀𝑒𝑉) 
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where D represents deuterium, which has one additional neutron over normal hydrogen and T 

refers to tritium, the hydrogen isotopes with two neutrons. Furthermore, the values in brackets 

indicate the kinetic energy that the resulting particles receive from the reaction. 

As can be observed, there are several combinations of nuclei that can fuse to generate energy. 

However, the most favorable are those than can occur easily. The probability of a nuclear reaction 

to take place is measured by the cross-section or reaction rate (effective cross-section per particle 

velocity). The reaction rate as a function of the energy (expressed as temperature) needed to fuse 

the nuclei for the previous reactions is presented in Figure 2. 1.  

 
Figure 2. 1. Reaction rate vs temperature for hydrogen isotopes [5]. 

 

The first reaction (H + H) is not depicted in the figure because its reaction rate is extremely slow 

since, even at the pressure in the center of sun, it could take billions of years. Regarding the other 

reactions, the most promising one is the reaction involving deuterium and tritium, producing 

helium, neutrons and 17.6 MeV, since it exhibits the fastest reaction rate and required the lowest 

temperature of the involved nuclei. Although this reaction needs lower temperature than other to 

take place, temperatures around 150-200 million degrees Celsius are required, i.e. 10 - 15 times 

larger than the temperature in the core of the Sun [6]. At this temperature, the mixture of deuterium 

and tritium is not anymore an electrically neutral gas, but a plasma composed of charged nuclei 

and electrons. 

 
Figure 2. 2. Deuterium-Tritium fusion reactor [7]. 
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As mentioned above, to accomplish this reaction in a power plant implies the use of deuterium 

and tritium as main fuels. Deuterium is present naturally in water and is therefore plentiful 

available. However, tritium is a radioactive isotope with a half-life of 12.3 years, which makes it 

presence on the Earth negligible and thus, expensive to be produced. The best way to provide 

tritium in a sustainable way is to produce it through the reactor operation itself. This can be 

achieved if the reactor design considers the need for a lithium source, since this would cause a 

reaction between the neutron produced in the reactor and that source of lithium as shown in 

equation 2.2 [8].  

n + 6Li → 4He (2.05 MeV) + T (2.73 MeV) (2.2) 
 

Therefore, the real fuels for the fusion reaction are deuterium and lithium, while tritium is an 

intermediate product burned. A major advantage is that both raw elements are readily available 

in nature. The overall reaction is schemed in Figure 2. 3.  

 
Figure 2. 3. Global fusion reaction [6]. 

 

The reaction described above is aimed at producing energy which will be transformed into 

electricity. For this purpose, all previous theoretical concepts are integrated into the design of a 

fusion power plant, depicted in Figure 2. 4. 

 
Figure 2. 4. Scheme of the material flows through a fusion power plant [6]. 
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Fusion reaction between deuterium and tritium occurs in a vacuum chamber, generating 

helium together with high energy neutrons. The helium deposits its energy in the plasma and 

afterwards it is collected as a byproduct, while neutrons are decelerated by its collision with a 

dense fluid inside the so-called blanket. In this part of the reactor, which is the first layer 

surrounding the vacuum vessel, two key processes take place. The first one is the production of 

tritium to self-sustain the fusion reaction, since the necessary lithium source is contained in this 

zone. For this reason, the blanket is also named breeding blanket. The second one is the 

transformation of the neutron flux energy produced during the fusion reaction into thermal 

energy. The neutron flux is decelerated by its collision with a fluid, so that its kinetic energy is 

transferred to the fluid, warming it up. This heat or thermal energy will drive a steam turbine 

coupled to an electric generator, producing electricity. 

2.1.2.  Plasma Confinement 
From the above, one of the challenges in fusion is the heating of the fuels to 150 – 200 million 

degrees Celsius as this is not only an extremely high temperature but also the atoms of fuel are 

stripped of all their electrons, giving rise to completely ionized nuclei and thus, to a plasma, as 

mentioned above. Consequently, as the temperature of the plasma is very high (i.e. the energy of 

the involved ions is very high), the vessel has to be protected against ion irradiation from the 

plasma to prevent the vessel wall from being sputtered, reducing its thickness and thus, its service 

life very fast. Hence, methods to confine the plasma to avoid contact with the first wall must be 

explored.  

To achieve the plasma confinement, i.e. force all of the charged particles to move within a 

specific region, two different approaches were primarily considered: inertial and magnetic 

confinement. The first one involves heating a solid fuel pellet with a laser or particle beam, which 

causes the ablation of the surface pellet resulting in a rapid compression, reaching enough 

temperature for fusion reactions to take place. Therefore, the four steps necessary for the nuclear 

fusion reaction to occur in an inertial-confinement are shown in Figure 2. 5 [9]. 

 
Figure 2. 5. Scheme of inertial confinement stages [10]. 

 

However, magnetic confinement is the approach most supported by the scientific community. 

It consists of subjecting the plasma to strong magnetic fields, which generates Lorentz forces, 

causing the hot charged particles to follow a fix trajectory and thus, steering these particles away 

from the walls of the vacuum vessel [11]. In advanced magnetic confinement devices, the magnet 

fields will be generated by means of superconducting coils.  
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Focusing on magnetic confinement, the most promising geometrical configuration for the vessel 

is a torus shaped. The toroidal vessel is surrounded by a set of coils, generating a toroidal magnetic 

field which interacts with the charged plasma particles moving in spiral path along the magnetic 

field lines and confining them, avoiding their contact with the vessel wall. However, due to the 

toroidal geometry, there is a gradient of magnetic field towards the inner radius, giving rise to 

charge separation to the top of bottom of positive and negative charges and thus, to an unstable 

configuration. To overcome this issue, a helical magnetic field lines configuration must be 

produced. To date, two different devices have been developed for this purpose: tokamaks and 

stellarators. Both of them will be shortly described below. 

2.1.2.1.  Tokamaks  
Tokamaks were initially developed in the Soviet Union. Therefore, the name is a Russian 

acronym meaning toroidal chamber with axial magnetic field.  

The formation of helical magnetic fields in a tokamak is based on the so-called transformer 

effect. In a standard transformer, primary and secondary windings are magnetically coupled by a 

magnetic material, so that a time variation of the current in the primary winding induces an 

electromotive force and current in the secondary winding. In a tokamak, schematized in Figure 2. 

6, the primary winding is the central solenoid, which consists of a set of coils, while the plasma 

itself is the secondary winding.  

 
Figure 2. 6. Main components of a tokamak [8]. 

 

Therefore, a current flowing through the solenoid produces a variable magnetic field, inducing 

a large current in the plasma and thus, generating a magnetic field in the poloidal direction of the 

plasma. The combination of both poloidal and toroidal magnetic field results in a helical magnetic 

field, which, as mentioned above, is a stable magnetic configuration to confine the plasma. It is 

important to note that this kind of confinement is inherently pulsed, since a time variation of the 

current is required to sustain the plasma current [4], [11].  

Over the last 70 years, fusion research has focused primarily on tokamaks because of their 

relative simplicity of design and the fact that they provide a good particle confinement. However, 

as mentioned above, it is not possible to operate a tokamak in a steady state. Due to this fact, the 

stellarator concept, which has also been investigated at the same time as tokamak but at a much 

slower pace, could comeback. 
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2.1.2.2.  Stellarators 
Stellarators, like tokamaks, are devices where a helical magnetic field is generated for confining 

the plasma in a stable way. However, stellarators differ from tokamaks in how this magnetic field 

is produced. While a tokamak uses the transformer effect, in stellarators the helical magnetic field 

is directly produced by the use of non-axisymmetric coils. In this way, stellarators do not present 

a solenoid so that no current is induced into the plasma, i.e. this configuration is inherently a 

plasma-current free and thus, it is able to operate in a steady state regime, avoiding also plasma 

current associated instabilities, which can seriously damage the plasma-facing materials. The main 

drawback of the stellarator is the high complexity of the three-dimensional geometry of the 

magnetic coil, as can be observed in Figure 2. 7. [8], [12] 

 
Figure 2. 7. Geometry of complex coil to confine the plasma in stellarator devices [4]. 

 

2.1.3.  Current status of fusion technology 
Since the mid-20th century, nuclear fusion has been investigated in many countries around the 

world. In this section, the state of the most important fusion developments in Europe, Asia and 

United States is briefly described.  

2.1.3.1.  Europe: ITER and DEMO 
The International Thermonuclear Experimental Reactor (ITER) is one of the largest research 

projects in the world, which has evolved over decades since 1986 with the collaboration of the 

European Union, China, Japan, India, South Korea, Unites States, Russia and India. 

This reactor, which is currently under construction in Cadarache (France), will become the 

largest tokamak in the world as it will exceed the dimension of JT-60SA (Japanese Torus), the 

largest tokamak today since its completion in 2020, overtaking JET as world largest tokamak 

during many decades. A comparison of both reactors, showing the difference in size, is presented 

in Figure 2. 8. 

 
Figure 2. 8. Comparison betweeen the largest reactors: JT-60SA and ITER [13]. 
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The industrial implementation of nuclear fusion as an energy source will depend on the results 

obtained in ITER since its main goal is to demonstrate the technological feasibility of fusion on 

Earth. For that purpose, the production of 500 MW using a D-T plasma with 50 MW of input power 

is sought, i.e. a fusion gain (Q) of 10 [14]. Until recently, JET held the world record for the 

production of fusion power using a deuterium-tritium mixture with a record value of about 

16 MW lasting for a fraction of a second [9]. Very recently, a new world record energy production 

of 59 MJ during a five-second experiment (averaged around 11 MW) has been achieved in JET, 

with a much longer sustained energy production time [15], although JET has not beat the record 

previously set in terms of power. 

The primary aim of ITER will be achieved in three different stages. As an initial step, schedule 

up to 2030, the first plasma operation (planned for 2025-2026) as well as the detail reviewed of 

technical feasibility, safety features and life cycle of the components, will be carried out in order to 

complete DEMO conceptual design. In the second period from 2030-2040, the achievement of a 

burning plasma, i.e. the demonstration of the production of high fusion gain (Q = 10) will be 

performed. Simultaneously, the engineering design of DEMO will be developed. Finally, an 

optimization of ITER components as well as a plasma produced by tritium breeding will be carried 

out from the 2040 onwards. Although ITER will not present a proper blanket (tritium breeding 

zone), the tritium production by operation of nuclear fusion reactor will be studied by testing 

several breeding blanket modules, which have been proposed under the Test Blanket Module 

(TBM) Programme. Specifically, two different designs have been chosen for the ITER TBM 

depending on the coolant and the material used as breeder and neutron multiplier. The first one 

named WCLL (Water Cooled Lithium Lead) employs water as coolant and PbLi as breeder, while 

the second one called HCPB (Helium Cooled Pebble Bed) uses helium as coolant and Li-rich 

ceramic pebbles to breed the tritium. In this way, a combination of both high temperature/ high 

pressure coolants (helium and water) as well as different breeder and neutron multiplier materials 

(PbLi, ceramics/Be) can be tested.  

The next step beyond ITER is the construction of a demonstration power plant (DEMO), which 

will be the previous step for a commercial fusion power plant. The main difference with ITER lies 

in carrying on the complete development to transform fusion energy into electricity. Therefore, in 

this reactor, not only the technologies required for plasma control, but also the safe generation of 

electricity must be demonstrated. However, the DEMO design has not been officially selected and 

detailed operational conditions are not yet ready [16].  

The three main objectives of DEMO are the generation of 300 – 500 MW net electricity to the 

network (fusion power of around 2000 MW), the production of tritium in a self-sustained way, and 

the protection of the divertor 1 . For that purpose, several challenges must be achieved since, 

although ITER will provide abundant information, some technological issues must be solved 

before the final selection for the DEMO design. The selection of a suitable breeding blanket, the 

divertor design or even the choice of the first wall configuration as well as its integration into the 

 
1 The divertor is a target chamber with a magnetic field configuration designed to divert inpurities and He ash 
towards this chamber to be pumped away. The divertor magnetic field configuration affects the edge of the plasma 
confinement region. 
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blanket, apart from the development of suitable high-heat flux and structural materials, are some 

of those R&D issues [14], [17].  

A comparison between the main parameters of ITER and DEMO is shown in Table 2. 1, where 

it can be seen that the fusion power obtained in DEMO is four times greater than in ITER, implying 

a fusion gain of Q = 25. On the other hand, Figure 2. 9 shows the size difference between both 

reactors. 

Table 2. 1. Main features of ITER and DEMO [18]. 

 ITER  DEMO 

Plasma Radius (m) 6.2 9.1 

Plasma Volume (m3) 831 2502 

Energy Gain Factor (Q) 10 25 

 Fusion Output Power (MW) 500 2037 

 

 
Figure 2. 9. Size comparison of ITER and DEMO [19], [20]. 

 

2.1.3.2.  Asia: Fusion in China, Japan, India and republic of Korea 
Alongside ITER, there are many countries developing their own fusion research programs. The 

most important ones are briefly discussed in this section.  

In addition to taking part in the ITER program, China has developed its own devices. The most 

recent one has been EAST (Experimental Advanced Superconducting Tokamak), which stands out 

for its superconducting coils. Although this tokamak does not use D-T as fuels, long-pulses have 

been achieved without instabilities [21], [22]. Considering the data obtained together with the 

information provided by ITER, the construction of the CFETR (China Fusion Engineering Test 

Reactor) is scheduled to the 2020s. This reactor will serve as a bridge between ITER and DEMO 

[17]. 

On the other hand, Japan has finished the construction of JT-60SA (Japan Torus-60 Super 

Advanced), which is currently the biggest tokamak in the world. This device has been developed 

from the previous JT-60U (being U for upgrade), which has been fitted with superconducting coils, 

allowing it to operate in more advanced plasma modes and long pulses. The construction of this 

tokamak was been carried out within the framework of a partnership between Europe and Japan 
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call Broader Approach in order to assess the needs of the fusion community. Specifically, its 

operation will be performed in two different stages. The first one is aimed at preparing and 

supporting the assembly of preliminary ITER operation, including the first plasma operation in 

order to mitigate risk in ITER, while the second one will focus on the optimization of steady-state 

operation using advanced plasma modes [23], [24]. The next step in Japan is the construction of a 

Japanese demonstration reactor, called JA DEMO, which is planned to start around 2035 [17]. 

Alternative projects involving conceptual designs of DEMO are also being performed in other 

countries such as India or Republic of Korea. The assembly of a reactor in India, called SST-2, is 

planned for 2027, where the components and concepts of a future DEMO will be evaluated. Once 

the feasibility has been assessed, the construction of a DEMO will be carried out around 2037. The 

K-DEMO (Korean reactor), which will be built to develop and test components, is scheduled to be 

assembled around the same time. Besides, it is expected to start generating electricity in 2050 [17]. 

2.1.3.3.  Fusion in USA 
For decades, USA have been linked to the development of nuclear fusion, since as early as 1976 

its roadmap already identified the need to move technologically towards electricity production 

using nuclear fusion energy [25]. Since then, fusion energy has been investigated in small-scale 

reactors such as DIII-D. In addition, US is taking part in the ITER development. The most important 

challenge for the US, however, arose from 2010 onwards, as it had to proceed, in parallel to ITER, 

to the construction of Fusion Nuclear Science Facility (FNSF), which is considered the first stage of 

the two-steps (the second one is DEMO) pathway from ITER to commercial power plants [26].  

2.2.  First Wall of DEMO 
As mentioned in the previous section, the design of DEMO has not yet been defined since data 

to be obtained from ITER are needed. However, what it is well known is that DEMO components 

will be subjected to intensive high particle flux, high plasma irradiation and unprecedented heat 

loads that will exceed those expected in ITER by several orders of magnitude [27]. These 

components, which will be exposed to these extreme conditions, are called Plasma Facing 

Components (PFCs), and, as the name suggests, are in direct contact with the plasma. In particular, 

divertor and blanket FW are the actual PFCs as can be seen in Figure 2. 10. 

 
Figure 2. 10. Cross section of the torus tokamak showing the main PFCs (adapted from [28]). 
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Although the concept development of both components represents physical and technological 

challenges, the present thesis will be focused on the development and study of a material for 

blanket FW application.  

As the FW is the physical barrier between the plasma and the blanket, the conditions to which 

it will be subjected will depend, in addition to the extreme conditions mentioned above, on the 

cooling of the blanket. However, while there remains uncertainty as to operation conditions, it is 

crucial to understand the plasma material interactions  in order to select and optimize the lifetime 

of the materials exposed to the plasma under both normal and transient operation [27]. The most 

important phenomena are sputtering, hydrogen retention, neutron irradiation and high heat 

fluxes, each of them being briefly described below. 

Sputtering and erosion in fusion terminology involves the bombardment of the FW by the 

impact of deuterium, tritium and helium as well as energetic neutrons on it, having escaped from 

the magnetic confinement of the plasma. Once these particles (ions or neutrals) impinge on the 

vessel wall, two processes can occur. On the one hand, they can be backscattered and returned to 

the plasma, or they can be implanted into the FW material, leading to the ejection of their own 

atoms as impurities which are incorporated in the plasma. 

The sputtering phenomenon is strongly dependent on the surface binding energy (heat of 

sublimation) of the FW material, which is correlated with a threshold energy, since the energy of 

the incident particle when striking a surface atom after one or more collision with the target atoms, 

must be larger than the surface binding energy of the target material for sputtering to occur [29], 

[30]. Besides, the threshold energy depends on the atomic masses of target and projectile. In 

particular, materials with low atomic number exhibit a low threshold energy for sputtering by 

hydrogen isotopes, while materials with high atomic number present high threshold energies for 

sputtering by low mass projectiles. Therefore, the higher the atomic number of a material, the 

larger the threshold energy for deuterium/tritium/helium sputtering and the more difficult will be 

to pull up its atoms. Figure 2. 11 shows the sputtering yield (number of atoms ejected from the 

target material per incident particle) for deuterium bombardment on W (high Z) and Be (low Z) as 

a function of the deuterium energy. 

 
Figure 2. 11. Sputtering yield for deuterium impinging on W and Be. The threshold energy is the value 

where the curves would intersect the X-axis (adapted from [31]) . 
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On the other hand, a control of the back-sputtered particles into the plasma is mandatory since 

high Z materials cause radiative losses from electron transitions, resulting in cooling of the plasma 

and thus, hindering the fusion reactions. On the contrary, low Z materials minimize this kind of 

losses. In addition, sputtering also depends on the mass ratio between the target (vessel material) 

and the incident particles (plasma particles). Based on the above three variables influencing 

sputtering, it can be observed that this phenomenon is very sensitive to the atomic number of the 

FW material. Considering the aforementioned, a material with a high threshold energy for 

hydrogen sputtering should be selected to reduce sputtering as much as possible while avoiding 

the conditions for a too high self-sputtering (sputtering by the same atoms as the target). [32], [33].  

Hydrogen retention refers to the hydrogen isotopes remaining in the FW material after 

exposure to the plasma. Understanding and controlling this process is particularly important when 

dealing with tritium, since, being a radioactive element, the retention of large quantities of this 

element represents a potentially safety concern. In addition, excessive loss of these isotopes 

compromises the tritium breeding ratio at the blanket [34], [35]. The most influential parameters 

on hydrogen retention are the incident flux and the FW material properties, especially the 

temperature to which it will be subjected and its solubility with respect to hydrogen isotopes. As 

expected, as the flux increases, the hydrogen isotopes retention in the material is higher. However, 

the temperature and, above all, the solubility of the material could limit this retention. In this way, 

in materials where hydrogen solubility is low, bubble coalescence may occur, resulting in an open 

porous layer. On the other hand, in cases where the hydrogen solubility is high, hydrogen isotopes, 

once they have saturated all possible defects, may diffuse out of the implantation zone, moving 

deeper into the material or towards the surface [35]. It is important to note that hydrogen isotopes 

can be implanted in defects in the material itself or in those formed under neutron irradiation [36]. 

Nuclear fusion is inevitably linked with the emission of 14 MeV neutrons, which are much more 

energetic than those of the fission spectrum, whose maximum energy is about 2 MeV. Due to their 

high energy, neutrons colliding with the atoms of the material give rise to two types of damage: 

displacement damage and transmutation. Both of them may result in a significantly alteration of 

the properties of the material.  

Damage displacement is caused, as the name suggests, by physical displacement of an atom of 

the material due to the massive kinetic energy transferred by interaction with the incoming 

neutron. The impacted atom is displaced from its lattice site, leading to the formation of vacancies 

and atoms in interstitial positions. The first collided atom is called primary knock-on-atom. Since 

this atom –a positive charged ion- is surrounded by other lattice ions, its displacement results in 

many subsequent interactions and the formation of additional knock-on-atoms and lattice defects. 

This phenomenon is known as the cascade effect and it is represented with green lines in 

Figure 2. 12. Besides, although the neutron energy has decreased because of the collisions, it 

continues its path (orange line in Figure 2. 12) giving rise to more primary knock-on-atoms and 

hence, more vacancies are formed. As this process occurs in cascade, most of the interstitials and 

vacancies will be annihilated when occupied by other atoms. However, the remaining interstitials, 

having a higher energetic position and high mobility, tend to cluster together, forming dislocations 

loops. These loops, on the one hand, contribute to radiation hardening of the material and, on the 

other hand, favor the capture of additional interstitials causing an excess of them, which leads to 

void formation. It is important to note that this process takes place with each neutron, so that a 
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damage cascade occurs within the material. The total damage is measured in displacements per 

atom (dpa). Currently, there is no high-flux neutron source available with a fusion energy 

spectrum to test materials. Due to this fact, damage from neutrons is usually simulated or tested 

under radiation produced in fission reactors and thus only qualitative conclusions can be 

extrapolated. Thus, testing reactors such as IFMIF-DONES 2  (International Fusion Materials 

Irradiation Facility - Demo Oriented NEutron Source), are planned to mimic the damage caused 

by neutrons with a fusion energy spectrum  [33], [37]. The neutron damage will not exceed 1 dpa 

in ITER while in DEMO is expected to be 4 – 8 dpa after 1.5 - 2 power years of lifetime [38], [39]. 

 
Figure 2. 12. Representation of both neutron damage: displacement damage and transmutation (adapted 

from [37]. 
 

In addition to physical displacement damage, neutrons also give rise to transmutation, resulting 

in the build-up of impurity elements. This process, which depends on the properties of the material 

itself, occurs when the energy of the neutrons has been so diminished by collisions with the atoms 

of the material that it is unable to move forward, and is, therefore, implanted in the material (see 

Figure 2. 12). It is well known that transmutations take place by means of nuclear reactions where 

neutrons react with the material, modifying its atomic number ad thus, creating a new element 

with different properties compared to the matrix. These reactions are crucial since, besides forming 

other elements, H and, above all, He are also generated. H formed from (n,p) reactions are less 

important compared to He from (n,α) reactions, since its influence on the alteration of material 

properties is smaller [37]. 

He has low solubility in the lattice and thus, even at low temperatures, it combines with 

vacancies to form bubbles. These bubbles grow slowly until a critical size is reached, where the 

bubbles grow at a much faster rate independently of the production of He, giving rise to voids or 

swelling [33], [37].  

Neutron irradiation results in several macroscopic effects on the material, which are highly 

temperature dependent. A shift of the ductile-to-brittle transition temperature (DBTT) to higher 

temperatures for BCC materials and embrittlement is produced at low temperatures. As the 

temperature increases, swelling can be formed. Finally, at higher temperatures, He and grain 

 
2 In December 2017, Fusion for Energy (F4E) evaluated positively the joint Spain Croatia proposal to site the IFMIF-
DONES in Granada, Spain.  
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boundary embrittlement as well as irradiation creep may take place. In addition, change in 

composition and decrease of electrical and thermal conductivity can also occur.  

Summarizing, both types of damage cause significant changes in the mechanical, physical and 

chemical properties of the material depending on the temperature, which results in a degradation 

of the material due to exposure to high energy neutrons.  

The exposure of the FW material to the fusion plasma results in a stationary heat load during 

operation. In DEMO, an average heat load of about 0.29 MW/m2 is expected [40]. However, it is 

necessary to estimate the maximum allowable heat flux density since it has an impact on electric 

power generation. This maximum heat load is limited by the thermal and mechanical properties 

of the structural material. In DEMO, the structural and heat sink baseline material is EUROFER, 

whose applicable temperature window is delimited. The upper limit corresponds to a temperature 

around 550 °C, where a significant reduction of mechanical strength takes place. The lower limit is 

related to the embrittlement of EUROFER due to an increase of its DBTT associated with neutron 

irradiation. This temperature limit has often been set between 300-350 °C [41]. Nevertheless, G. 

Mazzone et al. [42] defined the DBTT of EUROFER with an irradiation damage of 6 dpa at 180 °C. 

Therefore, it will be necessary to keep the coolant temperature (regardless of whether it is He or 

water) both at the inlet and outlet below the stablished limits. Considering these coolant 

requirements along with the thickness t of EUROFER and the conductivity of the tungsten FW 

material, the maximum heat load, reported by Wenninger et al. [43], is shown in Table 2.2. 

Table 2. 2. Maximum allowable thermal load depending on the temperature and type of coolant 

as well as the thickness t of EUROFER [43]. 

 Water cooling 

 Tcoolant = 275 °C Tcoolant = 315 °C  

t = 2mm  2 MW/m2 1.73 MW/m2  

t = 3mm  1.70 MW/m2 1.47 MW/m2  

He cooling 

 Tcoolant = 330 °C Tcoolant = 380 °C Tcoolant = 430 °C 

t = 2mm  0.7 MW/m2 0.54 MW/m2 0.38 MW/m2 

t = 3mm  0.67 MW/m2 0.52 MW/m2 0.37 MW/m2 
 

Currently, the steady state peak limit on the DEMO FW is estimated to be not higher than 

1 MW/m2, which is significantly lower than the 4.7 MW/m2 assumed in ITER [44]. This difference 

is due to the requirements in DEMO for breeding tritium, imposing low neutron absorption plasma 

facing materials. Besides, higher coolant temperatures at DEMO will result in a more efficient 

power conversion. Finally, materials able to withstand high neutron fluences and radiation 

damages and with low activation are required [43]. In DEMO, EUROFER steel has to be used as 

FW heat sink material rather than CuCrZr as in ITER. 

As a PFC, the FW material will be subjected not only to the expected stationary heat loads 

during normal plasma operation but also to transient thermal loads. These can be separated into 

normal and off-normal events depending on the operational mode. During normal operation, so-

called edge localized modes (ELMs) may arise. ELMs, which occur in tokamaks operating in high 

confinement mode (H-mode), are plasma edge instabilities that cause a rapid transport and release 

of energy from the confined plasma onto the PFCs surface. For this reason, the plasma facing 

materials must exhibit both high thermal conductivity and high temperature resistance since it has 
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to be able to transfer heat efficiently [45]. This kind of loads are short (0.1-1ms) but sufficiently 

intense to release a considerable percent of the plasma stored energy.  Energy densities lower than 

1 MJ/m2 with a frequency ranging from 1 to 10 Hz are expected in ITER [46] while in DEMO, ELM 

mitigation methods have to be developed to reduce the relative ELM size by a factor of 15 to 90 in 

order not to exceed the material limits [41].  

On the other hand, the most common off-normal events are disruptions and vertical 

displacement events (VDEs).  Disruptions consist of a rapid loss of plasma confinement and a 

termination of a tokamak discharge, causing the whole thermal energy of the plasma to drop 

sharply on the walls of the PFCs. This loss of confinement takes place when the plasma density 

reaches a value higher than a critical one. Although this phenomenon cannot be completely 

avoided, several mitigation methods are being discussed [47]. Regarding VDEs, they usually occur 

at the plasma onset and can be controlled almost entirely by the poloidal coils. The power loads 

produced by the above-mentioned events are depicted in Figure 2. 13Figure 2. 13 as a function of 

their duration. From this figure, it can be appreciated that both VDEs and disruptions deposit a 

large amount of energy in a very short period of time, which can result in severe damage to the 

PFCs materials, especially at the divertor. 

 
Figure 2. 13. Thermal loads expected on the divertor of ITER. The FW power density is added for 

comparison (adapted from [48]). 
 

To summarize, the FW material must be chosen based on all of the above requirements to ensure 

efficient power generation and self-tritium breeding in the reactor without posing any safety 

concern. The most important properties of FW material related to the processes taking place in the 

reactor are listed below.  

o Low sputtering by plasma particles and high threshold energy for hydrogen sputtering. 

As mentioned above, high-Z materials show better behavior under sputtering because 

they have a higher threshold energy for light projectiles compared to low-Z materials.  

o Low tritium retention. Most metals fulfill this condition. 

o High thermal conductivity to quickly release the high thermal loads to which the FW is 

subjected due to plasma exposure.  
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o To withstand the high power density due to dynamic loads, a material with high melting 

point as well as high thermal-shock resistance is required. 

o Considering neutron irradiation, a material with low or moderate activation is needed.  

Given these conditions, tungsten (W) is currently considered as a prime candidate for the FW 

of DEMO [14]. In the following section, the relevant properties of tungsten in a fusion environment 

are presented.  

2.2.1.  Tungsten properties 
Tungsten is a transition metal with unique properties, as it presents the largest cohesive energy 

of all elements and thus, the highest melting and boiling point (3422 and 5555 °C, respectively), as 

well as the lowest vapor pressure of all metals (8.15 x 10-8 Pa at 2000 °C). Besides, it is also one of 

the stiffest metals, since its Young`s modulus (411 GPa) is exceeded only by Ruthenium, Rhenium, 

Osmium and Iridium, whose elastic modulus values are 447, 463, 560 and 582 GPa, respectively 

[36]. In addition to the excellent properties mentioned, the most relevant W properties are 

summarized in Table 2. 3. 

Table 2. 3. W properties at room temperature [49]. 

Atomic number 74 

Atomic mass (g/mol) 183.85 

Crystalline Structure BCC 

Density (g/cm3) 19.25 

Hardness (HV30) (recrystallized) 300 

Shear Modulus (GPa) 156-177 

Ductile to Brittle Transition Temperature (°C) 200-300 

Thermal expansion coefficient (K-1) 4.2 x 10-6 

Thermal conductivity (W/m K)  164 
 

Due to its high melting point, tungsten has been widely used in high-temperature applications 

such as furnace heaters or cathode and X-ray tubes. Moreover, more than 50% of W is employed 

in the manufacture of tungsten carbide products because of its high wear resistance. Another 

application of W is as an alloying element, especially in steel. In the 1960s,  it was considered as a 

material for advanced technologies [50]. However, it was not until ITER design that W materials 

achieved by far the greatest interest in nuclear fusion research, since it will be used as an armor 

material. This selection was made on the basis of the conditions summarized in the previous 

section. On the one hand, W has a high atomic number, which results in low sputtering and thus, 

higher erosion resistance of the material. On the other hand, its high melting point, low thermal 

expansion coefficient and high thermal conductivity are suitable for the high heat loads to which 

it will be subjected. However, W exhibits two main drawbacks for its application in nuclear fusion, 

which must be solved: operation temperature window and oxidation. The latter will be discussed 

in more detail in a separate section due to its relevance for the present thesis, while the problem 

with the operation temperature will be explained below.  

Both divertor and FW are expected to be manufactured with W armour in DEMO. As the FW is 

not a structural material, the operation temperature window, which is defined by its thermo-

mechanical properties, is not as important as in the case of divertor. On the one hand, the DBTT of 

W is between 200-300 °C, which could increase by as much as several hundred degrees with 
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neutron irradiation [28] or even by grain coarsening [51]. Therefore, the DBTT delimits the lower 

operating temperature. On the other hand, the upper limit is defined by the recrystallization 

temperature, which is about 1100 °C [52] and decreases with neutron irradiation.  

It is important to note that the DBTT depends on the microstructure, especially on the grain 

size, as well as on texture, composition, and fabrication process, including its purity level. Besides, 

recrystallization temperature is strongly dependent on the deformation degree, known also as cold 

working. Below the DBTT and above the recrystallization temperature the material is intrinsically 

brittle [36].  For this reason, in order to increase the operating temperature window where the 

material is ductile, four ductilisation strategies have been developed. The first one consists of 

alloying or forming a solid solution with W. Several researches reported the addition of Ta, Va, 

Mo, Ti, Re and Ir to W, where only Re and perhaps Ir are able to decrease the DBTT [53]–[56]. 

However, both elements have been ruled out because of their high cost and irradiation 

embrittlement. The second method is based on the production of doped-W materials [57]–[59], 

including oxide dispersion strengthening (ODS) materials, where the main effect is the formation 

of an insoluble second phase that stabilize the microstructure, increasing the recrystallization 

temperature [60], [61]. The third one employs commercial W fibres to reinforced the W matrix, 

giving rise to a composite material [62]–[64]. These W fibres are characterized by a very high 

strength and ductility even at very high temperatures (1900 ° C). In this way, a considerable 

amount of energy can be dissipated due to their ductile deformation, while their high strength 

allows cracks to be bridged, if they are formed, rising so toughness and thus, mitigating the 

problem of W brittleness. Finally, work hardening mechanisms has been studied to increase the 

recrystallization temperature [65].  

As W is considered the material for the FW, it will be subjected to a dynamic overlay of neutron 

irradiation, extreme high heat fluxes and impacting particles, in particular hydrogen isotopes. 

Since there is not possible to study all phenomena at the same time in a single device, each effect 

must be analyzed separately. For this reason, each of these effects on W will be described in the 

following sections.  

2.2.2.  Neutron Irradiation in tungsten 
High-energy neutron exposure gives rise to displacement damage as well as transmutation 

during reactor operation. The transmuted elements of W are mainly rhenium (Re), Osmium (Os) 

and tantalum (Ta). Besides, some H and He, which have an important impact on mechanical 

properties, are expected to be formed. The estimated concentration for each of these elements after 

5 year in a fusion reactor power plant was reported by M. Gilbert et al. in [66]. 

As previously mentioned, there is currently no facility where W can be irradiated under nuclear 

fusion conditions, i.e. with 14MeV neutrons. For this reason, W has been tested in several types of 

fission reactors. Since each kind of reactor works with different neutron energy spectra, the 

damage caused in W will not only depend on the neutron flux and temperature, but also on the 

reactor type, which strongly affects the transmutation rate. Consequently, each irradiation test has 

to be considered as a single result [67]–[69]. Although it is not easy to compare the results obtained 

experimentally in each reactor, similar damages have been observed as a function of dpa. It should 

be noted that the dpa is a calculated data, since it is not experimentally measurable. A. Haseawa 
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et al. [67] schematized the microstructural evolution of neutron irradiation damage, as Figure 2. 14 

shows.  

 
Figure 2. 14. Irradiation microstructure map for pure W and W-Re alloys developed by [67]. 

 

From this figure, it can be observed that both dislocation loops and, especially, voids are formed 

in the early stage of the irradiation of pure W and W-Re alloys. However, the number density of 

these defects is lower in W-Re alloys, which implies that void formation is suppressed by Re 

content, even not forming when the Re content is higher than 26 wt.%. This is because Re 

unbalances the equilibrium between point defect production and annihilation, so that voids shrink 

and Re precipitates may form in W.  

On the other hand, it has been observed that for the same dpa level, the size of voids depends 

on temperature. For instance, for damage between 0.4-0.5 dpa, A. Hasegawa et al. [67] reported 

that the nucleation of voids is dominant up to approximately 540 °C, whereas voids tend to growth 

above 580 °C. In terms of size, voids have an average diameter of 1.4 nm at low temperature, while 

at higher temperatures voids up to 3.1 nm were found. Dislocation loops with size ranging from 3 

to 7 nm were also observed [67]. Furthermore, if the temperature rise is high enough to allow for 

vacancy mobility, formation and growth of voids will result in swelling [70]. 

T. Tanno [62] and A. Hasegawa [66] found a rearrangement of voids when increasing the 

damage level up to 1 dpa, leading to a void lattice formation in pure W (se Figure 2. 14). However, 

this structure was not found until more than 10 dpa by K. Krishan [71] and V.K. Sikka et al. [72].  

In contrast to pure W, some acicular precipitates are present in W-Re alloys at 1 dpa showing also 

a decrease in the voids number, as expected.  

As neutron fluence increases, acicular Re precipitates start to form in pure W while voids 

decrease in size, which is in accordance with the explanation given in the beginning of this section. 

Based on this, only acicular Re precipitates are seen in W-Re alloys.  

The last column of the irradiation damage evolution map of Figure 2.15 represents the neutron 

irradiation damage on the W first wall of the DEMO reactor after 5 years of operation, in which, 
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according to Bolt et al. [73], the displacement damage would be about 30 dpa with a Re 

concentration of 6 wt.% . 

Therefore, neutron irradiation causes both void formation and loop dislocations as well as 

transmutation of W. These defects, in turn, result in irradiation hardening. This hardening, 

increasing the brittleness of W, is mainly associated with void formation for pure W, while in W-

Re alloys it is related to the acicular precipitates [33], the latter having less influence [67]. 

Considering all previous results, the addition of Re could be beneficial from the point of view 

of void suppression but, on the other hand, the amount of Re should not be too high due to the 

formation of acicular precipitates, leading also to embrittlement. Moreover, the W thermal 

conductivity is significantly reduced by Re addition [74]. 

In summary, several neutron irradiation tests have been performed on W under numerous 

conditions. Nevertheless, mechanical properties have only been studied by means of 

microindentation at room temperature. Besides, dislocation loops need still to be characterized. 

Therefore, irradiation tests under real conditions together with a complete characterization of the 

mechanical properties is required.  

2.2.3.  Retention of hydrogen and its isotopes in tungsten  
Hydrogen isotopes retention in the plasma exposed tungsten wall is a major concern in the 

design of future fusion reactors, since a large level of retention would result in reduced fuel 

efficiency as well as high radioactivity of the material.  

It is well known that tungsten exhibits fast diffusion but a very low solubility for hydrogen. 

However, the amount of hydrogen isotopes that can be trapped in W refers not only to the 

solubility, i.e. the interstitially dissolved hydrogen content, but also to the hydrogen stored in 

lattice imperfections [75]. Since the hydrogen content that can be retained in the material defects is 

several orders of magnitude higher than the solubility of this element in W, the retention 

mechanism is dominated by lattice imperfections. The number of these imperfections (grain 

boundaries, pores, dislocations, vacancies, impurity atoms...) drastically influences material 

properties. Since W exhibits a low number of defects, around 5 x 10-4 at. % [76], retention should 

not be a concern in undamaged W.  

In addition to the intrinsic W defects, new lattice imperfections are generated as a result of the 

interaction with the fusion plasma, i.e. both deuterium and tritium ions as well as neutrons [75], 

[76]. Defects created by ions are usually close to the surface, while those formed by neutron 

bombardment lead to displacement damage throughout the entire material, which could increase 

the number of defects by orders of magnitude, as described in section 2.2.2.  It is important to note 

that the number of defects defines the potential sites where hydrogen isotopes can be trapped, but 

the total retained amount of these isotopes will depend on whether or not they fill them after 

plasma exposure [75].  

Imperfections in the W lattice are filled with ions and neutrons from the plasma that reach the 

surface and diffuse into the bulk. Therefore, retention in tungsten is controlled by the degree of 

filling, which in turn is governed by diffusion, limiting the penetration depth. The depth profile of 

retained deuterium in plasma-exposed tungsten was studied by V.K. Alimov et al. in [77], where 

three zones are clearly distinguishable, as shown in Figure 2. 15. 
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Figure 2. 15. Depth profile of deuterium trapped in tugnsten, where three different zones are indicated 

[36]. 
 

From Figure 2. 15 it can be seen that very large concentrations of retained deuterium after 

exposure are found in the first 200 nm, i.e. the near-surface region, even up to a concentration of 

10% deuterium, according to [78].  This is because the flux of hydrogen isotopes is large and the 

stopping distance of the ions is short. Since the concentration is well above the equilibrium 

solubility limit [79] and the ion flux is larger than the diffusion rate, local super-saturation of 

hydrogen isotopes has been observed in the near-surface region, leading to dislocations and thus 

plastic deformation of the W, which in turn induces the formation of bubbles and voids [77], [80], 

[81]. As a consequence of the large amounts of dislocations generated and the large presence of 

hydrogen isotopes in the W lattice, an increase in surface hardness takes place, giving rise to 

embrittlement [82]. 

The second zone (red area) corresponds to a plateau, where both penetration depth and 

deuterium concentrations depend on the exposure conditions. For the different ion fluences 

showed in Figure 2. 15, a maximum of approximately 2 µm along with deuterium concentrations 

varying between 0.01 and 0.1 % can be observed. On the other hand, a lower dislocation density  

compared to the near-surface directly exposed to the ion plasma has been reported by [83]. 

However, this dislocation density is still clearly exceeding the natural dislocations number in W. 

Finally, moving deeper into the bulk, a significant drop in deuterium concentration is observed 

with increasing depth, obtaining values usually associated with intrinsic tungsten defects.  

As noted above, the hydrogen isotope retention in W is strongly dependent on material 

properties, such as the C and N impurity level, as not only additional sites are generated where 

hydrogen isotopes can be trapped, but these elements usually occupy interstitial sites, so that 

diffusion barriers are formed, blocking the diffusion pathways of hydrogen isotope and hence 

hindering the retention mechanism [84], [85]. 

In addition to voids and bubbles, blistering has been observed when W is subjected to 

simultaneous or sequential D and He ion plasma flux. These blisters also act as hydrogen isotope 

trapping sites, since they have been correlated with the occurrence of a deuterium retention peak 
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at a temperature of around 400-700 K [86]. Therefore, blistering is a phenomenon strongly 

dependent on the W temperature.  

Several researchers have studied the effect of both tungsten temperature and ion fluence on 

blister formation and thus hydrogen isotope retention [87]–[90]. L. Buzi et al. [91] plotted the blister 

formation domain as well as their sizes, as a function of surface temperature and flux density for 

their own data and those published in the literature. This plot is depicted in Figure 2. 16 where 

number inside or next to the symbols indicate the diameters of blisters in micrometer.  

From Figure 2. 16, three different regions can be observed. The blue area shows a wide range of 

blister sizes after exposure to low flux densities and temperatures up to almost 700 K while for the 

same flux density range and, at temperatures above about 700K, no surface changes have been 

seen, as indicated by the white region. On the other hand, smaller blisters have been observed in 

the red area, indicating that as the flux density increases, the blister size decreases.  From these 

data it can be concluded that most of the blisters are formed between 400 and 700 K, which is in 

accordance with [92].  

 
Figure 2. 16. Blister formation as a function of temperature [93]. 

 

2.2.4.  Effects of high heat flux on tungsten  
In addition to neutron irradiation and high flux of low-energy particles (mainly hydrogen 

isotopes), the tungsten FW has to withstand repetitive and intense heat loads. These thermal loads 

can be divided into stationary and transient contributions. Both of them have been simulated in 

different types of facilities to assess the damage evolution in PFCs. Electron and neutral beam 

devices are the most usual to perform stationary heat loads while transient events are usually 

simulated in laser beam devices. The main difference between electron/neutral and laser beam 

devices lies in the way the energy is deposited, since in the former it is deposited in the bulk, while 

in laser beam devices the energy is retained in the near surface region. Therefore, the combination 

of both techniques is necessary to study the expected tungsten degradation during the operation 

of a fusion reactor.  

Stationary heat fluxes up to 10 MW/m2 are expected in the divertor target during the 

deuterium-tritium phase of ITER under normal operation, even reaching 20 MW/m2  during short 
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times transient events (< 10 s) [94]. Therefore, PFCs have been designed along with cooling 

parameters to withstand these thermal loads. Since DEMO will be based on the divertor coolant 

and geometrical parameters of ITER, the same heat loads are foreseen, considering a possible 

higher neutron fluence on the material structural properties [95]. W is not only the material the 

ITER divertor is made of, but it is also the main candidate for both the FW and the divertor of 

DEMO, as mentioned in section 2.2.1. Due to the configuration of magnetic field lines in tokamak 

reactors, the divertor is the part of the vacuum vessel where heat and particle loads are more 

intense. The W armour at the DEMO divertor will be subjected to loads similar to those expected 

at the ITER divertor.  

Stationary heat loads are mainly a concern for the joint between W and heat sink because 

continuous pulse operation leads to fatigue of the joint, which could result in delamination of the 

W armor or even worse, cause the melting and failure of this component [96], [97]. Another 

important issue is the surface temperature of the W armour because, as described in section 2.2.1, 

the operation temperature must lie between the DBTT and the recrystallization temperature. On 

the one hand, temperatures below DBTT are not desired since W will be brittle, representing a 

safety issue. On the other hand, values above W recrystallization temperature will give rise to a 

decrease in hardness and strength, facilitating the formation of macrocraks [98], [99]. The 

temperature evolution depending on stationary heat loads is depicted by the red line in Figure 2. 

17. In this figure, the additional pulsed increase in surface temperature due to transient loads such 

as ELMs are also represented with blue lines. 

 
Figure 2. 17. Surface temperature change due to different stationary thermal loads [39]. 
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According to this, the W surface temperature must be between DBTTT and recrystallization 

temperature not only during stationary heat loads, but also during transient thermal loads. Since 

these thermal loads lead to a fast increase of W surface temperature, the thermal gradient reached 

is a relevant parameter to qualify the thermal shock resistance of W. The temperature increase for 

a rectangular pulse can be calculated from the power density (L) for a pulse duration (Δt) and 

considering the (temperature independent) thermal conductivity (λ), density (ρ) and specific heat 

(Cp) of W (equation 2.3) [75].  

𝛥𝑇𝑡𝑟 = 2𝐿√
𝛥𝑡

𝜋𝜆𝜌𝐶𝑝
 (2.3) 

 

Thermal shock resistance tests have been performed on different W grades with distinct 

absorbed power densities, base temperatures and pulse length to quantify the effect of these 

parameters on the damage response of W. Furthermore, these thermal shock tests have been 

carried out in different facilities. Therefore, a heat flux factor, which is proportional to ∆Ttr, has 

been defined (equation 2.4) for a better comparison.  

𝐹𝐻𝐹 = 𝐿√∆𝑡 (2.4) 

It is important to note that this factor is only applicable for constant pulses, such as square 

pulses, and not for time dependent pulse shapes such as triangular pulses in which decay time are 

1-3 times longer than rise time. The impact on surface temperature increase for different temporal 

pulse shapes was reported by [100].  

The exposure of W to intense thermal shocks results in surface modifications and damages, 

which are extremely dependent on both microstructure and material properties. Nevertheless, the 

damage mechanisms, depict in Figure 2. 18, are the same. 

 
Figure 2. 18. Damage mechanism of W surface during thermal shocks considering power density and time 

[75]. 
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At the beginning of the thermal shock, the heated surface area is subjected to thermal expansion, 

which is constrained by the colder surrounding material, generating compressive stresses. During 

heating up, if these thermal stresses exceed the yield strength of W, it starts to deform plastically. 

After thermal shock application, W shrinks during cooling down, but since it cannot return to its 

initial state, the compressive stresses transform into tensile stresses. These stresses can lead to 

brittle cracks or to fatigue cracks.  

Brittle cracks formed after the first heat loads are independent of the number of applied loads 

since the density, depth and width of the cracks remain unchanged. The penetration depth has 

been reported to be a few hundred micrometers below the plasma facing surface [101]. 

Fatigue cracks are caused by weakening due to repeatedly applied loads as well as by the 

accumulation of dislocations, which have previously formed during the plastic deformation. Since 

this phenomenon gives rise to roughening, it can be considered as a precursor to crack formation. 

In contrast to brittle cracks, fatigue cracks keep growing deeper into W as the number of thermal 

loads increases [102]–[104].  

To summarize, it can be stated that both high heat flux during steady state and thermal gradient 

at the W surface, resulting in thermal shock during transient events, are very complex processes 

that depend on many parameters comprising among others the loading conditions itself, the 

microstructure and the mechanical and thermal properties of W.  

2.3.  Tungsten Oxidation and Self-Passivating Tungsten Alloys  
From the previous section it has been concluded that W is the preferred material for fusion FW 

application since it exhibits low sputtering rate by plasma ions, high melting point, high thermal 

conductivity, low retention of fusion fuel, relatively short-term activation, high thermal shock 

resistance and an acceptable behavior under neutron irradiation. However, W also presents 

drawbacks, a major one being its poor oxidation resistance.  

The understanding of basic fundamentals of oxidation in metals, specifically in W, as well as 

the role played by W oxidation for nuclear fusion application, will be explained in the present 

section. Moreover, possible strategies that have been developed to solve this issue will be also 

summarized.  

2.3.1. Oxidation phenomenon in metals 
It is well known that all pure metals, with the exception of gold and platinum, are not stable in 

air at room temperature and tend to form oxides.  

The oxidation phenomenon is initiated when the oxygen molecule from the air impinges onto 

the metal surface, becoming adsorbed on it. These adsorbed molecules are dissociated, resulting 

in oxygen atoms (O). Simultaneously, the metal (M) forms a cation (M+), releasing electrons, which 

react with oxygen atoms, giving rise to an oxygen anion with an excess of charge (O-).  In order to 

continue the reaction, one of the reactants, either the metal cation or oxygen anion, must diffuse 

outward or inward to meet the anion or cation, respectively, to form a thin oxide film represented 

as MO. The oxide film usually appears as a compact phase between metal and air. A scheme of the 

oxidation process of metals is shown in Figure 2. 19. 
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Figure 2. 19. Reaction involved in formation and growth of an oxide scale (adapted from [105]). 

 

The formation and growth of the oxide layer depends on many factors, the most important of 

which is the reaction rate. Generally, at the beginning of the process, the oxidation rate is usually 

faster as the reaction progresses, where the thickness of the oxide layer has increased, since both 

cations and anions have to diffuse through the already formed oxide film in order to meet each 

other. On the other hand, if a porous oxide layer is formed, the ions can easily diffuse through it 

and, therefore, the oxidation rate is not slowed down. Besides, this parameter is strongly 

influenced by temperature and, to a lesser extent, by oxygen pressure. The rise in temperature 

provides an increase in the kinetic energy of both metal and oxygen atoms, i.e. atomic 

displacements are facilitated and, therefore, diffusion for the two ions to meet. Moreover, this 

energy contribution allows the activation energy to be reached earlier for the oxidation reaction to 

take place, i.e. activating diffusion earlier. For this reason, metals that would need a long time to 

be oxidized due to their low reaction rate, could be completely oxidized in less time by increasing 

the temperature  [106]. 

The lifetime of a metal at a certain temperature in terms of its oxidation resistance can be 

predicted by its kinetic behavior, i.e. the variation of oxidation rate with time [107]. Although 

obtaining kinetic laws from experimental results is sometimes difficult, even impossible, oxidation 

reactions usually follow the most common ones: linear, parabolic and logarithmic laws [108]. Each 

of these laws, which are described in the next subsections, presents rate constants that, under a 

given pressure, follow an Arrhenius-type equation (equation 2.4). 

𝑘 = 𝑘0 𝑒
(

−𝐸𝑎
𝑅 𝑇

) 
(2.4) 

being k0 a frequency factor, Ea the activation energy of the process, R the gas constant and T the 

absolute temperature. 

2.3.1.1.  Linear Kinetics 
Oxidation reactions obeying this law are characterized by an oxide-scale formation rate directly 

proportional to time, as shown in equation 2.5. 

𝑥 =  𝑘𝑙 . 𝑡 (2.5) 

where kl and t are linear oxidation rate and time, respectively while x represents the oxidation 

degree, which can be expressed in different parameter to define the oxidation progress such as 

thickness of the oxide layer, number of oxygen moles consumed or mass gain per unit surface area. 

The latter form, represented as 
𝛥𝑚

𝐴
 , is the most common one since it can be measured 

experimentally by thermogravimetry.  
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The oxidation rate is constant. This type of kinetic is usually observed in fast reactions such as 

adsorption, where the metal reacts with oxygen as soon as it impinges on it, or in metals, in which 

cracks or delamination are generated after long oxidation time, giving rise to a porous oxide layer. 

On the other hand, linear kinetics can also be found at the beginning of the oxidation process since 

the layer formed is a very thin film through which the ions can diffuse rapidly [107], [108].  

2.3.1.2.  Parabolic law 
Parabolic kinetics is characterized by the continuous growth of the oxide layer as the oxidation 

rate decreases, i.e. the oxidation rate is inversely proportional to time. This is because the oxidation 

rate is limited by the diffusion of one of the ions since, as the layer growth, diffusing metal cation 

or oxygen anion take longer time to reach the interface [107].  

Both metals and alloys subjected to high temperature usually follow this kinetic, which is 

expressed according to the equation 2.6 [108]. 

𝑥2 =  𝑘𝑝. 𝑡 (2.6) 

being kp the parabolic oxidation rate.  

2.3.1.3.  Logarithmic law 
Logarithmic kinetics are recognized by a rapid initial reaction corresponding to the growth of 

an oxide film whose thickness is less than a few tens of nanometers. This first stage is followed by 

almost no reaction.  Logarithmic laws can have a direct or indirect behavior of the oxide layer 

growth as a function of time, depending on how slowly the rate drop off after the initial quick 

stage.  

The oxidation of many metals at temperatures below 400 °C and of noble metals at high 

temperatures obey logarithmic laws, which are described by equation 2.7 (direct) and 2.8 (indirect).  

𝑥 =  𝑘𝑙𝑜𝑔. 𝑙𝑜𝑔  (𝑎𝑡 + 1) (2.7) 

1

𝑥
= 𝐵 −  𝑘𝑖𝑛𝑑  . 𝑙𝑜𝑔 𝑡  

(2.8) 

The parameter setting in logarithmic kinetics are usually not very accurate, resulting in a 

difficulty to assess the proposed oxidation mechanisms.  

Generally, it is observed that the oxidation rate obeys a combination of rate laws. This fact can 

be associated with different mechanisms governing oxidation, i.e. one dominates at the beginning 

and the other after longer times, or with a change in the morphology of the oxide layer growth. 

P. Kofstad [109] investigated the evolution of the oxidation kinetic laws of a given metal, 

indicating that both time and temperature influence the oxidation process, as depicted in Figure 2. 

20, where par, log, lin, cub represent parabolic, logarithmic and cubic laws, respectively while 

paralin means a parabolic + lineal laws. On the other hand, break indicates the breakaway 

corrosion. 
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Figure 2. 20. Progression of oxidation kinetic laws as a function of time and temperature for a given metal 

[109]. 
 

In parallel to this research, O. Kubaschewski and B.E. Hopkins [110] studied the effect of 

temperature on the kinetic laws of oxidation for different metals. The oxidation kinetic laws for 

these metal as a function of temperature are represented in Table 2. 4, where the nomenclature 

used is the same as the one described above.  

Table 2. 4. Oxidation kinetics of different metals as a function of temperature [110]. 

 
 

2.3.1.  Tungsten Oxidation 
Tungsten exhibits a high affinity for oxygen, which restricts its high-temperature application to 

protecting atmospheres or under vacuum. Even at room temperature, tungsten is oxidized since 

an oxide film of 60 Å thick has been observed on the W surface at 20 °C [49]. 

The oxidation mechanism of tungsten fabricated by different routes and levels of purity have 

been widely studied over the past 60-70 years. However, there are still many uncertainties and 

discrepancies in the literature about oxidation kinetics due to the wide variety of oxides formed as 

well as the stresses generated during the oxidation process [111]–[113].  
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More than fifteen tungsten oxides have been found in several research. However, only the four 

oxides described in Table 2. 5. 

Table 2. 5. Oxides in the W-O system [114]. 

Formula  O/W rate  Color 

WO3 3,00 Yellow 

W20O58 2,90 Blue-violet 

W18O49 2,72 Reddish-violet 

WO2 2,0 Brown 
 

The W oxidation can be separated in three stages, each of which is linked to a different 

mechanism. At the beginning of the oxidation, oxygen is adsorbed on the W surface. This initial 

phase is dominated by reactions at the metal/gas interface, indicating that it does not depend on 

diffusion until the oxide layer completely coats the W surface. This oxide film growths slowly with 

increasing temperature up to 200 °C, where the oxidation rate rises significantly [49].  

From 327 to 400 °C, the formation of a dense, adherent and protective blue oxide film was 

reported. The oxidation rate of this thin layer is controlled by diffusion and, since it is protective, 

its progression follows a parabolic kinetic law. Regarding its composition, there are little 

discrepancies, which can be the result of different exposure times, since W.W. Webb et al. [111] 

associated it to WO2.75 whereas E.A. Kellet et al. [113] assumed it to be WO2.72 . On the other hand, 

J.W Hickman et al. [115] concluded that this layer corresponds to WO2. Years later, E. Lassner et 

al. [49] reported that the composition of the oxide layer was in agreement with that observed by 

Webb.  

With increasing temperature, the oxide film keeps growing until 500 - 600 °C, where 

microcracking is observed. Moreover, a new yellow WO3 layer is formed which, unlike the 

previous one, is porous, hence permeable to oxygen. The formation rate of this new oxide is 

controlled by the W cations transport to the WO2.72/ WO3 layer [49] while its growth is controlled 

by the anion diffusivity [116]. The growth of the WO3 layer follows a combination of parabolic and 

linear kinetics until the WO2.72 layer reaches a maximum thickness, at which the kinetics becomes 

completely linear according to [49], being the time for the transition from parabolic to linear 

depending on temperature. However, considering the conclusion from S.C. Cifuentes et al. [117], 

this change in the kinetics is due to microcracking, which, in turns, has been associated with the 

large difference between thermal expansion coefficients of W and W oxides or with the volumetric 

changes induced by allotropic transformation of W oxides. Therefore, the most relevant feature of 

this second stage is the shift in oxidation kinetics from parabolic to linear, indicating that, from this 

moment on, the oxide layer is not protective against further oxidation [49], [113], [118]–[120].   

The microstructure of W samples exposed to dry air at a temperature of 600 °C for 50-100 h were 

studied by S.C. Cifuentes et al. [120]. The resultant microstructure after 50 h consisted of two oxide 

layers. The outermost layer, corresponding to WO3, was about 8 µm and porous whilst the 

innermost layer, which match with WO2.72, was denser, with very little porosity and around 40 µm. 

Increasing the time up to 100 h, the same two oxide layers were observed, in which the outermost 

layer maintained its thickness while the thickness of the inner layer rose to 80 µm. This observation 

indicates that the oxide scale grows by inward oxygen anion diffusion, as concluded in [121], and 

that the WO3 layer is not protective.  
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The presence of porosity in both oxide layers may be due to the stresses produced by the 

increase in volume of WO3 with respect to pure W, which would also explain the change in 

oxidation kinetics since the diffusion of oxygen from the air would be favored. In agreement with 

E.A. Gulbrasen and F. Andrew [112], S.C. Cifuentes et al. [120] proposed the mechanism 

represented in Figure 2. 21. 

 
Figure 2. 21. Scheme of the oxidation mechanism [120]. 

 

This mechanism consists in the formation of a protective oxide film corresponding to WO2.72. As 

time or temperature increases, growth of this layer and WO3 formation on top of it takes place. This 

growth induces stresses that are released by cracking of the oxide layer in small areas when a 

critical thickness is reached (Figure 2. 21 (a)). The oxidation process continues in non-cracked areas, 

leading to an increase of the oxide scale, hence displacing it outwards (Figure 2. 21 (b)). 

Consequently, cracks at the oxide-metal interface enlarge in such a way that they tend to become 

voids or cavities which are filled with oxygen (Figure 2. 21 (c)). The enlargement of these cavities 

stops when oxygen reaches the bottom of them and a new oxide starts to form (Figure 2. 21 (d)). 

For this reason, the previous cavities remain embedded in the oxide formed (Figure 2.21 (e)). At 

this point, the process is cyclic and the sequence is repeated, starting again.  

The last stage occurs at about 750 °C since at this temperature the sublimation of WO3 starts, 

becoming significant from 900 °C. At even higher temperatures, above 1300 °C, the WO3 

sublimation rate is equal to the oxidation rate, indicating that no oxide formation on the surface 

will take place because the oxide is completely volatilized [49].  

2.3.2.  Accidental Conditions in a Fusion Reactor 
In addition to high reliability during normal operational conditions, safety requirements are of 

outmost importance for fusion reactors. As mentioned above, one of the most important W 

drawbacks is its behavior under oxidation. Under normal operation, the poor oxidation resistance 

of W is not a concern. However, the use of pure W in case of a Loss-of-Coolant Accident (LOCA) 

represents a potential safety risk since temperature at the FW rises up to values of 1000 °C to almost 
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1200 °C for a few days to several months, depending on the reactor design, due to the nuclear 

decay heat, as Figure 2. 22 shows [122], [123].  

 
Figure 2. 22. Calculated temperature evolution at the outboard FW of four different DEMO blanket models 

after a loss-coolant accident (both fusion power and coolant are indicated) [122], [123]. 
 

In such a situation, the simultaneous air ingress into the vacuum vessel would cause the 

oxidation of W, forming volatile WO3. Since the W FW will be activated by neutron irradiation 

after plasma operation, this volatile oxide would be also radioactive and might be released into the 

environment [124], [125]. As shown in Figure 2. 23, T. Wegener et al. [126], predicted sublimation 

rates from 1 to 150 kg per hour from the W FW of DEMO, assuming a 1000 m2 of FW surface [127], 

leading to mobilization of the whole W within the next 1-2 months after the accident.  

 
Figure 2. 23. Estimated mass of WO3 evaporated as a function of the temperature under DEMO accident-

like condition, assuming a FW of 1000 m2 [126]. 
 

A possible way to avoid this safety issue is the addition of oxide-forming elements to pure W, 

giving rise to the formation of a self-passivating layer at high temperatures in presence of oxygen. 
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2.3.3.  Self-passivation of Metals 
Passivation is a phenomenon that takes place in some metals which, under certain 

environmental conditions, lose their chemical reactivity and become extremely inert. This 

phenomenon results in the formation of a thin oxide film highly adherent to the metal surface, 

giving rise to a protective barrier to further oxidation [128].  

The ability of a layer to be protective depends on its permeability to oxygen. Therefore, an ideal 

protective layer would be one that is completely impermeable to oxygen, although oxide layers 

usually present some oxygen permeability. In such a situation, the protective capacity mainly 

depends on the diffusion of ions through the oxide layer previously formed.  

As briefly explained in the previous section, oxide scale cracks are due to generation of stresses 

during the oxidation process. These stresses have usually been associated to the thermal expansion 

difference between the oxide scale and metal substrate, and the scale growth. Although the 

influence of the latter phenomenon is not fully understood, it is known that it is strongly dependent 

on both oxide and metal volume [129]. The volume change due to the oxide formation at the 

metal/oxide interface can be expressed by the Pilling-Bedworth ratio (PBR) [130], which is defined 

in equation 2.9. 

𝑃𝐵𝑅 =  
𝑉𝑜𝑙𝑢𝑚𝑒 𝑜𝑓 𝑜𝑥𝑖𝑑𝑒

𝑉𝑜𝑙𝑢𝑚𝑒 𝑜𝑓 𝑚𝑒𝑡𝑎𝑙 
 (2.9) 

Considering this parameter, three different types of oxide layers can be distinguished: PBR<1, 

PBR ≥ 1 o PBR >> 1. In the first case, the oxide volume is smaller than the metal volume, indicating 

that the metal surface has not been completely coated, hence resulting in the formation of porous 

and non-protective layers. Both alkali and alkaline earth metals behave in this way. Another 

possibility is that the volume of oxide layer is slightly higher than the metal volume, i.e. PBR 

between 1 and 2. In this case, although small compressive stresses are generated in the oxide scale, 

passivation is effective. A large number of metals respond to this behavior. On the contrary, as the 

PBR becomes larger, the compressive stresses increase, leading to crack formation in the oxide 

layer and thus, to the loss of its passivating effect. Niobium, tantalum or molybdenum are some of 

the metals that behave in this way [130].  

The PBR for some metals were summarized in [131] as shows Table 2. 6. 

Table 2. 6. Pilling-Bedworth ratio for some metals [131]. 

Oxide PBR Layer 

CaO 0.6 Non-protective 

MgO 0.8 Non-protective 

Al2O3 1.3 Protective 

ZnO; Zr2O 1.6 Protective 

Cr2O3 2.0 Protective 

Ta2O5 2.3 Non-protective 

WO3 3.4 Non-protective 
 

Therefore, metals which presents a non-protecting layer can be passivated by the addition of 

alloying elements, among other possible solutions. These elements must reinforce the oxide layer 
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by dissolving their oxides in it or by forming a mixed oxide with the base metal. On the other hand, 

these metals can also be protected by the formation of an external and dense layer consisting of the 

oxide of the alloying elements, which are more stable and resistant under oxidizing conditions 

[132]. 

2.3.4.  Self-passivating W-alloys 
The need for new W-based material to avoid the risk of radioactive release in the event of an 

accident has led to the development of oxidation resistant W-based alloys. Researchers have been 

working at the EUROfusion project (and earlier during the EFDA programme) to develop self-

passivating W-alloys for more than a decade. The main characteristic of such alloys, also designed 

as smart alloys, is the adaptation of their properties to the environment. Under normal operation, 

the surface of these alloys will consist of pure W because the hydrogen isotopes coming from the 

fusion plasma preferentially sputter the alloying elements with lower mass compared to pure W 

[133], [134]. However, in case of LOCA with simultaneous air ingress, the alloying elements 

remaining in the bulk will result in the growth of a stable protective oxide scale preventing W from 

further oxidation and, consequently, also from the sublimation of WO3. In this way, assuming a 

FW of 1000 m2 surface and a depletion zone of 10 nm [135], only 0.2 kg of W will be oxidized. The 

working concept of self-passivating W-alloys is depicted in Figure 2. 24. 

 
Figure 2. 24. Operation scheme of self-passivating W-alloys during normal operation (left) and under 

accidental conditions (right). 
 

In addition to the formation of stable oxides, other key properties must be met for the selection 

of alloying elements such as high meting point, low vapor pressure, good adhesion to the substrate 

and low volume increase of oxide, the latter expressed by a PBR between 1 and 2. Furthermore, 

these alloying elements must exhibit sufficiently low activation by neutron irradiation from the 

plasma. For this reason, alloying elements like Nb, Co or Ni are not permitted [136], even though 

they form stable oxides. 

First studies of self-passivating W-alloys for fusion FW application were carried out at the 

Max-Planck Institute for Plasma Physics (IPP), where thin films alloys of the systems W-Si [137] 

and W-Cr-Si [137], [138] were manufactured by magnetron sputtering. Initially, the effect of the 

addition of 1.7 to 21 wt.% Si as alloying element was investigated. After oxidation tests in air under 

isothermal conditions at 600 to 1000 °C, a dense SiO2 scale acting as a diffusion barrier was 

observed, improving  the oxidation resistance proportionally to the Si concentration, compared to 

pure W [137].  Based on these results, the same researchers studied the oxidation behavior of 

different ternary alloys with Cr, Zr and Y, varying the Si content from 8 to 13 wt.%. From these 

studies, it was concluded that the oxidation resistance of the ternary systems is better in 

comparison to the W-Si binary alloy, showing the need for a third active element to stabilize the 
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passivating scale. Specifically, and as can be seen in Figure 2. 25, the oxidation rate of the ternary 

alloy with Cr is 2 to 3 orders of magnitude lower than that of pure W [137], [138]. This improvement 

was associated with the formation of a Cr2O3 barrier layer at the outer surface followed by an inner 

layer consisting of Si/W zone containing some Si and W oxides [138].  

 
Figure 2. 25. Arrhenius plot of oxidation rates of pure W and different Self-passivating ternary W-alloys 

[138]. 
 

Thin films were used as model systems for the manufacturing of bulk material by power 

metallurgy, since for the DEMO FW armor thicknesses of several millimeters are required [122], 

preventing the use of thin films. P. López et al. [139] analyzed the oxidation behavior of first bulk 

W-Cr-Si alloys manufactured at CEIT by mechanical alloying and subsequent HIP within the 

European EFDA program and later within the EUROfusion project. However, Si combines with W 

and Cr to form the brittle intermetallics (W,Cr)5Si3 at high temperatures, becoming the main phase 

in the W-10Cr-10Si alloy. These brittle tungsten silicides limit the mechanical workability. 

Moreover, the alloy exhibits a relatively low thermal conductivity. To avoid the formation of 

silicides, silicon-free alloys were proposed, and thin film ternary alloys using Ti, Hf and Ta as 

alloying elements were subjected to oxidation test at 800 °C [140]. W-Cr-Ti alloys resulted the most 

promising system since a reduction of oxidation rate about 4 orders of magnitude compared to 

pure W was achieved. This improvement was due to the formation of a stable Cr2O3 protective 

layer, preventing the release of volatile W oxides, while no brittle phase was formed. These studies 

demonstrated the beneficial effect of Cr as main passivating element for W when present in a 

concentration ranging from 12 to 18 wt.%, as well as the need for a third alloying element. Since 

the study was performed on thin films, the investigation of bulk W-Cr-Ti system was started [141]–

[144]. The obtained results showed similar oxidation resistance to that achieved with thin films, 

although at high temperatures the oxidation rates were higher. This discrepancy was attributed to 

the difference in the microstructures, since in the thin films the elements are uniformly distributed 

at the atomic level, whereas there are two clearly distinguished phases in the bulk material, which 

could lead to different oxidation mechanisms. Even though W-Cr-Ti alloys exhibit significantly 
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improved oxidation resistance compared to pure W, it was found that the presence of Ti 

contributes to enhance tritium retention [145]. This fact motivated the search for alternative system 

avoiding Ti as alloying element.  

After these previous works, S. Telu et al. investigated the effect of the addition of 3 wt.% yttria 

[146] and 7 wt.% Nb [147] on the oxidation behavior of W-Cr alloys. Although both systems result 

in a strong reduction of mass loss during cyclic oxidation at exposure temperatures of 800 and 

1000 °C compared to the binary W-Cr system, Nb cannot be considered as an alloying element for 

fusion application due to its high activation under neutron irradiation [136].  However, Y could be 

a good choice, as it is one of the most efficient active elements. Being an element with a high affinity 

to O, it will bind it forming yttria, which will be located at the GBs. As a consequence, it will clean 

the GBs from O [148]. Besides, Y introduces pegs at the interface between the oxide scale and the 

alloy, increasing the adherence of the system [149].  

Wegener et al. [126] selected yttrium as alloying element in thin films of the W-Cr-Y system also 

produced by magnetron sputtering, demonstrating that W-Cr-Y alloys exhibit lower oxidation 

rates by isothermal oxidation than binary W-Cr alloy and than W-Cr-Ti thin film alloys. The 

optimum composition for lowest oxidation rate was found to be W-11.4Cr-0.6Y [126], [150], [151]. 

In parallel, bulk alloys of composition W-12Cr-0.5Y were manufactured by mechanical alloying 

and hot isostatic pressing, which were subjected to oxidation tests, resulting in lowest oxidation 

rates compared to all previous bulk alloys [152]. Subsequently, this composition was optimized to 

lower Cr contents, namely 10 wt.% Cr, thus being the optimal alloy composition W-10Cr-0.5Y 

[153].   

From that point on, all further European developments of self-passivating W-based alloys for 

fusion FW application focused on the W-Cr-Y system, studying not only its oxidation resistance 

under conditions relevant for a LOCA with simultaneous air ingress [152], [154]–[156], but also all 

properties that guaranty at the same time a proper work under normal plasma operation 

conditions, including possible transient events [153], [155], [157]. Later, W-Cr-Y alloys were 

manufactured by mechanical alloying and Spark Plasma Sintering (SPS) at FZJ, showing similar 

results concerning oxidation resistance to those fabricated at CEIT [135], [148], [158], [159]. Their 

oxidation tests also addressed W and Cr sublimation as well as oxidation in humid air to simulate 

a more realistic accident scenario. Such oxidation tests in humid air involve the presence of water, 

whose dissociation is the main agent responsible for oxidation since its Gibbs free energy is lower 

than that of Cr2O3. Therefore, water reacts with Cr, leaving free H. In turns, excess of O could react 

with H or W, but as the H2O Gibbs free energy is more negative, WO3 would only form when all 

Cr and H have been reacted. From this theory, F. Klein et al. [160] concluded that in W-Cr-Y alloys 

sublimation at 1000 °C in humid air is dominated by Cr-oxide and that the WO3 sublimation is 

reduced by an order of magnitude in comparison to pure W. Besides, W-Cr-Y alloy was exposed 

to air at 1000 °C for 467 h, approximately 20 days, representing the longest exposure performed on 

these alloys. From this study, although sublimation of W-oxides were observed after 2 days, 

F. Klein et al. demonstrated that the alloy would withstand a LOCA event during three weeks 

[161].  

More recently, the same authors studied the influence of grain size on oxidation behavior. In 

conclusion, they found that samples with smaller grains formed a dense and protective Cr2O3 layer, 

on top of which W-Y-O particles were observed, as previously reported by A. Calvo et al. [155] . 
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In contrast, samples with larger grains present the same two layer, but a thick and porous layer of 

W-Cr-O below the Cr2O3 layer. This main difference was related to the mass gain, since samples 

with large grains show higher mass gain, and thus lower oxidation resistance [161].  

These authors also considered the effect of O introduced as an impurity during the 

manufacturing process. As can be seen in Figure 2. 26, the mass gain is directly dependent on the 

O content in the samples before the oxidation tests, since the highest oxidation rate is found for the 

alloy with the highest O amount. This observation was associated to the low solubility of O in W, 

since the O that does not react with Y has to occupy the vacancies at the GBs. As Cr diffuses through 

these, the presence of O in these vacancies will prevent the diffusion of Cr to the surface, thus 

hindering the formation of the protective Cr2O3 layer [162]. 

 
Figure 2. 26. Influence of O amount in oxidation tests under humid air at 1000 °C [162]. 

 

On the other hand, prior and simultaneously to these activities, other groups outside fusion 

application have developed W based alloys by adding alloying elements to W that promote the 

formation of a protective scale preventing further W oxidation. W-Mo-Cr-Si alloys were shown to 

exhibit an improved oxidation resistance due to the formation of a Cr2O3 protective layer [163]. 

W-Mo-Cr-Pd alloys [164], [165] have an even better oxidation resistance up to temperatures as high 

as 1300°C since Pd along the grain boundaries act as channel for the outward diffusion of Cr to the 

surface and as barrier against the inward diffusion of oxygen. Besides, Pd is an efficient sintering 

activator for both Cr and W. However, Pd is not a choice for fusion application due to its high 

activation by neutron irradiation [136].  

In addition to the above elements, some studies have considered also the addition of Zr to W in 

view of improving its mechanical properties by strengthening the GBs with a nanodispersion of 

ZrO2 [166]–[169]. This improvement is due to the fact that Zr purifies the GBs by reacting with O, 

reducing the oxygen segregation at GBs. Besides, Xie at al. [170] demonstrated that the addition of 

ZrC to W results in an extraordinary increase in strength and ductility because ZrC dispersoids 

inside grains form a coherence phase with the W matrix while a thermally stable W-Zr-Cx-Ox phase 

forms at the GB exhibiting semi-coherence with the W matrix. Both effects contribute to strength 

the grain and phase boundaries, thus enhancing the strength and ductility of pure W and reducing 

DBTT down to 100 °C. On the other hand, X.Y. Tan et al. [171] added Zr to W-Cr thin films 
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manufactured by magnetron sputtering in view of improving their oxidation behavior, obtaining 

a comparable oxidation behavior to thin films of W-Cr-Y.  

2.4. Thermal Stability  
Up to date, the European fusion programme has focus on WCLL (Water Cooled Lithium Lead) 

and HDPB (Helium Cooled Pebble Bed) as possible concepts for DEMO. The main difference 

between these models is the operating temperature of the in-vessel components, established by the 

coolant. However, both models are based on the employment of a low-activation martensitic steel 

(RAFM) as the main structural material [14]. Therefore, the operating temperature limit will be 

defined by the properties of this material. EUROFER 97, which is the main European RAFM steel 

option, exhibits a considerable reduction in yield strength and creep resistance at around 550 °C 

[172], [173].  

As plasma facing armor material, W is the most suitable material for reasons already mentioned 

in section 2.2. However, oxidation resistance W-based alloys are being developed for the blanket 

FW as an alternative to pure W to prevent the release of radioactive W-oxides in case of a LOCA 

with simultaneous air ingress into the vacuum-vessel, as described in section 2.3. The W-based 

armor layer joined to EUROFER 97 steel, is expected to have a thickness of 2-3 mm. Considering 

this configuration, the surface temperature increase experienced by the W-based armor due to the 

heat flux density coming from the plasma is given by equation 2.1 [174].  

∆𝑇 =  
𝑄 𝐿 

𝜆
   (2.1) 

being Q the maximum heat flux density, L the thickness of the FW and λ the FW thermal 

conductivity.  

According to Arbeiter et al., for a helium cooled FW, Q takes a value of 2 MW/m2 [175], while λ 

depends on the selected alloying elements added to W. Most of the alloys studied have Cr as main 

alloying element, being their thermal conductivities reported in [153], [176], [177]. Substituting the 

previous data, the expected temperature increases at the FW surface range from 70 to 110 °C. 

Therefore, the maximum temperature expected at the FW under normal operation conditions will 

be of the order of 660 °C, i.e. 550 °C (upper temperature limit of Eurofer) + 110 °C.   

The blanket FW material under steady state conditions must be thermally stable after long 

periods. However, W-Cr alloys presents a two-phase decomposition below a critical temperature. 

This is due to the fact that the W-Cr system shows a simple miscibility gap in the solid state, 

according to its phase diagram [178].  Therefore, the study of this phase diagram as well as the 

decomposition of W-Cr solid solution will be described in the present chapter. 
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2.4.1.  W-Cr Phase Diagram  
The equilibrium diagram of the W-Cr system assessed by S.V Nagender [178] is depicted in 

Figure 2. 27. As can be observed, the W-Cr phase diagram is a binary isomorphus system 

characterized by the presence of a miscibility gap below a critical temperature, in this case 1677 °C. 

Above this temperature, a complete solid solution with BCC structure (α) is found, which 

decomposes into Cr-rich (α1) and W-rich (α2) BCC solid solution phases below the critical 

temperature. W-Cr is one of the few systems reported in the literature that presents a simple 

miscibility gap in which both phases are BCC. 

 
Figure 2. 27. W-Cr phase diagram [178]. 

 

As mentioned above, two different phases are expected to form below the critical temperature. 

However, there are two possible phase formation mechanisms within the miscibility gap: by 

nucleation and growth or by spinodal decomposition. Whether it takes place by one mechanism 

or the other will depend on the position within the equilibrium diagram (composition and 

temperature) with respect to the chemical spinodal boundary. In Figure 2. 28 the W-Cr phase 

diagram together with the chemical spinodal line presented by Porter in [179] is shown. It should 

be noted that in this figure the critical temperature does not correspond to 1677 °C, since this 

diagram is represented from Greenaway’s data [180], much older than those from Nagender [178] 

(Figure 2. 27). 

 
Figure 2. 28. W-Cr phase diagram with the chemical spinodal boundary drawn as dashed line [179]. 
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It is well known that most of the phase transformation processes occur by nucleation and 

growth; thus, in the following section the spinodal decomposition will be explain in detail. 

2.4.2.  Spinodal Decomposition  
The spinodal decomposition is a spontaneous reaction in which there is no thermal barrier. 

Therefore, a nucleation step is not required and thus, the transformation of metastable phase 

occurs only by diffusion processes. This kind of kinetics, different from classical nucleation and 

growth, results in phase decomposition taking place homogeneously throughout the sample. This 

type of decomposition gives rise to the formation of fine-scale and homogenous two-phases 

mixtures [181], as shown in Figure 2. 29. 

 
Figure 2. 29. Spinodal structure of Fe-28.5Cr-10.6Co alloy presented in [181]. 

 

As previously mentioned, it is necessary to know the position of the spinodal curve within the 

equilibrium diagram since the spinodal reaction only takes place under certain conditions of 

temperature and composition. The chemical spinodal line represents the inflexion points of the 

isothermal free energy (G) composition curves, i.e. the points where 
𝜕2𝐺

𝜕𝐶2 = 0, as can be observed in 

the diagram of Figure 2. 30. 

 
Figure 2. 30. A representative diagram on how the chemical spinodal curve is obtained [182]. 
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Since any systems tends to minimize its free energy (G), the chemical spinodal curve delimits 

two regions depending on its free energy, i.e. it indicates the limit of metastability. From a 

single-phase in solid solution at high temperature (T1 in Figure 2. 30), two different two-phase 

scenarios are possible at the same temperature (represented as T2 in Figure 2. 30): within or outside 

the spinodal curve [182].  

Outside the spinodal curve (
𝜕2𝐺

𝜕𝐶2 > 0), i.e. between the solid and dashed curve in Figure 2. 30 as 

e.g. composition X’0, the alloy is metastable since small fluctuations of composition lead to an 

increase of free energy. In this situation, the energy of the system can only be reduced if the 

appearance of the second phase presents very different composition from the matrix. Under this 

condition, the formation of nuclei with a critical size is required to grow, i.e. nuclei will not be 

formed homogeneously throughout the alloy but those that reach the minimum size will be able 

to grow at expense of smaller ones by diffusion toward the composition marked by equilibrium. 

Therefore, phase transformation occurs by nucleation and growth outside the chemical spinodal 

line [181], [183]. On the other hand, within the chemical spinodal curve, where 
𝜕2𝐺

𝜕𝐶2 < 0, i.e. inside 

the region delimited by the dashed curve in Figure 2. 30 the single-phase is unstable since small 

fluctuations in composition give rise to a decrease in free energy. Under this condition, regions 

rich in A (or B) such as composition X0 in Figure 2. 30 take place by spinodal decomposition until 

the equilibrium compositions are reached [182]. This means that there is no thermodynamic barrier 

inside this region and the decomposition is determined merely by diffusion. Thus, the process can 

be treated as a pure diffusion problem, and the characteristics of the decomposition can be 

practically described by an approximate analytical solution to the general diffusion equation.   

In the previous paragraph the spinodal decomposition was described without considering the 

influence of the interfacial energy and coherency strain energy, leading to a change in the total free 

energy. The interfacial energy depends on the composition gradient across the interface while the 

strain energy is related to the size of the atoms. The contribution of the interfacial energy appears 

from the early stages of decomposition, even though the interface between the two resulting 

phases in the W-Cr phase diagram is not yet well defined. This energy change is more significant 

as the composition gradient increases [181], [182]. On the other hand, J.W. Cahn studied the effect 

of strain energy on the spinodal decomposition, concluding that this energy should only be 

considered if the size of the atoms making up the solid solution are quite different  [183]. If this 

condition is fulfilled, a misfit due to differences in lattice parameter of each phase results in a 

coherency strain energy, which is the greater the more the mismatch increases [181]–[183]. Both 

energies modify the total free energy of the system, altering the criterion for the limit of 

metastability, since the curve delimiting where the spinodal decomposition takes place is shifted. 

This new curve is called the coherent spinodal and lies entirely within the chemical spinodal line, 

as shown in. Figure 2. 31. 



Chapter 2 

 

44 
 

 
Figure 2. 31. Schematic phase diagram showing the miscibility gap together with spinodal lines (chemical 

and coherent) [181]. 
 

Therefore, the coherent spinodal line will always be at lower temperatures compared to the 

chemical spinodal line called also incoherent line. The difference in temperature between both 

curves depends on the atomic size mismatch. Thus, the larger this misfit, the bigger the required 

undercooling for spinodal decomposition reaction to take place.  

2.4.3.  Decomposition of W-Cr Solid Solution 
The W-Cr system were studied in order to assess the thermal stability of the solid solution [177], 

[179], [184]. Porter [180] focused on the investigation of the W-Cr solid solution decomposition. 

From this research, it was concluded that, although, a priori, under the conditions of composition 

and temperatures studied, the system could decompose by the spinodal mechanism, it does not 

decompose this way because the start of the decomposition takes place at the grain boundaries. 

Based on the scientific evidence from his study, Porter stated that the phase transformation in the 

W-Cr system occurs by nucleation and growth [179]. This empirical conclusion is supported by the 

theory of Cahn, in which it was concluded that, considering the effect of the strain energy resulting 

from the mismatch of atomic sizes of Cr and W, an undercooling, from the top of miscibility gap, 

of the order of 1650 °C is required [179], [183], [184]. On the contrary, M. Vilémova et al. observed 

the same microstructure as reported by Porter, but this research group attributed the formation of 

this lamellar structure to the spinodal decomposition mechanism [177] without discussing the 

effect of strain energy.  

2.5.  Joining technologies for nuclear fusion application 
Several current fusion reactor design concepts based on helium or water as coolants for DEMO 

[185]–[189] agree on the use of a reduced activation ferritic-martensitic steel (RAFMS) as structural 

material protected from physical sputtering from the plasma by a tungsten layer. Therefore, the 

development of joining technologies between the structural steel and the armour material, i.e. 

tungsten, is a crucial research topic within the fusion community since they are unusual materials 

in the industry and because of the extreme conditions they will be exposed to during normal 

operation inside the reactor.  
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In the following sections, an overview of the state-of-the-art of tungsten to ferritic-martensitic 

steel joints as well as the main techniques to produce them is presented.  

2.5.1.  W-RAFMS Joints 
Joining tungsten and RAFMS directly is a reasonable starting point for joining. Some solid 

techniques such as uniaxial diffusion bonding (DB) or spark plasma sintering (SPS) have been 

performed, obtaining unsuccessful results due to the large difference in their melting points and 

the formation of brittle intermetallic compounds and carbide precipitates at the  W-steel interface 

[190], [191].  Besides, there is a significant dissimilarity in their thermo-physical properties [192]. 

In particular, the mismatch of their linear coefficients of thermal expansions 

(CTE) -αW = 4.5 x 10-6 K-1; αFMS = 12 x 10-6 K-1 at room temperature– results in large residual stresses 

at the joint during cooling, causing a reduction in its mechanical properties. In order to mitigate 

the residual stresses and to minimize the brittle intermetallic phase formation between both 

materials, the addition of interlayers have been proposed by many researchers [193]–[195].  In 

addition to residual stresses and formation of brittle intermetallics, further aspects have to be 

considered when selecting the interlayer material such as high heat loads inside the reactor that 

may lead to temperatures above the tolerable temperature window of the interlayer material [196]–

[198] or the neutron irradiation which may give rise to the formation of long-living nuclides as can 

be Ni, Co, Nb and Ag [199].  

W.W. Basuki et al. [200] studied the joining between tungsten and EUROFER by the addition of 

a Nb interlayer, in which a few areas were not properly bonded while detrimental niobium 

carbides were observed. Besides, the research was probably  suspended owing to the excessive 

activation of Nb during neutron exposure [199]. This research group also investigated the insertion 

of vanadium interlayers due to its low activation by neutron irradiation, good mechanical 

properties at high temperatures and a CTE between tungsten and RAFMS (αV= 8.45x10-6 K-1) 

[193], [201], [202]. However, a thin hard layer consisting of V2C is formed in the region close to the 

interface. Other less commonly used interlayers are Zr [194] and Ni [203], [204].  

Titanium is another possible interlayer used in many investigations [205]–[207]. A good joint is 

obtained in all of them, especially at the W/Ti interface, in which solid solution is detected. 

However, intermetallic phases are observed at the Ti/steel interfaces which weakens the bond.  

On the other hand, Y. Zhou et al. [208] studied two kind of interlayers to decrease the residual 

stresses. The first type, called hard interlayer, is characterized by having relatively high strength 

and a CTE as close as possible to that of the materials to be joined, while the second group, named 

soft interlayer, stands out for its high CTE and good ductility but low strength. Therefore, the 

decrease of residual stresses would be expected to be due to the direct reduction of CTE mismatch 

in the case of using a hard interlayer, but if a soft interlayer is used, a relaxation of the residual 

stresses could be associated with the plastic deformation of the interlayer during cooling after the 

joining process. Q. Cai et al. [209] simulated the residual stress distribution in the tungsten 

substrate close to the steel interface for both kind of interlayers: Mo, Ta ad V as hard interlayers 

while Ni or Cu were selected as soft interlayers. The results showed that soft interlayers behave 

better than hard interlayers of the same thickness. Thus, the most effective method of reducing 

joint stresses is the use of low yield strength and high ductility interlayers, i.e. the selection of the 

interlayer material depends not only on the thermal expansion mismatch but also on the plastic 
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deformation. Based on this conclusions, this research group studied W-steel joints inserting Ti/Cu 

[210], V/Cu or V/Ni interlayers [209] where a bonding strength improvement was observed. This 

is because, while the hard layer transfers residual stresses from W, the soft interlayer relieves them 

by plastic deformation. Besides, as the interlayers are of different materials with solid solution or 

eutectic phase formation, a strong interfacial bond between them and the base materials can be 

achieved, leading to the reduction or elimination of brittle intermetallic phases.  

Even though the insertion of different interlayer materials allows increasing the joining strength 

compared to direct W-steel joints, the bonding properties depend on many other factors, especially 

on the joining technique and the parameters applied in such techniques.  

Up to now, several joining techniques have been developed to join tungsten to RAFMS, the 

main ones being listed in the following section.  

2.5.2.  Joining technologies 

2.5.2.1.  Brazing 
Brazing is a bonding technique by which two or more materials are joined together by melting 

a filler interlayer of lower melting point than the materials to be joined. The brazed joint takes place 

by solid solution or by the formation of a diffusion layer as the filler flows between base materials 

by capillary action. Since the brazing is usually performed at high temperature, vacuum or an inert 

atmosphere is used to protect the materials from oxidation.  

This process is preferable from a technological standpoint, since no external force is required, it 

presents a high applicability to the industrial process, and it does not affect the thermal properties 

of the base materials due to its short duration.  In spite of this, high joining temperatures are used, 

resulting in both large reaction layers leading to the formation of secondary phases at the interfaces 

and, for the specific case of W-steel joints, the degradation of the steel properties as the α-γ 

transition temperature is exceeded and grain coarsening takes place [195], [211]–[213]. 

A large number of studies, listed in Table 2. 7, have been carried out using different parameters, 

mainly temperature, time as well as the material and thickness of the filler. Despite the abundant 

publications, the evaluation of the brazed joints is complicated since dissimilar geometries and 

joining techniques lead to different residual stresses. Besides, it should be noted that the 

microstructure has been analyzed in all the publication listed in the table below but not all have 

measured mechanical properties and, in the cases they were measured, different parameters such 

as shear strength or tensile strength have been measured.  
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Table 2. 7. Overview of several brazing conditions to join W to RAFM. 

Filler material 
Thickness of the filler 

(µm) 

Brazing temperature 

(°C) 

Brazing time 

(min) 
Reference 

Ni 200 1100-1150 10 [214] 

Pd 15 1100 10 [215] 

AuCuFe 50 1000 5 [216] 

CuTi 150 950 1-10 [217], [218] 

CuTi 50 980 30 [195] 

FeBSi 10 1270 10 [219] 

Ta 500 1050 60 [220] 

Cu 100 1100 20 [212] 

Cu 500 1050 60 [220] 

Cu 50 1185 10 [221] 

2.5.2.2. Functionally graded materials (FGM) 
Functionally graded materials (FMG) vary their composition or microstructure in such a way 

that their physical properties also change in terms of spatial dimensions. For this reason, FGM 

were also developed to redistribute or accommodate thermal-stresses created during cooling down 

because of the large CTE mismatch between the materials to be joined, leading to a smooth 

transition of the material properties along the joint and thus, preventing damage without the need 

to add a new material as interlayer [222]. 

The concept of this kind of material originally emerged in 1987 where Cu was combined with 

TiB2 aiming at manufacturing super heat-resistant materials [222]. From that time on, widespread 

applications as metal-ceramic [223], polymer-base, metal/metal composites were found [223]–

[228].  

FGM can be manufactured as thin-films or in form of thick layers depending on the applied 

technique. The first one is used when an improvement of the surface properties, differing greatly 

from the bulk material, is required, whereas a thick layer is composed of several sublayers in which 

the properties such as composition or microstructure vary across the volume of the bulk material. 

Based on the FW thickness requirement (about 2 mm of W or W-alloy on steel) and, according to 

the finite element simulation shown in [196] and [229] , at least a 1 mm  thick FGM layer is needed 

to have a positive effect on the stress-strain distribution. Therefore, techniques such as physical 

vapor deposition (PVD), chemical vapor deposition (CVD) or electroplating should be avoided 

while powder metallurgy seems to be the most convenient route. Plasma spraying [198], [230], 

[231], laser cladding [232] and hot press [233] have been also process employed to manufacture FG 

W/steel layers without cracks. Although a comparison between the different FG layers is difficult 

as they are heavily influenced by the applied technique, all of them exhibit porosities ranging from 

1 to 4 %vol [230], [234]. However, the most detrimental effect is associated to the presence of 

intermetallic phases, Fe2W and Fe7W6, according to the Fe-W phase diagram, since they are brittle, 

hard and of low thermal conductivity, being detrimental for the mechanical properties [231], [235], 

[236]. Besides, the amount of these intermetallics, mainly Fe7W6, increases along the interfaces 

between W and Fe with time and thus, mechanical properties of FG W-steel will depend on their 

temperature-time history. Therefore, a good control of porosity and of the formation of 

intermetallic phases is required to apply FG materials at the FW. 
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2.5.2.3.  Diffusion bonding by Hot Isostatic Pressing (HIP-DB) 
Hot isostatic pressing consists of the simultaneous application of isostatic pressure and 

temperature. This technique is usually applied for sintering a powder material or to remove or 

reduce the porosity in a bulk material. However, it can be also used to produce a solid-state joint 

due to the combination of mechanical deformation and diffusion of the elements at the seam. 

Therefore, a good joining with the absence of defects can be achieved by applying HIP. According 

to this, HIP has been a widely used technique to join W or W-alloys to RAFMS using different 

materials as interlayer.  

Several interlayer materials were described in 2.5.1 without considering the technique applied. 

Ti has been the most commonly used interlayer for joining W and RAFMS although Ni, Cu and Zr 

have ben also used. Although several authors have chosen Ti as interlayer material, the obtained 

results differ greatly because of the different parameters applied during HIPing such as 

temperature and holding time or the interlayer thickness.  

Z. Zhong et al. [203] studied the influence of the holding time on the microstructure and 

strength of W/RAFMS using a Ni interlayer. The maximum tensile strength obtained was 215 MPa. 

Since Ni presents a high activation by neutron irradiation, these authors replaced Ni by a Ti 

interlayer and they related the strength of the joints to the microstructure evolution of the diffusion 

zone. The main conclusion was that the maximum shear strength, 102 ± 11 MPa, is reached by 

HIPing at 900 °C because below this joining temperature the interdiffusion of chemical elements is 

limited at both interfaces while above, intermetallic phases can be observed at the Ti/RAFMS 

interface [205]. Based on this research, Y-I. Jung et al. [237] bonded the system W/Ti/RAFMS  by 

HIP at 900 °C. However, the shear strength decreases by almost half, with a value of 57 MPa. The 

next step carried out by these authors consisted of coating the W base material with Ti or Cr by 

electron beam evaporation and adding Ti or Cu as interlayers [238]. The obtained results showed 

that the coating layer is no longer significant to the bonding strength of W/RAFMS and that the Ti 

interlayer is more effective in improving the shear strength than the Cu interlayer. Besides, since 

the diffusion bonding was performed at a temperature above Ac3, i.e. the temperature at which 

ferrite is completely transformed to austenite, a post-HIP heat treatment (PHHT) to recover the 

initial properties of the RAFMS is required. The shear strengths were measured after HIP and 

PHHT, obtaining a maximum value of 130 MPa after PHHT and when both coating and interlayer 

consist of Ti.  

J-C. Wang et al. [239] also employed Ti as interlayer for bonding W to RAFMS in order to study 

the effect of deuterium on this joint. In this case, the researchers selected 760 °C as the HIP 

temperature to keep the steel mechanical properties unchanged. Since the temperature is not too 

high, diffusion between elements is limited and, thus, intermetallic formation was greatly reduced. 

Despite this fact, the average shear strength measured after diffusion bonding was approximately 

63 MPa. However, after deuterium exposure, the quality of the joint improved to 85 MPa, which 

was related to the ability of deuterium to promote element diffusion between Ti and RAFMS. This 

is because the Fe presents in the RAFMS can diffuse longer distance at this interface. Despite this 

improvement, the shear strength remains lower than the first values obtained in [205].  
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As introduced previously, Zr has been another option to mitigate the residual the stresses 

induced by the CTE mismatch between W and RAFMS. This material has been selected because of 

its low activation by neutron irradiation, its CTE having an intermediate value between W and 

RAFMS, and because it exhibits a solid solution with Fe which is thermodynamically stable. The 

diffusion bonding was performed by Y. Il Jung et al. [194]. The obtained joining strength was 54 

MPa under shear stress, which was associated to the formation of the intermetallic brittle phase 

ZrW2. 

On the other hand, Zhang et al. [240] evaluated the diffusion bonding quality of the W/RAFMS 

using a Cu interlayer. The results revealed a good joining without the presence of intermetallic 

phases and a maximum tensile strength of 480 MPa after HIPing at 1050 °C during 2h.  

To enhance the mechanical properties at the joint by avoiding the possible formation of 

intermetallics, a combination of Ti and Cu interlayer was proposed by [241]. The selection of a Ti 

interlayer is based on the fact that it mitigates residual stresses, as explained above, forming 

continuous solid solution with W, while Cu was chosen because it is a soft metal able to 

accommodate the residual stresses caused by the CTE mismatch. Besides, the formation of brittle 

intermetallic phases with either Fe, Cr or Ti is not expected. However, the occurrence of Ti-Cu 

intermetallics cannot be avoided until the joining temperature reaches 1050 °C, having exceeded 

the melting point of the TiCu phase (982 °C). Therefore, a liquid phase is formed, accelerating the 

dissolution of these phases. This fact is very important, since the maximum tensile strength was 

achieved at this temperature. Specifically, the value was 323 MPa. 

Although comparison between the different published works is difficult due to the large 

number of parameter involved, up to date the Cu interlayer used in [240] presents the highest joint 

strength (480 MPa) achieved by diffusion bonding using HIP.  

2.5.3.  Coating Techniques 
A possible alternative to the joining techniques previously described is the deposition of the 

material as a layer on the substrate. The most relevant techniques used to join tungsten to RAFMs 

are detailed below. 

2.5.3.1. Plasma Spraying 
Plasma spraying is a coating process where a high energy heat source is used to melt and 

accelerate fine particles of powder onto a substrate, which is previously prepared. These molten 

particles (also called droplets) cool down and solidify immediately upon impact by heat transfer 

to the underlying substrate, giving rise by accumulation to a coating consisting of lamellae. This 

technique allows to manufacture thick layers on substrates, leading to complex surface geometries 

compared to other joining processes due to the successive deposition of droplets. However, it is 

challenging because many parameters influence the process such as gun power, particle velocity, 

powder particle size distribution, spraying distance, substrate temperature and so on [242], [243], 

which make it difficult to reproduce identical layers depending on the machine used.  

Based on the fundamentals of this technique, there are a wide range of variations that have been 

developed, the most important ones being atmospheric plasma spraying (APS) and vacuum 

plasma spraying (VPS).  
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o APS is extensively used because of its simplicity. However, this technique usually 

results in oxide formation, as the process is performed at high temperatures under 

atmospheric conditions.  

o VPS is widely used to manufacture coatings of high melting point and highly oxygen 

reactive materials because it is performed in a controlled atmosphere with a low inert 

gas pressure, usually nitrogen or argon. On the other hand, one of its main 

disadvantages is the price, since it is approximately one order of magnitude more 

expensive than air plasma spraying.  

Regarding the deposition of tungsten on steel, several publications mention the key challenges 

for achieving a good coating: porosity, cracks and presence of impurities, mainly oxides. Both 

porosity and oxide amount were analyzed. Specifically, the coatings manufactured from APS show 

a porosity ranging from 2 to 2.3 vol% and an oxygen amount between 0.3 and 5.5 at% [243], [244] 

whereas using the VPS process, the quantity of oxides is negligible, and the porosity level is much 

lower (0.6 – 0.85 vol%) [245]. Both parameters, together with the presence of cracks, determine the 

adherence of the coating because in this technique the bonding is caused by mechanical clamping 

instead of chemical reactions. Tungsten layer of 2 mm thickness, as required for FW armor 

application, were only manufactured in [231], [246], [247], but the adhesion strength has been only 

reported by [246], achieving values of 20-22 MPa. However, this sprayed coating could tolerate 

1000 heat pulses of 2 MW/m2. Thus, in terms of cyclic stability, plasma sprayed tungsten seems to 

be a promising technique for FW fabrication. 

2.5.3.2. Cold Spraying 
Cold spraying has recently been used for the manufacture of W coating for the first wall armor. 

This technique is similar to plasma spraying since a powder material is accelerated and heated in 

a gas flow. However, the particle temperature remains below the melting temperature and thus, 

the cohesion of the particles is obtained by plastic deformation. Therefore, the success of adhesion 

in cold spraying depends mainly on the velocity and temperature of the particles, which are 

controlled by the pressure and temperature of the gas [248], [249] .  

J. Cizek et al. [250] studied different W-alloy coatings by cold spray. As a first attempt, a W-Cr 

coating with a thickness of 200 µm and evenly distributed Cr was achieved. The thickness is less 

than the 2 mm required for a FW coating; besides, cracks were observed, thus evidencing a low 

adhesion between Cr and W particles. Such low adhesion is due to the intrinsic brittleness of both 

W and Cr. In order to improve the cohesion and considering self-passivating elements, these 

authors selected Ti as binder material between W and Cr. As a result, a crack-free coating with a 

maximum thickness of 1.1 mm was attained. No alloying of the involved elements was observed 

but lamellae composed of the starting elements. Prior to this research, other W based coatings were 

successfully produced but with thicknesses well below 2 mm [251], [252].  

Up to date, only Xia et el. [253] have almost achieved the required thickness and tested the 

mechanical properties of the coating (according to ASTM C-633), obtaining a strength of more than 

32 MPa. However, this research group have employed Ni and Fe as a binder element, Ni exhibiting 

a high activation under neutron flux.  
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2.5.3.3. Laser Melting Deposition 
Recently, a laser melting deposition (LMD) additive manufacturing technique has aroused a 

great interest in the fabrication of functionally graded materials [254]–[258]. This technique is 

presented as an alternative for joining materials, as it is expected that a large area coverage with 

high density and bonding strength as well as a thickness of at least 2 mm can be achieved. This 

process consists of using a high energy density laser beam as energy source to melt the raw 

powders in the molten pool, which is partially formed from the substrate, following planned 

scanning paths. After the deposition of the first layer is completed, the laser head and powder 

nozzle are raised until a certain height and then the cladding process is repeated until the required 

thickness is achieved. Therefore, chemical reactions take places between the substrate and the 

coating, ensuring the metallurgical joint and thus, improving adhesion and bonding strength.  

B.D. Wu et al. [259] employed LMD process to deposit a W-Cr coating on RAFMS substrates. 

The obtained results showed coatings with graded transition of compositions, microstructures and 

phases along the joint, which is formed due to the element dilutions in the molten pool, i.e. Fe and 

Cr from the substrate is locally melted while at the same time W-Cr powders are introduced into 

the molten pool. Therefore, this effect decreases as the deposition height increases, leading to a 

reduction of Fe content and a higher amount of W. Besides, pores and cracks are also seen. The 

presence of the former was attributed to the residual delivered gas, evaporation of Cr or to the lack 

of fusion, since W powder particles cannot be melted completely and thus, the densification mainly 

depends on the liquid phase sintering of Cr particles. On the other hand, cracks are mainly located 

at the joint where scattered particles of Fe7W6 intermetallic compound was found. In addition to 

the presence of this hard phase, cracks could have been also originated by the CTE mismatch 

between steel substrate and W-Cr coating. Therefore, in order to reduce the stresses at the 

coating/substrate interface, this  research group deposited an interlayer of W-Ni-Fe before the 

deposition of W-Cr coating [260]. Fe and W were selected because they are the major elements of 

the substrate and coating, respectively, while Ni was added since it has higher ductility than the 

base materials (steel and W-Cr). Using this interlayer, no pores or cracks have been observed at the 

substrate/interlayer and the interlayer/coating interfaces. Nevertheless, as the deposition height 

increases, pores can be seen, which can be related to the lack of fusion since the W content is higher 

and, as explained before, these particles cannot be totally melted. Aside from these pores, Fe7W6 

intermetallic phases were seen near the interlayer/coating and the interlayer/substrate interfaces. 

For these reasons, and despite cracks and pores were removed from the interfaces, this technique 

requires further investigation. Specifically, the joint strength must be tested for comparison with 

other joining processes.  

2.5.3.4.  Summary  
Based on the comparison of the several techniques for joining W to RAFMS it can be deduced 

that none of them is close to produce reliable joints for FW applications up to date. All of them 

exhibit advantages and drawbacks, and what is most relevant, all joints have been tested taking 

into account only limited aspects with respect to those required for fusion application. 

Evaluating the available techniques presented in this literature review, both brazing and 

diffusion bonding by HIP seem to be the most promising processes because both offer the greatest 

flexibility in terms of geometries, thickness and material combinations employed.  
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2.6.  Powder  Production by Mechanical Alloying 
The process of mechanical alloying has been widely employed to alloy a starting powder mix. 

However, alloying does not necessarily have to take place, but only particle refinement or some 

phase transformation, depending on the parameters chosen during the process [261]. Since the 

mechanical alloying is based on the application of a mechanical force by microscopic impacts to 

the powder particles with the grinding balls and with the walls of the vial, the most important 

parameters are the type of mill and the process variables [262].  

The present section is focused on the different kinds of milling equipment.  

As mentioned above, mechanical alloying or milled powder can be produced using different 

types of milling equipment, which differ in their production capacity, milling efficiency or design 

among others. The most relevant milling equipment for the present thesis are the planetary ball 

mill, the attritor and specific commercial mills. Thus, these equipment will be briefly described in 

the following subsections. More information about other milling equipment can be found in [263].  

2.6.1.  Planetary Ball Mills 
The planetary ball mill, in which a few hundred grams of powder can be milled, is so called 

because of its planet-like movement, since not only the vials rotate around their own axes, but also 

the rotating support disk where they are arranged. Both rotations give rise to centrifugal forces 

acting alternately in like and opposite directions on the vials, causing the grinding balls to run 

along the inside wall of the vials and being lifted off, thus being able to travel freely through the 

inner part of the vial. As a consequence, they impact not only on the opposite inside wall but also 

with the powder particles and between them, resulting in cold working and fracturing of the 

powder particles and thus, in the alloying or in a mixing of them depending on the impact energy  

[261].  Such movement can be observed in Figure 2. 32. 

 
Figure 2. 32. Ball motion inside the planetary ball mill [261]. 

 

To carry out mechanical alloying or mixing of powders in a planetary ball mill, different 

materials for the containers and balls are available depending on the required impact energy and 

the powders to be milled. Commonly, the same material is selected for vials and balls in order to 

minimize as much as possible the powder contamination.  
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2.6.2.  Attritor Mills 
Attritor mills consists of a vertical drum filled with small steel balls and containing a series of 

impellers. This kind of mill arose from the need to prevent the steel balls from pinning to the wall 

of the drum in conventional ball mills when the centrifugal force acting on the balls exceeded the 

force of gravity, at high speed. Figure 2. 33 (a) and (b) shows a drawing of a conventional horizontal 

[264] and vertical attritor mill [265], respectively. 

  
Figure 2. 33. Descriptive scheme of a: (a) horizontal [264] and (b) vertical attritor mill [265]. 

 

Since the vertical drum operates in a stationary mode, all the input power is used directly for 

agitating the material and the balls inside it, instead of rotating also the container, which is one the 

main differences with respect to the planetary ball mills. This characteristic configuration gives 

rise to forces of impact, rotation, trembling and shear, resulting in further refinement of the initial 

material in which the particles are more spherical than other impact-type milling equipment, as 

shown in Figure 2. 34.  

 
Figure 2. 34. Particle size of concentrated chalcopyrite versus power for different milling equpment [261].  

 

Attritor mills are made of stainless steel which can be coated with different materials, as can the 

grinding media, which is also available in a variety of materials. However, although this type of 

mills operates at lower speeds (from 60 rpm in the largest production unit to 250 rpm in laboratory 

devices) compared to the planetary ball mill, larger quantities of powder are milled in a shorter 

time, indicating that it is much more effective than a planetary ball mill as Figure 2. 35 shows [266]. 
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Figure 2. 35. Times needed to obtain a similar particle size in TiB2 powder milled in a planetary ball mill 

and in an attritor [266]. 
 

2.6.3.  High Energy Mills 
In addition to the milling equipment described above, there are also so-called high energy (HE) 

mills, some of which are briefly outlined below.  

The Megapact and Megamill-5 devices from Dymatron consists of HE vibration mills whose 

grinding media are steel rods instead of the traditional balls, resulting in less powder 

contamination.  

Another HE mill, reaching speeds of 1600 rpm, is the one developed by the Japanese company 

Nisshin Giken. This device stands out for its great versatility, since a wide variety of parameters 

can be controlled, such as the working temperature, allowing operation in a range between -190 

and 300 °C.  

On the other hand, the Italian company MBN Nanomaterialia developed its own HE mill, which 

features impact velocities of up to 4 m/s and an impact frequency of the balls with the container 

walls of 20 Hz. As depicted in Figure 2. 36, this equipment can operate with one large vial or two 

small ones in which, since they are independent, different conditions and materials can be used. 

The movement of these vials, where quantities of up to 10 kg can be milled, is fixed at an amplitude 

of 30 mm. However, their frequency can be continuously modified with a resolution of 1 min and 

programmed up to a milling duration of 4 days [261].  
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Figure 2. 36. Drawing of the operation of a HE mill from MBN, with the motor (A), springs (B), grinding 

balls (C), vials (D) and lever (E) [261]. 
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3.Experimental Techniques 
The purpose of this chapter is the description of the material and experimental methodology 

employed in this dissertation. Raw powders used for the alloy production and equipment required 

to characterize and analyze the manufactured material are presented.  

Two tungsten-based alloy systems with different composition were investigated: W-Cr-Y and 

W-Cr-Y-Zr. The morphology, size and composition of the starting powders were analyzed as well 

as the powder obtained after mechanical alloying. Bulk samples were characterized by measuring 

their physical, thermal, microstructural and mechanical properties. Moreover, oxidation at high 

temperatures and thermal-shock resistance under relevant conditions as well as a method for 

joining W-alloys to steel were studied. 

The powder metallurgy processing route for manufacturing the alloys is summarized in Figure 

3. 1. The initial step consists of mixing and alloying the powders, which are densified by hot 

isostatic pressing and subsequently heat treated.  
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Figure 3. 1. Scheme of the experimental procedure followed for the characterization of W-alloys. 

3.1.  Raw Materials 

3.1.1.  Tungsten Powder 
The tungsten powder used in the present work was supplied by Edgetech Industries LLC which 

presents the properties showed in Table 3. 1. 

Table 3. 1. Properties of tungsten powder used. 

Supplier 

Theoretical 

Density 

(g/cm3) 

Average 

Particle Size 

(µm) 

Oxygen Content 

(ppm) 

Carbon 

Content 

(ppm) 

Purity 

(%) 

Edgetech 

Industries LLC 
19.27 21 130 15 99.95* 

* Fe, Ni, Mo, Ca, As, S, P, K, Na, Al, Mg, Mn, Sb are the main impurities according to the 

certificate of analysis supplier. 
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The X-ray diffraction pattern of the powder is presented in Figure 3. 2, where the tungsten 

elemental peaks were identified with the International Centre for Diffraction Data 

(ICDD PDF 2 2004) database 

.  

Figure 3. 2. XRD pattern of the initial W powder. 
 

The morphology of the powder is shown in Figure 3. 3. It presents a homogenous particle size 

distribution, being the average particle size below 25 µm. Tungsten particles are equiaxial with a 

smooth surface, as observed at higher magnification. 

  
Figure 3. 3. Morphology of the W powder:  At low (left) and high (right) magnification 

 

3.1.2.  Chromiun Powder 
The characteristics of the initial Cr powder, supplied by Materion, are shown in Table 3. 2. 

Table 3. 2. Characteristics of the Cr initial powder. 

Supplier 

Theoretical 

Density 

(g/cm3) 

Average 

Particle Size 

(µm) 

Oxygen Content 

(ppm) 

Carbon 

Content (ppm) 

Purity 

(%) 

Materion  7.19 < 74 < 600  8 99.95* 

*Fe, V, Ca, Na, Al, Mo, Si, Ni, W, Mn and Co are the main impurities according to the certificate of analysis 

of the supplier.   
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From the X-Ray diffraction patter of the powders is presented in Figure 3. 4, it has been verified 

that it is pure Cr, since the peaks match the patter of the ICDD PDF 2 2004 database. 

 
Figure 3. 4. XRD analysis of the Cr powder. 

 

The morphology of the Cr powder is shown in the micrographs of Figure 3. 5, where elongated 

and sharp particles with a rough surface can be appreciated. 

  
Figure 3. 5.  Morphology of the Cr particles. 

3.1.3.  Yttrium Powder and Zirconium Hydride Powder 
Table 3. 3 shows the main characteristics of yttrium (Y) and zirconium hydride (ZrH2) powders 

used to manufacture the alloys of the present dissertation.  

Table 3. 3. Properties of yttrium and zirconium hydride powders. 

Element Supplier 
Theoretical 

Density (g/cm3) 

Average Particle 

Size (µm) 
Purity (%) 

Yttrium  Hefei 4.47 20 - 30 99.99 

Zirconium 

hydride 
Alfa Aesar 5.60 4.50 - 6.5 98.50 

 

Y powder presents a strong oxygen affinity even at room temperature. Thus, work with this 

powder has been performed always in inert atmosphere, Ar in this case. However, despite working 
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carefully with it, the surface of the Y powder is oxidized as can be observed in the XRD spectra in 

Figure 3. 6. In this Figure (Figure 3. 6 (b)), the spectra of ZrH2 is also shown. 

 

 
Figure 3. 6. XRD analysis of (a) Y and (b) ZrH2 powders. 

 

As Figure 3. 7 shows, yttrium powder ((a) and (b)) consists of irregular particles with a smooth 

surface, where small particles of this powder are placed, while zirconium hydride particles ((c) 

and (d)) are regular and round. Both powders present a wide range regarding size distribution, as 

can also be observed in this figure.  
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Figure 3. 7. Morphology of the Y (a and b) and ZrH2 (c and d) initial powders. 

3.1.4.  Joining Materials 
Tungsten alloys developed in the present work have to be joint to a ferritic-martensitic steel 

based on the current design of DEMO. The chosen joining technique was diffusion bonding by 

HIP. The cycles carried out will be described in section 3.8.1. 

3.1.4.1.  P91 

The ferritic-martensitic steel chosen for studying the joint to tungsten was P91 grade, whose 

composition, according to ASTM A335, is shown in Table 3. 4. This material was supplied by 

Karlsruher Institut für Technologie (KIT). 

Table 3. 4. Chemical composition of P91 grade according to ASTM A335. 

C (% wt.) Cr (% wt.) Mo (% wt.) Mn (% wt.) P & S (% wt.) Si (% wt.) 

0.08 – 0.12 8.00 – 9.50 0.85 – 1.05 0.30 – 0.60 0.020 – 0.010 0.20 – 0.50 
 

The microstructure of the as-received P91 consist primarily of a tempered martensite matrix 

with a uniform dispersion of fine precipitates, as can be appreciate in Figure 3. 8 (a). These fine 

precipitates were identified by XRD (Figure 3. 8 (b)) as chromium and manganese carbides. 

Besides, some peaks corresponding to boron nitride were also appreciated. The strongest peaks 

match the iron and chromium solid solution representing the matrix of the material.  
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Figure 3. 8. (a) Microstructure and (b) XRD of P91 steel. 

3.1.4.2. Copper and Molybdenum Foils 

Copper and Molybdenum foils were used as interlayer between P91 and W-alloy and W-alloy 

and steel canisters, respectively. Copper interlayer has been selected to mitigate residual stresses 

generated because of the mismatch of the thermal expansion coefficients of the W-alloy and P91.    

This foil consists of a pure copper (99.9999% metal basis) with a thickness of 50 µm bought from 

Alfa Aesar. The oxygen content has been measured in CEIT resulting in a content of 126 ppm O.  

On the other hand, it is necessary to place the Mo interlayer between W and steel canister since 

it prevents these two elements from reacting, leading to brittle intermetallic compound formation. 

Such an interlayer has been supplied by ThermoFisher with a purity of 99.95% metal basis and a 

thickness of 25 µm. 

3.2.  Production of W-alloys 
The powders described above were used to produce two different alloys: W-Cr-Y and W-Cr Y 

Zr. Both systems are the alloys to be developed within the present dissertation. The details about 

their composition are shown in Table 3. 5.  

Table 3. 5. Compositions of the materials studied in the present work. 

Terminology 

Composition 

% weight % atomic 

W Cr Y Zr W Cr Y Zr 

W-Cr-Y 89.5 10 0.5  71.1 28.1 0.8  

W-Cr-Y-Zr 89 10 0.5 0.5 70.4 28 0.8 0.8 

3.2.1. Powder Mixture Preparation 
The starting powders were mixed and alloyed together at the relative quantities corresponding 

to the compositions described above (Table 3. 5). The production of the alloyed powders was 

carried out in two steps. A short first step was performed in order to achieve a homogenous mix 

between all elements. For that purpose, a turbula shaker as the one shown in Figure 3. 9 was used. 

The parameters chosen for the mixing process were 72 rpm for 4 h in argon atmosphere. 
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Figure 3. 9. Turbula shaker T2/T2F used in the powder mixing process. 

 

Once the first stage was completed, a high-energy second step was applied. A planetary ball 

mill system PM400/2 MA (Retsch) was used to produce the mechanically alloyed powder. The 

mixed powders were poured into 250 ml tungsten carbide (WC-Co) milling jars. Jars were filled 

with ball of the same composition and different diameters in order to improve the alloying process. 

The ball-to-powder ratio was 8:1. The milling process was undertaken at room temperature for 

25 h at 250 r.p.m., being 300 r.p.m. the maximum speed allowed by the equipment. This step, as 

the previous one, was performed under argon atmosphere to reduce the oxygen content in the 

alloy to the minimum possible. The planetary ball mill system as well as jars used for mechanical 

alloying are shown in Figure 3. 10. 

 
Figure 3. 10. Planetary ball mill PM400/4 MA (left) and 250 ml WC-Co jars (right). 

3.2.2.  Encapsulation  
Mechanically alloyed powders as well as bulk samples to be joined were introduced in stainless 

steel 316L capsules to be subjected to hot isostatic pressing (HIP). This steel was selected because 

of its low carbon content and strength at high temperature, minimizing the capsule-alloy 

interaction during HIP. The size of these cans depends on the geometry and size of the samples 

required, as can be observed in Figure 3. 11. 
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Figure 3. 11. Different geometries and size of capsules used for encapsulation. 

 

Previous to filling, a careful cleaning was performed in order to remove possible impurities 

from the welding or machining process. The capsules filling was carried out by vibration of the 

powder to improve the tap density as much as possible. For the capsules devoted to joining, this 

step is not required as the samples inside them are bulk materials. The capsules are then evacuated 

to remove air and humidity inside them to prevent oxidation. For that purpose, they are connected 

to a vacuum system consisting of two different pumps. The first one is a rotatory pump reaching 

10-2 mbar, while a vacuum up to 10-5 mbar can be obtained with the second one, a turbomolecular 

pump. Firstly, the evacuation is done at room temperature, increasing then the temperature to 

180°C for 4-24h, depending on the size, in order to remove not only the air inside, but also elements 

that could be adsorbed on powder particles, e.g. nitrogen. Once a vacuum below 2 x 10-4 mbar is 

reached, the capsules are sealed. 

3.2.3.  Hot Isostatic Pressing (HIP) 
After encapsulating, the canisters are subjected to hot isostatic pressing. This technique is based 

on the simultaneous application of temperature and pressure. The heating element is of graphite, 

while pressure is applied using a compressor and argon as pressure-transmitting medium. In this 

way, the previously evacuated canisters collapse, densifying the powders or allowing diffusion 

bonding of bulk materials. 

 For HIPing, a press AESA QIH-6 was employed (Figure 3. 12). This equipment has a working 

area of 120 mm diameter and 210 mm height. The maximum pressure and temperature that can be 

achieved in this press are 200 MPa and 2000 °C, respectively. 

 
Figure 3. 12. AESA QIH-6 equipment used for HIPing. 
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Two kinds of HIP cycles were made depending on the objective to be achieved. The first one 

consists of densifying the previously alloyed powders. These cycles were performed at 1250 °C 

and 140 MPa for 2 h, being the heating rate 10 °C/min while the cooling is free inside the furnace. 

Variation of pressure and temperature as a function of time for densifying the powder is shown in 

Figure 3. 13. The second sort of HIP cycles are devoted to diffusion bonding of bulk materials and 

will be described in section 3.8.1. 

 
Figure 3. 13. Typical HIP cycles for densifying the powders. 

3.2.4.  Heat Treatments 
Bulk materials obtained after HIP were subjected to a subsequent heat treatment in order to 

modify the microstructure of the material. A furnace from Materials Research Furnaces Inc. (MRF), 

model F 14x14x14 W W/M 1800VD GH2.MRF, was employed. This furnace stands out for its wide 

range of temperatures and atmospheres. H2, Ar or a mixture of both can be utilized as well as high 

vacuum up to 10-5 mbar by means of rotary and turbomolecular pumps. Temperature is controlled 

by C-thermocouples (W-5Re/W-26Re) which allow reaching a maximum temperature of 1800°C 

with an accuracy of ± 5°C inside the whole chamber.  

Different temperatures and times as well as cooling rates were performed under H2 atmosphere 

to study the most suitable conditions for obtaining the best possible microstructure. The usual heat 

treatment parameters in the present work were 1555 °C for 1.5 h being the heating and cooling 

rates 10 and 60 °C/min, respectively. 
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Figure 3. 14. MRF furnace used for heat treatments. 

3.3. Material Characterization 

3.3.1.  Powder Size Distribution 
The powder size distribution of the mixed and alloyed powders was obtained using the laser 

diffractometer Sympatec HELOS (H0852) & RODOS shown in Figure 3. 15. This technique consists 

of pouring the powder to be analyzed into the funnel, which by means of vibration of a platform, 

will be dosed in a controlled way to a second funnel. At that moment, the powder is directed to 

laser beam by compressed air. The measurement period is approximately 10 s, during which the 

detector collects angular variations in the intensity of scattered light when the laser beam pierces 

the powder particles, translating them into a size distribution chart. From the plot, important data 

as D50 and D90 can be obtained.  

 
Figure 3. 15. Laser diffractometer Sympatec HELOS (H0852) & RODOS. 
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3.3.2.  Density Measurements 

3.3.2.1. Geometric Measurements 

The bulk density (ρg) of the samples was determined by its weight and dimensions, being m and 

Vg the mass and the volume of the sample, respectively. 

𝜌𝑔 =  
𝑚

𝑉𝑔
 (3.2) 

 

The mass was weighted by a balance with an accuracy of ± 0.1 mg while the dimensions to 

calculate the volume were measured using a micrometer with an accuracy of ± 0.001 mm. 

3.3.2.2.  Water Immersion Measurement 

Density has been also determined by water immersion in cases where the samples are of 

irregular shape. This method is based on Archimedes principle, which states that any body 

completely or partially submerged in a fluid at rest is acted upon by an upward force, whose 

magnitude is equal to the weight of the fluid displaced by the body. Taking into account this 

principle, the balance of forces can be expressed as: 

𝐹 = 𝑊 − 𝐸 (3.2) 

𝐹 =  𝑚𝑤 . 𝑔 (3.3) 

𝑃 =  𝑚𝑠 . 𝑔 (3.4) 

𝐸 =  𝑉𝑠 . 𝜌𝑤 . 𝑔 (3.5) 

where ms and mw represent the weight of sample and the mass of the sample submerged in the 

fluid while ρw is the density of the fluid which depends on the temperature. 

Combining these equations, the density ρA of the sample can be calculated applying: 

𝜌𝐴 =  
𝑚𝑠

𝑚𝑠 − 𝑚𝑤
. 𝜌𝑤 (3.6) 

The first step consists of weighting the sample in a balance for obtaining ms. Then, the sample 

is submerged in water, leaving it in a metal basket and obtaining the mass of the sample in water, 

mw. As water density varies with the temperature, a thermometer is also located inside the liquid. 

The measurement setup employed to carry out the measurements is shown in Figure 3. 16. 

 
Figure 3. 16. Assembly to measure the density according to Archimedes principle. 
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3.3.2.3.  Theoretical Density 

The theoretical density of the samples can be calculated from the crystalline properties of the 

material, knowing the cell volume by X-ray diffraction (XRD) and the mass of atoms. However, 

determining the lattice parameter of each phase could be complicated. Another possibility is the 

application of the rule of mixtures, whose expression is given by: 

𝜌𝑇 =  
1

∑
𝑋𝑖

𝜌𝑖

. 100 (3.7) 

being Xi and 𝜌𝑖 the weight percentage and the density of each elements and  𝜌𝑇 the theoretical 

density where the material is considered as 100% dense. 

The concept of theoretical density implies no porosity inside the sample. Therefore, ideally,  and 

if no closed porosity is present in the sample, the density obtained by Archimedes principles 

matches with the bulk density as well as the theoretical one, given by the rule of mixtures for each 

composition. 

3.3.2.4.  Relative Density and Porosity 

Density can be also described as a percentage relationship between experimental density 

(measured by geometry or water immersion) and theoretical one. In this way, the porosity can be 

calculated by the difference between a 100% density and the relative density (DR):  

𝐷𝑅(%) =
𝜌𝐺

𝜌𝑇
· 100 (3.8) 

𝑃𝑜𝑟𝑜𝑠𝑖𝑡𝑦 = 100 − 𝐷𝑅 (3.9) 

where 𝜌𝑇  is the theoretical density (100% dense material) and 𝜌𝐺  is the density obtained by 

Archimedes principle or by geometric measurements.  

3.3.3. Impurity Content 

3.3.3.1.  Oxygen and Nitrogen Content 

The amount of oxygen and nitrogen present in the initial powders, as well as in the mechanically 

alloyed powders and bulk samples, was measured by the inert gas fusion method, following 

ASTME 1569, using a LECO TC 400 analyzer as shown in Figure 3. 17. In this equipment, a small 

sample of the material is placed in a high-purity graphite crucible and fused, under a flowing 

helium gas stream, to temperatures sufficiently high to release its oxygen. This oxygen combines 

with the carbon from the crucible, forming carbon monoxide and dioxide. The CO is converted to 

CO2 passing through a heated copper oxide filter, being the total amount of CO2 generated in the 

process detected by a CO2 sensor. The amount of oxygen originally present in the sample is thus 

determined. On the other hand, nitrogen is analyzed by a thermal conductivity cell. This 

equipment is able to measure up to a maximum value of 2 and 5 mg oxygen and nitrogen, 

respectively. 
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Figure 3. 17. LECO TC400 analyzer. 

3.3.3.2. Carbon Content 

To determine the amount of carbon existing in the initial and alloyed powders as well as in bulk 

samples, the combustion method according to ASTM E1019 is employed, using a LECO CS-200 

analyzer, as Figure 3. 18 shows. The functioning of this equipment consists of combustion of 

samples heated in an induction furnace. Samples are located in alumina crucibles together with 

fluxes called LECOCEL II and Iron Chips and fused, under flowing oxygen, emitting CO and CO2. 

The CO is transformed into CO2 going through a Pt-SiO2 catalytic, being the total amount of CO2 

analyzed by a CO2 sensor. 35 mg is the maximum carbon content that this equipment is able to 

measure.  

 
Figure 3. 18. LECO CS200 analyzer. 
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3.3.4.  Crystallographic structure: X-Ray analysis 
The X-ray diffraction (XRD) technique was employed to determine the mechanical alloying 

grade of the powder and the phases present both in alloyed powder and bulk samples. The 

analyses were performed in a D8 ADVANCE A25 diffractometer (Figure 3. 19) from Bruker 

equipped with a LINXEYE XE-T extra-fast detector which acts as a secondary monochromator, 

removing the fluorescence radiation. The potential and current applied, using the radiation 

corresponding to the Kα Cu line (λ=1.541838 Å), were 40 kV and 40 mA, respectively. A 2 range 

from 20° to 140° with a step of 0.03° and 9 seconds per step was typically used in the analyses.  

 
Figure 3. 19. D8 ADVANCE A25 diffractometer. 

 

The different phases present in the material were identified using the software DIFFRAC.EVA 

by comparing the obtained results with the database PDF-2-2020 from International Centre for 

Diffraction Data (ICDD). Analysis of the diffraction pattern was also performed using the software 

DIFFRACT.TOPAS from Bruker. 

3.3.4.1.  Lattice Parameter Measurement 

The interplanar spacing (d) of a set of planes (hkl) can be obtained by Bragg Law from the 

angular positions  of the reflections corresponding to these planes: 

𝑑ℎ𝑘𝑙 =  
𝜆

2 𝑠𝑖𝑛 𝜃
 (3.10) 

Once the interplanar spacing is calculated, and taking into account that the crystalline structure 

of the majority elements present in the system W-Cr-Y or W-Cr-Y-Zr are cubic, the lattice 

parameter a can be determined, applying the following equation. 

𝑑ℎ𝑘𝑙 =  
𝑎

√ℎ2 + 𝑘2 + 𝑙2
 (3.11) 

where h, k and l are the Miller indices of the corresponding crystallographic planes. 

Deriving the Bragg Law with respect to θ, it is observed that the accuracy of interplanar spacing 

(Δd) is proportional to cot θ. As a consequence, the lower Δd, the higher is θ, and therefore, the 

more accurate is the lattice parameter.  
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3.4. Microstructural Characterization 

3.4.1.  Metallographic Preparation 
To analyze the microstructure of the mechanically alloyed powders or of the bulk material by 

microscopy, samples preparation is required. 

The surface of alloyed powder particles has been analyzed without any preparation while to 

study the inner part of powder particles, they have been embedded in a conductive bakelite to 

avoid electrical charging issues with the electron beam of the microscope. Mechanical polishing 

consisted first of grinding the embedded powder with SiC papers of decreasing granulometry and 

then polishing it with diamond liquid from 6 µm down to 1 µm in order to obtain a mirror 

finishing.  

Bulk samples have been previously cut by electrical discharge machining (EDM). They were 

prepared following the same procedure as for the inside of powder particles mentioned above, 

and finally polished with a 50 nm colloidal silica suspension during 3 hours. This final polishing 

step provides a very fine surface, disclosing the grain boundaries.  

On the other hand, the P91, a ferritic-martensitic steel, used to join to the bulk W-alloy, was 

polished down to 1 µm and then etched with oxalic acid (10%wt in distilled water) solution. 

Thin foils have been taken out of bulk samples using a Focused Ion Beam (FIB) electron 

microscope. These foils are required to analyze the precipitates in the transmission electron 

microscope (TEM). Firstly, a Pt layer is deposited on the selected zone in order to protect it. Next, 

two stair-step FIB trenches are cut at both sides of the area of interest by Ga ions sputtering. 

Afterwards, the thin foil is cut in a “U shape” and is removed using a micromanipulator and 

welded to a Cu grid suitable for TEM analysis. Finally, the sample is thinned to 100 nm by 

employing successively lower voltages at the Ga ion beam up to 2 kV. The obtained specimen was 

examined by conventional TEM. A summary of the foil preparation is shown in Figure 3. 20. 

 
Figure 3. 20. Foil extraction by FIB. 
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3.4.2.  Microstructural Characterization Techniques 
Microstructural features of the previously prepared specimens have been analyzed by 

combining optical and electronic microscopy (FEG-SEM and TEM).  

3.4.2.1.  Optical Microscopy 

To characterize the P91 samples metalographically, a Leica DMI 5000 M optical microscope was 

used. In order to measure the W-alloy grain sizes, the Mean Equivalent Diameter (MED) method 

has been employed.  

Microstructure images were taken from samples polished with silica suspension by FEG-SEM 

and then the grain boundaries were drawn using the software GIMP 2 [267]. Each sample has at 

least 600 grains assessed to minimize the statistical error. The resultant drawn images were 

digitalized using the image analysis software LEICA APPLICATION SUITE (LAS v4.5.0). The 

software calculates the area corresponding to each grain and assigns it an equivalent diameter, 

giving the average grain size. From the data obtained, the size distribution can be also calculated.  

3.4.2.2.  Scanning Electron Microscopy 

The microstructure of the samples was studied by field emission gun scanning electron 

microscopy (FEG-SEM), a microscopy technique where the image is created by focusing an 

electron beam over the surface of a sample. The electrons of the beam interact with the material, 

producing different signals that can be used to get information about the topography and 

composition of the sample. To obtain information about the material’s topography, the imaging 

mode collects low energy secondary electrons, which are ejected from the material by inelastic 

interactions between its atoms and the electrons from the beam. Images with a well-defined, three-

dimensional appearance are obtained. To acquire information regarding the composition of the 

sample, an additional imaging mode can be used consisting of the detection of backscattered or 

primary electrons, which corresponds to the high energy electrons originated in the electron beam 

that are reflected (or back-scattered) out of the material by elastic interactions with its atoms. Since 

heavy elements (with high atomic number) reflect these electrons more strongly than lighter 

elements (with lower atomic number), they appear brighter in the microscope image; this imaging 

mode is thus used to remark areas with different chemical compositions, which are detected with 

different contrast. Micrographs corresponding to both primary and secondary electron modes will 

be shown in the present work. 

Two different FEG-SEM microscopes were used in the microstructural characterization, namely 

a Jeol JMS 7000F and a Zeiss GeminiSEM family Sigma 500. Both microscopes can be seen in Figure 

3. 21. 
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Figure 3. 21. FEG-SEM microscopes used in this work: a) Jeol JMS 7000F b) Zeiss GeminiSEM Sigma 500. 

 

The electron source represents an advantage in these microscopes compared to conventional 

SEM. Electrons, in a conventional SEM, are generated by heating a tungsten filament by means of 

an electric current to a temperature close to 2800°C. In contrast, in a FEG-SEM, electrons are 

extracted by applying an intense electric field to the ZrO2 coated tungsten filament, which works 

as a cathode. Voltages are selected in a range from 5 kV to 30 kV. In this work an operating voltage 

of 15-20 kV has been chosen to obtain the FEG-SEM images.  

Scanning electron microscope FIB DUAL BEAM QUANTA 3D FEG from FEI Company was 

also employed. This equipment consists of both electron and ions guns which form 52° to each 

other. The first one works in the same way as a FEG-SEM while ion gun it uses a Ga beam finely 

focused and a high beam currents to mechanize a local area in a material.  

All of them are equipped with an Energy Dispersive X-ray spectroscopy (EDS) system from 

Oxford instruments, which allows localized chemical analysis. 

3.4.2.3.  Transmission Electron Microscopy (TEM) 

Transmission Electron Microscopy was used in order to study the presence and chemical 

composition of nanoprecipitates in bulk W-alloys samples as well as their crystalline structure. 

TEM observation were performed in a JEOL 2010 (S) TEM microscope operating at 200kV and 

equipped with a LaB6 filament. The microscope is equipped with detectors for EDS and electron 

energy loss spectroscopy (EELS) from system INCA Energy 250. Additional software called Gatan 

Imaging Filter (GIF) and Gatan Digital Micrograph were employed to treat the images obtained by 

TEM. Optimum spatial resolution is about 0.23 nm.  

In the present work both image and diffraction mode were utilized. The first one works similar 

to a conventional FEG-SEM but the contrast is inversed, since electrons pass through the foil. In 

this way, thicker areas or heavier atomic particles will be seen as darker zones. On the other hand, 

the diffraction mode is used to obtain the diffraction pattern of the analyzed precipitated which 

consists of a very intensive central point corresponding to the zone axis surrounded by points of 

less intensity corresponding to points of the reciprocal lattice being indexed by the corresponding 

Miller indexes (hkl).  

 



Experimental Techniques 

 

 

75 

 

3.5.  Oxidation Measurements 
Oxidation tests of bulk samples under different conditions were carried out both at the Max 

Planck Institute for Plasma Physics (IPP) to characterize and study the qualification of samples 

with regard to oxidation resistance in dry atmosphere.  

3.5.1.  Isothermal Oxidation 

Samples were tested at IPP under isothermal oxidation at 1000°C up to 60 h using a thermal 

gravimetric analysis (TGA) setup STA 449 F1 Jupiter from NETZSCH as shown in Figure 3. 22. The 

mass gain of the samples due to oxidation was measured with a thermobalance with a sensitivity 

of ± 25 ng.  

 
Figure 3. 22. STA 449 F1 Jupiter TGA setup. 

 

Samples were exposed to a mixture of 80 vol% Ar and 20 vol% O2 at atmospheric pressure 

during the oxidation time with preheating and cooling down both in Ar. The change of atmosphere 

is made by the TGA automatically through different gas inlets. Even though the change of 

atmosphere is fast, the oxidation step is considered to start after 30 minutes to ensure both 

temperature and atmosphere stability.  

3.5.2.  Accident-like Oxidation 
Oxidation tests simulating an accident scenario in a fusion reactor where a loss-of-coolant 

accident with simultaneous air ingress may take place, were also conducted in the TGA equipment 

described in the previous section. These tests consisted of a preheating in Ar up to 600 °C followed 

by oxidation in a mixture of 80 vol% Ar and 20 vol% O2 at linear increasing temperature from 600 

to 1000 °C during about 17 h, and two isothermal oxidation steps in 80 vol% Ar and 20 vol% O2   for 

1 h, each of them followed by isothermal steps in Ar 6.0 at 1000 °C for 1 h, and subsequent cooling 

down in Ar. Therefore, oxidation kinetics can be assessed while Ar steps are carried out to analyze 

a possible mass loss due to evaporation of previously formed tungsten oxides. Cycle conditions 

are summarized in Figure 3. 23.  
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Figure 3. 23. Oxidation cycle performed to simulate accidental conditions. After preheating in pure Ar up 

to 600 °C, Ar/20% O2 is introduced and temperature is increased linearly from 600 to 1000 °C, followed by 1 

h isothermal oxidation in air at 1000 °C, an isothermal step in pure Ar for 1 h, repetition of the two 

isothermal steps and cooling down in Ar. 

3.6.  Characterization of Mechanical Properties 

3.6.1.  Microhardness Tests 
Microhardness tests were performed using an indenter Q30A+ from Qness Company (Figure 3. 

24) which allows measuring Vickers, Knoop and Brinell hardness. The procedure followed to 

analyze the hardness measurements is given by ASTM E-384 standard [2], which specifies the 

range of light loads using a diamond indenter to make the indentation that will be optically 

measured and converted to a hardness value.  

Vickers indenters with applied loads ranging from 0.1 to 10 kg for 15 s were used to characterize 

the hardness of both W-alloys and P91 steel. For each sample a minimum of 3 indentation were 

made and the average of the measured values were calculated. Hardness profiles were also 

conducted in joint W-alloys/P91 specimens. 

 
Figure 3. 24. Qness Q30A Indenter. 
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3.6.2.  Flexural Strength and Toughness 
Flexural strength of the heat treated W-Cr-Y-Zr  samples were measured under high vacuum (6 

x 10-6 mbar) in the temperature range from room temperature to 1200 °C by a three-point bending 

test (3PBT) at the Universidad Politécnica de Madrid (UPM). At least three specimens were tested 

at each temperature. All tests were performed using samples of dimensions 1.8 x 1.8 x 20 mm with 

displacement control at fixed loading rate of 100 µm/min with a 16 mm span width. Flexural 

strength was computed on the basis of Euler-Bernoulli equations for slender beams up to failure 

(Equation (3.16)).  

𝜎𝑓 =  
3 𝐹 𝑙

2 𝑏 ℎ2
 (3.16) 

being F the ultimate load, l the span width and b and h the width and height of samples. 

Fracture toughness was also measured at the UPM. These tests were conducted on smooth and 

single edge laser notched beam with the previous nominal dimensions of 1.8 x 1.8 x 20 mm3. As 

the microstructure of the W-alloys is very fine, notches needed to carry out the toughness tests 

were made using a femtosecond laser, according to [268]. Generally, the notches manufactured 

following this technique have a radius 5 and 20 nm with a length about 300 µm [269]. The length 

of each notch was measured by FEG-SEM. Fracture toughness, i.e. the stress intensity factor for 

mode I (KIc), was calculated from the critical load (σf) and the beam section using the equation 3.17 

proposed by Guinea et al [270] where a coefficient (Y) dependent on the height of the sample, span 

width and notch length a is considered.  

𝐾𝐼𝑐 = 𝑌 𝜎𝑓 √𝜋 𝑎  (3.17) 

3.6.3. Young’s Modulus 
The Young’s modulus (E) of pure W as reference and of both W-alloys system after HIP and HT 

were measured by the Impulse Excitation Technique (IET), using an IMCE Resonant Frequency 

and Damping Analyzer (RFDA) as Figure 3. 25 shows. By this method, a sample is subjected to a 

mechanical impulse causing the material to dissipate the received energy by a vibration, whose 

frequency (f) is characteristic and depends on the elastic properties of the material. This frequency 

is detected by a transductor and used to determine the elastic modulus by the following expression 

3.18, corresponding to the flexural vibration mode of a rectangular bar defined by the norm 

ASTM E 1259, 

𝐸 = 0.9465 · (
𝑚 · 𝑓2

𝑎
) · (

𝐿3

ℎ3
) · 𝑇1 (3.18) 

being m, a, L and h the mass, width, length and height of the sample, respectively, and f the 

characteristic frequency while T1 represents a correction factor for fundamental flexural mode, 

determined by equation 3.19 where ν is the Poisson modulus of the material. 

𝑇1 = 1 + 6.585(1 + 0.0752𝑣2) (
ℎ

𝐿
)

2

− 0.868 (
ℎ

𝐿
)

4

− (
8.34 (1 + 0.2023𝑣 + 2.173𝑣2) (

ℎ
𝐿

)
4

1 + 6.338 (1 + 0.1408𝑣 + 1.536𝑣2) (
ℎ
𝐿

)
2) 

(3.19) 
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Figure 3. 25. RFA equipment (IMCE) used to determine the elastic modulus of the material. 

3.7.  Thermal Properties 

3.7.1.  Ageing Tests 
Ageing tests were conducted to study the thermal stability of HIP + HTed W-Cr-Y alloy under 

temperatures corresponding to operational conditions for relevant times as well as higher 

temperatures to be aware of the limits of the material. For this purpose, ageing tests were 

performed by introducing the samples into about Ø10 mm and 150 mm long steel capsules which 

were evacuated and sealed as described in section 3.2.2. The capsules were subsequently heated in 

a Thermolyne 48000 furnace, which can be seen in Figure 3. 26, to 650 °C for 100, 1000 and 3000 h, as 

well as to 700 and 800 °C for 100 h and to 1000 °C for 50 and 100 h.  

 
Figure 3. 26. Thermolyne 48000 furnace used to perform ageing testsThe microstructure of the specimens 

after ageing tests of HIP + HTed W-Cr-Y alloy was examined by FEG-SEM.  
 

3.7.2.  Thermal Conductivity 
The thermal conductivity as a function of the temperature, K(T), of pure W and both W-alloy 

systems after HIP and HT was calculated from its thermal diffusivity (α), its specific heat capacity 

(Cp) and its geometric density (ρg) by applying the equation 3.20.  
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𝐾(𝑇) =  𝛼(𝑇)𝜌𝑔𝐶𝑝(𝑇) (3.20) 

The specific heat capacity as a function of the temperature of both W-alloys systems was 

calculated following the Neumann-Kopp rule which considers the Cp of a compound as a sum of 

respective heat capacities of the elements forming this compounds [271]. The heat capacity of each 

element was obtained from the literature [272].  

The thermal diffusivity was measured up to a temperature of 900 °C by the Laser Flash method, 

using a Netzsch LFA 457 Microflash device (Figure 3. 27). In this technique, the front surface of a 

sample is heated up, while the temperature increase in the opposite surface is measured as a 

function of time. The thermal diffusivity (α) is then obtained by the equation 3.21, where 𝑡0.5 refers 

to the elapsed time until a 50% increase in the temperature of the opposite surface of the sample is 

recorded and l denotes the thickness of the sample.  

α = 0.1388 
𝑙2

𝑡0.5
 (3.21) 

 

 
Figure 3. 27. Netzsch LFA Microflash used in thermal diffusivity measurements. 

3.7.3.  Dilatometry Tests 
Thermal expansion coefficients (CTE) of both W-alloys after HIP and HIP + HTed were obtained 

using a Bähr DIL805D dilatometer as shows in Figure 3.28. The dilatometer is equipped with two 

coils, one inside the other, which control the temperature of the sample. Heating is regulated by 

the exterior coil while the interior coil is responsible for cooling by introducing inert gas, He or Ar, 

towards the sample. The temperature is measured using a K type thermocouple.  

Dilatometry tests consists of recording the change in length of the sample as a function of 

temperature and time. In the present work, all samples were subject to the following conditions: 

heating rate of 0.1 °C/s from RT to 1000°C, holding time of 30 s followed by cooling at a rate of 

5°C/s until RT. Cylindrical samples of 10 mm long and 4 mm in diameter were manufactured for 

this purpose.  
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Figure 3. 28. Bähr DIL805D dilatometer. 

3.7.4.  High Heat Flux Tests 
High Heat Flux (HHF) tests were carried out to assess the thermo-mechanical behavior of both 

HIP + HTed W-alloys systems under DEMO-like thermal loads. These tests were performed in the 

GLADIS facility (Garching Large Divertor Sample Test Facility) [273], which belongs to IPP and is 

shown inFigure 3. 29. The facility is equipped with two ion sources which accelerate the H+ ions to 

high energy. After the acceleration, neutral H atoms are generated by charge exchange. This 

neutral hydrogen beam was employed to apply the different heat loads onto the samples, which 

were brazed previously to a water cooled assembly of a Ti-Zr-Mo (TZM) alloy. The active water-

cooling during the test was required to keep the thermal gradient on the samples constant. The H 

fluence was 1025 atoms/m2, causing a calculated W sputtering of 0.3 µm on the loaded surface. 

 

 

Figure 3. 29. (a) Test chamber of GLADIS. (b) Cross-section of the HHF test facility GLADIS. 
 

According to the literature [175], [274] , for the outboard wall of a fusion reactor a maximum 

nominal heat flux of 2 MW/m2  as well as ELM loading of 20 MW/m2  is expected at DEMO. For this 

reason, heat fluxes ranging from 1 to 3.5 MW/m2 for 30 s were applied to simulate steady-state 

operation. 106 ELM-like pulses of 20 MW/m2 of 1.3 ms on and 3.25 ms off cycles were also carried 

out, resulting in an average heat load of 4 MW/m2. The average heat load per pulse is 10 MW/m2. 

A drawing of ELM conditions is showed in Figure 3. 30. Surface temperature of the samples was 

pyrometrically measured during ELM-like loading. Tested samples were analyzed by electron 

microscopy to characterize a possible change of morphology during heat loading. 
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Figure 3. 30. Scheme of ELM like pulses applied in GLADIS facility. 

3.7.5.  Thermal Shock Tests 
Thermal shock resistance of the HIP and HIP + HTed W-Cr-Y-Zr alloys were assessed in the 

JUDITH-1 (Jülich Divertor Test Facility Hot Cells) [275] facility and at the linear plasma device 

PSI-2 [276], being both located at FZJ. Thermal shock tests aim at determining the thermo-

mechanical behavior of the material simulating conditions at the divertor, which are much harder 

than those expected at the blanket first wall, for which the W-alloys developed in the present 

dissertation are intended.  

Samples of dimensions 10 x 10 x 4 mm3 were exposed at a base temperature of 400 °C to load 

consisting of 100 and 1000 pulses with power densities of 0.19 GW/m2 (only 1000 pulses) and 

0.38 GW/m2 for 1ms. As mentioned in the above paragraph, these kind of loads are expected at the 

divertor instead of at the first wall, where they are expected to be significantly lower. Furthermore, 

samples were subjected to one disruption-like load of 1.6 GW/m2 and 2 ms duration to simulate a 

disruption event. To ensure a homogeneous loading, a small area (4 x 4 mm2) was scanned with a 

focused electron beam at very high scanning frequencies. 

After exposure to both ELMs and disruption loads, the surface and cross section of the samples 

were analyzed by optical microscopy to study the thermal fatigue damage.  

3.8.  Joining Techniques 
The current design of the blanket first wall of a nuclear fusion reactor will be based on a pure 

tungsten or tungsten alloy layer of few milimeters directly exposed to the plasma, which will be 

supported by a reduced activation ferritic-martensitic steel such as EUROFER [192], [193]. In the 

present work, W-Cr-Y alloys manufactured at Ceit was joined to EUROFER or P91, a carbon steel 

with similar metallurgical behavior to EUROFER. Both diffusion bonding by HIP as well as 

brazing were the techniques chosen to carry out the joints.  

3.8.1.  Diffusion Bonding by HIP 
The base materials to be joined were cut to cylindrical samples of 20 mm diameter and 3 or 6 

mm height by wire EDM. The joining surfaces were ground and polished down to 1 µm. All 

specimens including the foils between base materials were ultrasonically cleaned and assembled 

in stainless steel or copper capsules. The canned materials were welded, evacuated at 180 °C and 

sealed prior to diffusion bonding by HIP.  
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HIP cycles with different parameters had to be performed. As first trial, a temperature of 700 °C 

for 1 h with a pressure of 100 MPa was selected. 10 °C/min was chosen as a heating rate, while a 

slower cooling rate of 5 °C/min was applied up to 400 °C.  For this moment on, furnace was 

switched off, leading to free cooling down to room temperature. Optimizing the latter joining 

conditions, a HIP cycle at 980 °C under pressure of 140 MPa for 3h was performed, keeping the 

cooling and heating rates of the first trial. At this moment, a tempering step is required because of 

the steel transformation (THIP < Ac3). This tempering was performed at 760 °C for 30 min in Ar 

atmosphere. Variation of pressure and temperature with regard to time for joining HIP cycles at 

980°C is shown in Figure 3. 31.  

 
Figure 3. 31. Typical HIP cycles for joining W-alloy to P91 at 980 °C. 

3.8.2. Brazing 
Brazing tests were performed using copper as filler in form of strip. The strip was cut to the 

exposed base material surfaces and placed between them. Prior to brazing, the samples to be 

brazed were cut to the dimensions of 5 x 5 x 4 mm3, ground to grit size P4000 and cleaned with 

isopropanol.  

The tests were conducted at Rey Juan Carlos University (URJC) using a high vacuum furnace 

at the residual pressure of 10-6 mbar. The temperature employed was 50 °C over the liquidus 

temperature of the copper filler, i.e. 1135 °C, holding that temperature for 10 min. A post-bonding 

temperature treatment was also carried out in a tubular furnace at 760 °C for 1.5 h, which 

corresponds to the conventional tempering treatment applied to EUROFER. 

3.8.3.  Shear Strength and Microstructural Analysis 
After both joining techniques, cross-sectional specimens for microstructural analysis as well as 

samples for shear strength tests of the joints were prepared. The microstructure of the interfaces 

were analyzed by FEG-SEM equipped with energy dispersive X-ray spectroscopy (EDS) at CEIT 

and URJC for HIP and brazing samples, respectively, while the joining strength was assessed using 

a universal testing machine (UTM) at a cross-head speed of 1 mm/min. Three samples of each 

condition and technique were tested. The fracture surfaces were analyzed by SEM and stereoscopic 

microscope. Both shear tests and its characterization were carried out at URJC
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4. RESULTS & DISCUSSION 

In this chapter the most relevant experimental results obtained during this dissertation are 

presented, in which two different self-passivating W-alloys were studied. The first one, 

W-10Cr-0.5Y was developed in a previous work [277] and is further investigated in this thesis, 

while the manufacture and development of the second one, W-10Cr-0.5Y-0.5Zr, is addressed.  

The first section describes the fabrication route and characterization of the two self-passivating 

W-alloys. The following two sections present the optimization of a required heat treatment after 

HIP as well as the study of the thermal stability of the microstructure and of the properties after 

this thermal treatment.  

Since Zr-containing W-alloys have been developed in the framework of this work, their physical 

properties as well as oxidation and thermal shock behavior is presented. On the other hand, and 

since the W-Cr-Y alloy is significantly further developed than the W-Cr-Y-Zr one, its investigation 

is focused on more technological aspects. Hence, the W-Cr-Y alloy has been subjected to conditions 
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similar to those foreseen in DEMO, and methods to join this alloy to RAFM steel as the material 

chosen to date as structural material have been developed.  

Finally, the results achieved from an upscaling of the powder production in collaboration with 

companies are also shown.  

4.1. Production and Characterization of self-passivating W-alloys 
As mentioned above, two different W-alloys have been studied in the present thesis, where the 

W-10Cr-0.5Y alloy was previously developed and optimized, obtaining excellent results in terms 

of oxidation resistance, good mechanical properties and good thermal shock resistance compared 

to pure W. However, other works [166]–[169] have shown that the addition of Zr to W leads to a 

significant improvement of mechanical properties by strengthening the GBs with a nanodispersion 

of ZrO2. This fact implies the combination of Zr with undesirable O, located mainly at GBs. 

Furthermore, if Zr is introduced in form of ZrC, the existence of a coherent interface between W 

and ZrC dispersoids contributes to lock GB sliding, giving rise to an increase of strength and 

ductility (decrease of DBTT), as reported by Z.M. Xie [170]. On the other hand, a recent work shows 

that thin films of W-Cr-Zr [171] result in a comparable passivating behavior to thin films of the 

system W-Cr-Y [126]. Considering these data, it was decided to add Zr to the W-10Cr-0.5Y alloy in 

view of improving the results obtained in previous work with the W-10Cr-0.5Y alloy. The amount 

of Zr to be added has been calculated so that the whole amount of oxygen inevitably introduced 

during the mechanical alloying (MA) process combines with the whole Y amount and with part of 

the Zr, and the remaining Zr might combine with the residual C, which is also introduced during 

MA, to form ZrC. In this way, most of the undesired impurities could be eliminated from the GBs, 

taking into account that the standard Gibbs energies of formation of Y2O3 (fG° = -1816.6 kJ/mol 

[278]) and ZrO2  ((fG° = - 1042.6 kJ/mol [279]) are much lower than that of ZrC ((fG° = - 96 kJ/mol 

[280]). 

4.1.1. Screening of Zr-containing alloys 
In view of the previous results, it appeared attractive to add Zr to the W-10Cr-0.5Y, but the 

question how to introduce Zr (elemental or in form of ZrC or in another form) and if Zr should be 

introduced in addition to or instead of Y had to be clarified. For this reason, three different system 

with compositions W-10Cr-0.5Zr, W-10Cr-0.5Y-0.5ZrC and W-10Cr-0.5Y-0.5Zr were 

manufactured by MA and subsequent HIP and screening oxidation tests were performed in a 

furnace. Although such screening tests were initiated a few months before the beginning of the 

present dissertation, the data obtained from them are necessary to understand why the 

W-10Cr-0.5Y-0.5Zr alloy has been chosen. These results have been published in [281].  

The microstructure of the three as-HIPed alloys is shown in Figure 4. 1 together with the 

reference W-10Cr-0.5Y alloy.  
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Figure 4. 1. FEG-SEM images after HIP of (a) W-10Cr-0.5Y, (b) W-10Cr-0.5Y-0.5Zr, (c) W-10Cr-0.5Zr and (d) 

W-10Cr-0.5Y-0.5ZrC alloys. 
 

By comparing the four FEG-SEM images, it can be clearly seen that the addition of elemental Zr 

to the reference W-10Cr-0.5Y alloy results in a significant grain size reduction (Figure 4. 1 (b)), in 

which, besides, the nanoparticles (NPs) are significantly smaller. However, if only elemental Zr is 

introduced into the W-Cr alloy (without Y), i.e. Figure 4. 1(c), a slight increase of grain size is 

observed compared to the reference alloy, indicating that Y is a more efficient grain growth 

inhibitor than Zr. Moreover, the Zr-containing NPs are larger than those of the other alloys and 

are not located at the GBs, but inside the grains. On the other hand, if Zr is added to the reference 

alloy in form of ZrC (Figure 4. 1 (d)), a slight decrease in both grain size and NP size can be 

appreciated.  

Summarizing these results, the following conclusions can be drawn: 

o The addition of Zr and Y lead to a very efficient grain growth inhibition. 

o The addition of only Zr is not so an efficient grain growth inhibitor, since the NPs 

are larger and located mainly at the GBs. 

o Elemental Zr is a more effective grain growth inhibitor than ZrC. 

According to these data, the W-10Cr-0.5Y-0.5Zr is the best system from the point of view of the 

microstructure.  

Since the main goal of self-passivating W-alloys is the development of a self-passivating layer 

in case of LOCA together with simultaneous air ingress into the vacuum-vessel, a screening 

isothermal oxidation test was carried out at 1000 °C for 24 h in a furnace under atmospheric air on 

the above three compositions. The cross-section of the oxidized samples of each composition is 
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presented in Figure 4. 2, where it can be seen that the scale thickness is similar for alloys with and 

without Zr, indicating that the addition of this element leads also to a strong reduction of oxidation 

compared to pure W.  

  

  
Figure 4. 2. Cross-section of alloys: (a) W-10Cr-0.5Y, (b) W-10Cr-0.5Y-0.5Zr, (c) W-10Cr-0.5Zr and (d) 

W-10Cr-0.5Y-0.5ZrC after oxidation under atmospheric air at 1000°C for 24 h. 
 

Although the total WO3 scale thickness is similar in all cases (the measured value is indicated in 

red), a kind of “volcanoes” can be observed in the W-10Cr-0.5Zr alloy (Figure 4. 2 (d)). Such 

“volcanoes” are not good from the point of view of oxidation, since they are formed by the pressure 

exerted by the WO3 oxide layer on the surface of the protective layer. If this layer is continuous 

and dense, the WO3 layer cannot grow (rest of images). Conversely, if it is not, the pressure exerted 

may cause the protective layer breaking and the W oxide would continue to grow. 

In addition to this characterization, EDS analysis were performed on the surface of the alloys 

after oxidation. The most revealing results are related to cobalt contamination originated from the 

WC vials and balls during MA, which contains a small amount of Co as binder. Such Co 

contamination was mainly detected in the W-10Cr-0.5Y-0.5ZrC alloy sample, probably due to the 

abrasive nature of ZrC. It seems that Co diffuses preferentially to the surface during oxidation so 

that it can be just detected by EDS. This Co contamination is also present in the W-10Cr-0.5Zr alloy 

sample, but to a less extent, probably because of the lower hardness of ZrO2 formed during MA 

compared to that of ZrC. No contamination was found in the W-10Cr-0.5Y-0.5Zr alloy. Such a Co 

contamination was never detected in previous samples of the W-Cr-Y system. The reason can be 

the lower hardness (and thus less abrasive effect) of Y2O3 compared to that of ZrO2, since in the 

W-10Cr-0.5Y-0.5Zr alloy Y combines first with oxygen and then with Zr due to the higher affinity 
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of Y to oxygen [278], [279]. Finally, it was found by EDS that, after oxidation Zr is always associated 

to the Cr2O3 layer. 

The results of the screening oxidation tests can be summarized as follows: 

o There are no relevant differences among samples with Zr addition and compared to 

the reference alloy with regard to their oxidation behavior. 

o Zr is always associated to the thin Cr2O3 layer and seems to slightly reinforce its 

passivating effect. 

o In the alloys with only Zr (W-10Cr-0.5Zr) and with Zr in form of ZrC 

(W-10Cr-0.5Y-0.5ZrC), there is a slight Co contamination from vials/balls from MA. 

This is not the case for the W-10Cr-0.5Y-0.5Zr alloy. 

According to these results, the W-10Cr-0.5Y-0.5Zr alloy has been identified as the best system 

and thus, it is the alloy that has been characterized in the framework of the present thesis. 

4.1.2. Characterization of self-passivating W-alloys 
Both self-passivating W-alloys have been manufactured by the powder metallurgical route 

described in chapter 3, in which elemental powders were alloyed in a planetary ball under Ar 

atmosphere. The resultant mechanical alloyed powders were sintered by HIP. After each step, i.e. 

after MA as well as after HIP, the obtained samples are characterized to ensure that impurities of 

interstitial atoms, mainly O, C and N, remain in an acceptable range. Although there is no 

established limit for the amount of impurities that can be assumed in these alloys for fusion 

applications, the goal is to keep them as low as possible. This is due to the fact that interstitial 

soluble elements affect the workability and final properties of the W material since they lead to 

intergranular precipitations, further weakening the grain boundary strength and thus, increasing 

the DBTT [49]. However, it is important to note that both W-alloys may behave intrinsically in a 

brittle manner as they have a large amount of Cr in solid solution preventing their ductility. The 

contents of interstitial elements after mechanical alloying (MA) for both alloys are listed in Table 

4. 1. The corresponding amounts after HIP are not shown since they remain unchanged.  

Table 4. 1. Impurities contents after MA in W-10Cr-0.5Y and W-10Cr-0.5Y-0.5Zr alloys. 

Alloy Composition 
Impurity level (ppm) 

O N C 

W-10Cr-0.5Y 1100-1400 100-200 250-400 

W-10Cr-0.5Y-0.5Zr 1900-2300 70-200 300-400 
 

From this table, it can be seen that the amount of O present in the W-10Cr-0.5Y alloy is lower 

than in the Zr-containing alloys, while the content of the rest of impurities (N and C) is very similar. 

On the one hand, the C contamination comes from the erosion of both the container and the balls, 

both made of WC, during the MA. On the other hand, the amount of O comes mainly from the 

residual O present in the Ar, which in turn, is found on the walls of the jars and on the balls. 

Furthermore, in the case of Zr-containing alloys, since this element is introduced in the form of 

hydride, it is necessary to remove it by a heat treatment, in which, despite being performed in high 

vacuum, some O is incorporated into the powders. Therefore, in the alloys with Zr, there is not 

only the source of O from the MA but also from the dehydrogenation heat treatment. 
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The particle size distribution (PSD) of the powders after MA was also measured. The results are 

shown in Figure 4. 3, where it can be appreciated that both alloys exhibit a relatively narrow PSD.  

 
Figure 4. 3. Particle size distribution for W-10Cr-0.5Y and W-10Cr-0.5Y-0.5Zr alloys. 

 

Three different peaks can be distinguished in both compositions, being the most intense peak 

at a particle size between 7 and 10 µm. Furthermore, the particle size distribution of the two 

W-Cr-Y(-Zr) alloys is practically equal up to 20 µm, corresponding to approximately 70% and 80% 

of the particles measured for the alloy with and without Zr, respectively. Above this size, a higher 

number of larger particles has been observed for the Zr-containing alloy, which is due to the 

agglomeration of smaller particles that could not be separated by vibration during the PSD 

measurement. In any case, both alloys present very similar PSD curves and thus, very close D90, 

D50 and D10 values, indicating that the addition of Zr does affect the PSD of the mechanically 

alloyed powder.  

In addition to previous analyses, microstructural characterization of alloyed powders and bulk 

material for both alloys was performed by electron microscopy. Since all alloying elements are 

supposed to be in super-saturated solid solution within the W matrix after mechanical alloying, no 

significant difference in the resulting microstructure of both powders have been observed and, 

thus, only the cross-section and surface area of the W-10Cr-0.5Y alloy powder particles are shown 

in Figure 4. 4.  

  
Figure 4. 4. Microstructures of the W-10-Cr-0.5 alloy after MA: (a) surface; (b) cross-section. 
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As expected, the particle sizes shown in Figure 4. 4 (a) are in agreement with the quantitative 

results of the PSD displayed above. On the other hand, it can be considered that the elemental 

powders have been completely alloyed, since there is practically no color contrast inside the 

powder particles, indicating that there is no compositional difference. Only small, isolated Cr-rich 

areas are observed inside the larger particles (marked in red in Figure 4. 4 (b)). Hence, all alloying 

elements are in solid solution with the W matrix, as also confirmed by X-Ray Diffraction (XRD) 

analysis, which will be presented later in the present section.  

The mechanically alloyed powders have been sintered by HIP, resulting in bulk materials with 

relative densities above 98.5 % for the W-10Cr-0.5Y alloy and above 99% in all cases for the 

Zr-containing alloy. This small difference could be related to the Zr powder being harder and thus, 

more brittle, resulting in a slightly smaller particles size; such a slight difference is not apparent in 

the PSD, since some agglomerated particles (>20 µm) have been seen, which are expected to be 

separate during the vibration of capsule filling. These small particles can fit into pores between 

larger particles, improving the packing density and hence the relative density [282].  

HIPing was performed at 1250 °C for 2 h since these conditions were found as optimum in 

previous work [277]. At such temperature, the alloyed powder particles tend to minimize the total 

energy of the system, i.e. they tend to the thermodynamic equilibrium. Therefore, after HIP, two 

bcc phases with compositions close to those of the W-Cr phase diagram (Figure 4. 5 [178]) at the 

corresponding temperature and composition are formed: a (αW, Cr) main phase with minor 

presence of (αCr, W).   

 
Figure 4. 5. W-Cr phase diagram [178]. HIP temperature and Cr content of the alloy are indicated. 

 

In Figure 4. 6 the microstructures of the alloys with and without Zr after HIPing are depicted. 

In both W-alloys, a very fine and homogenous microstructure is observed, in which two different 

phases have been identified by EDS: a Cr-rich phase with W in solution (αCr, W), corresponding 

to a dark grey discontinuous phase, dispersed in the bright main phase, which is a W-rich phase 

with Cr in solution (αW, Cr).  
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Figure 4. 6. Microstructures of as-HIPed: (a) and (c) W-10Cr-0.5Y ; (b) and (d) W-10Cr-0.5Y-0.5Zr. 

 

These Cr-rich phases are mostly located at the Prior Particle Boundaries (PPBs), marked in red 

(Figure 4. 6 (a) and (b)). This fact is probably associated to both O enrichment of the PPBs [282] due 

to previous contact with air and to Cr diffusion towards such zones because of its high affinity 

with O. Therefore, it is assumed that PPBs act as preferential diffusion zones for Cr as well as 

nucleation points for the Cr-rich phases. Furthermore, the Cr diffusion towards PPBs results in a 

depleted zone of (αCr, W) phases in the inner part close to the PPBs, even reaching the core of the 

prior powder particles if their size is small enough for Cr to diffuse. On the contrary, both Cr-rich 

and W-rich phases can be observed inside prior powder particles with larger sizes.  

Although both alloys exhibit a fine microstructure with equiaxed grains, the grain size differs 

significantly since the W-10Cr-0.5Y alloy presents an average particle size of 110 ± 4 nm whereas 

the W-rich matrix of the Zr-containing alloys reveal an average size well below 100 nm. When 

comparing these matrix grain sizes with the one of a similar alloy without Y and Zr such as W-15Cr, 

with a matrix grain size of 190 nm [152], it can be concluded that Y and Zr are very efficient grain 

growth inhibitors of, especially when both are combined.  

In addition to the two phases, a nanodispersion of a third black minority phase can be seen. In 

the case of the W-10Cr-0.5Y alloys, a dispersion of Y2O3 nanoparticles of about 15 nm size have 

been identified mainly at the GBs. However, in the Zr-containing alloy, the Y- and Zr-rich 

nanoparticles, which cannot be distinguish by EDS, are formed both at the GBs and inside the 

grains. Another relevant difference is the high number density of nanoparticles in the 

W-10Cr-0.5Y-0.5Zr alloys in comparison to the W-alloy without Zr, which are probably responsible 

for pinning the GBs, preventing further grain growth. Although the mechanism of the nanoparticle 

formation is not fully understood, it is thought that such nanoparticles are formed as a 
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consequence of both the decomposition of less stable oxides already during MA and the high 

oxygen affinity of Y and Zr [155]. Both the significant grain refinement and the cleaning effect of 

GBs from oxygen are two mechanisms that are supposed to improve the mechanical properties.  

In order to check if alloying has been completely reached during MA and if after HIP the two 

resulting phases have the equilibrium composition, the powders after MA and the bulk material 

after HIP have been analyzed by X-ray diffraction (XRD). Figure 4. 7 plots the corresponding XRD 

patterns only for the alloy without Zr, since such small amounts of Y and Zr are not detected by 

XRD. 

 
Figure 4. 7. X-Ray diffractograms of W-10Cr-0.5Y alloy after MA and HIP. The spectra of the mixed 

starting powders are also shown for comparison. 
 

From the spectra represented in Figure 4. 7, it can be stated that the mechanical alloying has 

been performed. This statement is based on the displacement of both W and Cr peaks. For solid 

solution to be produced, the atoms of one element must be introduced into the crystal lattice of the 

other. In the W-alloys under study, Cr is introduced into the W lattice. Since the Cr atom is smaller 

than the W atom, it distorts the W lattice, resulting in a smaller lattice parameter and, as a 

consequence, a shift to larger angles. For this reason, Cr peaks are not visible if the MA has been 

carried out correctly. 

From the MA XRD pattern, the lattice parameter of the metastable single phase has been 

calculated using TOPAS software from Bruker and associated to the composition by the 

relationship proposed by Greenaway and Kubaschewski [283], yielding a composition of 

71.7 at% W and 28.3 at% Cr. According to the W-Cr phase diagram [178], this composition 

corresponds to a practically supersaturated (αW,Cr) phase, i.e. very close to the miscibility gap at 

a temperature above 1550 °C. The missing Cr amount of about 0.3 at% is probably found in the 

initial pure Cr phase, which may have also W in solution and whose peaks cannot be appreciated 

because of the broadening induced by the MA process. 
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On the other hand, decomposition of the metastable phase takes place during HIP, giving rise 

to Cr- and W-rich phases with compositions of 23.12 and 76.88 at%, respectively. Hence, the Cr 

peaks become visible again. Comparing these compositions with the corresponding in equilibrium, 

i.e. 16 at% for Cr and 83.5 at% for W [178], it can be stated that the HIP cycle has not been enough 

to reach the equilibrium. This assertion is supported by the fact that neither the Cr nor the W peaks 

are in the position corresponding to their pure elements (black spectrum) since they indicate that 

both W- and Cr-rich phases have, respectively, Cr and W in solid solution. 

In addition to the position of the peaks, their width should be also taken into account, since it is 

well known that it is related to the crystallite size and to the strain, which, in turns, is directly 

linked to the presence of dislocations and subgrains [284].  

As shown in Figure 4. 7, the elemental powder exhibits very narrow and well-defined peaks 

while the MA powder presents very broad peaks. This broadening is due to the high energy to 

which the powder particles were subjected during the MA process, so that the particles are 

deformed and refined at the same time, resulting in high stresses and very small crystallite size. 

During the HIP cycle, which is performed at high temperature to sinter the powder particles, both 

recrystallization and grain growth as well as some stress release occur, giving rise to a narrowing 

of the peaks, as seen in the blue spectrum. In order to verify whether these hypotheses are correct, 

contributions of strain and crystallite size to the peaks width have been calculated for the MA 

powder and the material after HIP applying the Williamson-Hall method [284]. Such contributions 

can be separated according to equation 4.1 

𝐵𝑒𝑥𝑝 =  𝐵𝑠𝑖𝑧𝑒 + 𝐵𝑠𝑡𝑟𝑎𝑖𝑛 +  𝐵𝑖𝑛𝑠𝑡  (4.1) 

where Bexp is the experimentally measured full width at half maximum (FWHM) and Bsize, Bstrain 

and Binst are the FWHM due to crystallite size, microstrain and the instrumental broadening, 

respectively.  

The instrumental width correction has been obtained by recording a XRD pattern of LaB6 

powder under identical measurement conditions to that of the alloyed powders and the material 

after HIP, while the different FWHM have been determined by processing the spectra with the 

DIFFRAC.EVA software of Bruker.  

The Williamson-Hall’s method allows separating the contribution of crystallite size, which can 

be calculated from the Scherrer’s formula of equation 4.2 and the one of strain obtained from 

equation 4.3:  

𝐵 𝑐𝑜𝑠 𝜃 =
0.9𝜆

𝑡
 

(4.2) 

𝐵 𝑐𝑜𝑠 𝜃 =  −2 
∆𝑑

𝑑
𝑠𝑖𝑛 𝜃 

(4.3) 

 

being 𝜆 the wavelength of the Cu Kα1 line (1.54062 Å) and t and 
∆𝑑

𝑑
  the crystallite size and strain, 

respectively. By combining equations 4.2 and 4.3 we can write: 

𝐵 cos 𝜃

𝜆
=

0.9

𝑡
− 2

Δ𝑑

𝑑

sin 𝜃

𝜆
 

When plotting 𝐵 cos 𝜃 /𝜆 versus sin 𝜃 /𝜆, the contribution of crystallite size and strain can be 

separated, where the crystallite size can be deduced from the value of the line at the ordinate, while 
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the slope of the line corresponds to the strain. Such a plot is depicted in Figure 4. 8 for the data 

after MA and HIP. 

 
Figure 4. 8. Williamson-Hall plot for mechanical alloyed and HIPed samples of W-10Cr-0.5Y. 

 

Firstly, focusing on the slopes in Figure 4. 8, it can be appreciated that after MA it is 

approximately three times larger, indicating that strains and thus, stresses introduced during MA 

are much higher than those of the material once sintered, suggesting that they have been partly 

released during the HIP cycle, even though they are still relatively large.  

On the other hand, the crystallite size after MA has been calculated by applying equation 4.2, 

yielding a value of 1 nm. However, even though the independent term after HIP is similar to that 

of MA, its crystallite size cannot be measured properly since both curves, shown in Figure 4. 9, cut 

the ordinate at values close to cero with a large error in their determination. Such an error occurs 

during the processing of the spectra, since it is necessary to strip the Kα2 peak contribution for the 

calculation of the FWHM, as depicted in Figure 4. 9.  

 
Figure 4. 9. Williamson-Hall for W-10Cr-0.5Y HIPed samples considering two different values for stripping 

the K α2 peaks.
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Parallel to the XRD analyses, in view of identifying the composition of the Y- and Zr-rich 

nanoparticles visible at the FEG-SEM, TEM characterization has been performed by Dr. Lorena 

Lozada at CEIT. Figure 4. 10 displays some images obtained in the TEM microscope, in which it 

can be seen that the size of the nanoprecipitates is approximately 15 nm (Figure 4. 10 (a)). The 

composition of such nanoparticles has been measured by EDS, where W and Cr most probably 

belonging to the matrix, have been detected together with Y, Zr and O. Considering that a 

subsequent heat treatment will be performed, in which these particles are expected to coarsen to 

decrease their surface energy, the characterization of the nanoparticles will be shown in more detail 

in section 4.2. This is because the area of the precipitates will be larger and, consequently, the zone 

of analysis will be also greater, thus decreasing the interaction of the beam with the matrix, leading 

to a more accurate result of the composition. Further electron diffraction analyses will be carried 

out in the future to characterize the nature of such precipitates as well as to measure the density 

number of the nanoprecipitates.  

On the other hand, the Cr- and W-rich phases have been also analyzed by EDS (Figure 4. 10 (b)). 

An important observation is the fact that the grains of the W-rich matrix exhibit a diffuse contrast, 

which is probably related to a high amount of defects such as dislocations. On the contrary, the Cr-

rich grains present a clear, defect-free contrast. This is due to the fact that, since after MA all 

alloying elements are in solid solution, the Cr-rich phase nucleates during HIPing through 

diffusion of Cr atoms at the GB, which have a much higher mobility than W atoms [283], and grow 

faster due to the absence of defects, leading to larger grains, as shown in Figure 4. 6. This is also in 

agreement with the significantly smaller FWHM of the Cr-rich phase in the XRD patter after HIP.  

  
Figure 4. 10.TEM images of W-10Cr-0.5Y-0.5Zr alloy: (a) composition of nanoprecipitates and (b) 

composition of (αCr,W) and (αW,Cr) phases. Composition in at% are included.  
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4.2. Thermal Treatment Optimization 
In the previous chapter it has been pointed out that after HIP treatment, two different phases 

are obtained. As introduced in the literature review, the material for the FW will not only be 

subjected to thermal load during normal plasma operation, but also to transient heat loads such as 

the so-called ELMs. Since the latter give rise to a large energy deposition in a very short time on 

the PFMs, a good thermal shock resistance is required [285]. For this reason, thermal stresses 

induced by the presence of a second phase should be avoided since, although both (Cr-rich and 

W-rich phases) present solid solution in each other, their thermo-physical properties are very 

different. Thus, a thermal treatment after the HIP cycle at a temperature above the miscibility gap 

of the W-Cr phase diagram is required in order to obtain a single-phase material without Cr-rich 

phase.  

Different heat treatment parameters have been studied in samples with composition of 

W-10Cr-0.5Y alloy aiming at removing or minimizing the amount of Cr-rich phase while 

preventing grain growth as much as possible. Therefore, a compromise must be found between 

grain growth and the reduction or elimination of the Cr-rich phase. The most important and, at the 

same time the most limiting parameter is temperature since there is an upper and lower limit. On 

the one hand, the limit of the miscibility gap for the W-alloys studied in the present thesis is around 

1540 °C, according to the W-Cr phase diagram [178] depicted in Figure 4. 11.  

 

Figure 4. 11. W-Cr phase diagram [178]. The temperature at which spinodal decomposition begins is also 

marked. 
 

On the other hand, there is a eutectic reaction in the W-Y2O3 system at 1560 °C [286] that must 

be avoided, since above this temperature a strong coarsening of the Y2O3 particles by Ostwald 

ripening [277] would occur. Hence, the temperature window of the thermal treatment is quite 

narrow. Considering that A. Calvo previously performed a heat treatment at 1550 °C for 2h, in 

which residual Cr-rich phases were observed [277], all heat treatments performed during the 

present thesis were carried out at a temperature 5 °C higher than in the previous work to minimize 

or eliminate the residual Cr-rich phase, but still below the eutectic reaction (1560 °C). 
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In addition to the temperature, both cooling rate and holding time have to be chosen. Some 

experimental trials have been performed varying these parameters, the results of which are shown 

in the following sections.  

4.2.1.  Selection of the Holding Time  
As mentioned above, the main goal is to reduce the presence of Cr-rich secondary phase as 

much as possible without overgrowing the grain. Therefore, the holding time should not be too 

short to avoid the presence of residual Cr-rich phase, and not too long to prevent grain growth. 

According to this, three different heat treatments at 1555 °C at different times were carried out. 

The conditions are listed in Table 4. 2. The heating and cooling rates were 10 and 20 °C/min, 

respectively. 

Table 4. 2. Studied conditions to determine the best holding time. 

Heat Treatment  Temperature (°C) Holding Time (min) 

1 

1555 

25 

2 120 

3 90 
 

The microstructures of the samples resulting from heat treatments 1 and 2 are shown in Figure 

4. 12 (a) and (b), respectively.  

 
 

Figure 4. 12. Microstructure of W-10Cr-0.5Y after HT at 1555 °C for: (a) 25 min and (b) 2 h. 
 

The first heat treatment was performed with a holding time of 25 min. However, the time was 

not enough to dissolve the Cr-rich phase completely, as can be appreciated in Figure 4. 12 (a). In 

addition to the Cr-rich phases, as expected, Y2O3 nanoparticles can be also observed at the grain 

boundaries. Since the presence of the Cr-rich phase has not been fully reduced, this sample has not 

been further characterized.  

Taking into account the previous results, the holding time was increased up to 2 h in sample 2. 

Under these conditions, practically the whole Cr content is in solid solution within the W lattice, 

resulting in a single-phase matrix with Y2O3 nanoparticles at the grain boundaries (Figure 4. 12 (b)). 

Since this microstructure satisfies the desired requirements, it could have been taken as good. 

Nevertheless, the comparison of both thermal treatments shows that the holding time, especially 

at high temperatures, affects significantly both grain growth and nanoparticle coarsening. For this 

reason, and with the aim of decreasing the grain size, the holding time in the heat treatment 
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number 3 has been reduced by 30 min, i.e. the holding time was 1 h 30 min instead of 2 h. The 

obtained microstructure can be seen in Figure 4. 13.  

 

Figure 4. 13. Microstructures of the HTed W-10Cr-0.5Y alloy at 1555 °C for 1 h 30 min. 
 

Comparing the microstructures resulting from heat treatments 2 and 3 (Figure 4. 12 (b) and 

Figure 4. 13, respectively), it can be appreciated that both grain and precipitates size have 

decreased, as expected. In order to quantify such a reduction, the grain size distribution has been 

analyzed by quantitative metallography. The results are presented in Figure 4. 14. 
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Figure 4. 14. Grain Size Distribution of HTed W-10Cr-0.5Y alloys at 1555 °C for : (a) 2 h and (b) 1.5 h. 
 

Although both samples present similar grain size distributions in which the D50 is in the range 

0.8-1 µm, it can be seen that sample 2, heat treated for 2 h, exhibits some grains above 2 µm, some 

of them reaching sizes of up to 4.2 µm. On the other hand, the sample subjected to a heat treatment 

of 1.5 h presents a maximum grain size of 2 µm, indicating that the grain size is slightly smaller 

than that of the previous sample and thus, a small improvement may occur in the mechanical 

properties. Therefore, such a holding time has been considered the best option for the heat 

treatments to which the specimens studied during the present thesis will be subjected.  

4.2.2.  Selection of the Cooling Rate 
Since the goal is to obtain a self-passivating W-alloy with a single-phase matrix in which all the 

Cr is in solid solution in the W lattice, the cooling rate has to be controlled to prevent precipitation 

of the Cr-rich phase. As for the holding time, three different trials were carried out in which the 

cooling rate was varied, as listed in Table 4. 3.  

Table 4. 3. Heat treatments performed at 1555 °C for 1.5 h different cooling rates. 

Heat Treatment  Temperature (°C) Holding Time (min) Cooling rate (°C/min) 

1 

1555 90 

20 

2 150 

3 60 
 

The first heat treatment has been performed at a cooling rate of 20 °C/min, which has been 

selected considering the cooling rate used by A. Calvo, since only limited Cr-rich phase was 

observed [277]. In the present thesis the heat treatment has been performed at 5 °C higher 

temperature than in [277]. However, as shown in Figure 4. 15 (a), some Cr-rich particles are still 

present. In order to prevent phase decomposition from taking place, the cooling rate was increased 

to the maximum allowed by the furnace, i.e. 150 °C/min. The microstructure of this heat treatment 

is presented in Figure 4. 15 (b).  
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Figure 4. 15. Microstructure of W-10Cr-0.5Y alloy after HT at 1555 °C cooled at (a) 20 °C/min and 

(b) 150 °C/min. 
 

From Figure 4. 15 (b), it can be appreciated that the cooling rate has been too fast, generating 

thermal stresses above those tolerable by the material, leading to crack formation. These 

intergranular cracks appear to propagate across the prior particle boundaries. This fact may be due 

to the presence of free O that has not been fully bound with yttrium as well as Cr-rich residual 

phases, if any. After analyzing the microstructure, the cooling rate was decreased to 60 °C/min. 

The resulting microstructure is shown in Figure 4. 16, where, apparently, the Cr-rich phase is not 

observed at low magnification (Figure 4. 16 (a)), being visible only at high magnifications (Figure 

4. 16 (b)) and in very few areas of the analyzed sample.  

  

Figure 4. 16. Microstructure of the W-10Cr-0.5Y alloy after HTed at 1555 °C for 1.5h and cooled at 60 °C. 
 

Therefore, it can be stated that the heat treatment performed at 1555 °C for 1.5 h and cooled at 

60 °C/min results in a good compromise between grain size and Cr-rich residual phase and, thus 

these conditions have been chosen for all thermal treatments carried out in this dissertation.  

4.2.3.  Effect of Heterogeneities on Material Density 
After the heat treatment, a slight density decrease of about 1.5% has been observed in all 

samples regardless of the composition of the self-passivating W-alloys. In order to investigate such 

a decrease, the influence of heterogeneities on the density of the samples has been studied.  

In both alloy systems (with and without Zr), heterogeneities consist of pure Cr and W particles 

that have not been alloyed during the mechanical alloying process. An example of each type of 

heterogeneity is illustrated in Figure 4. 17.  
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Figure 4. 17. Microstructure of heat treated W-10Cr-0.5Y alloy containing unalloyed Cr and W particles. 
 

Experimentally, it has been observed that samples with a higher density decrease exhibited a 

higher presence of unalloyed Cr particles, to which the porosity was associated, as depicted in 

Figure 4. 18.  

 

Figure 4. 18. Porosity inside unalloyed Cr particles after heat treatment. 
 

Such porosity is due to Kirkendall effect, which results from the difference in the intrinsic 

diffusivities of chemical elements in solid solution [287]. In the specific case of Cr and W and 

according to [283], Cr has a much higher amount of vacancies than W. For this reason, the vacancies 

of W can be disregarded, considering it as a material without vacancies. F.J.A. den Broeder 

schematized the movement of atoms at the interface between W and Cr as depicted in Figure 4. 19, 

where Cr and W atoms are represented by open and black circles, respectively, while vacancies are 

indicated by squares. 
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Figure 4. 19. Atoms movement at the W-Cr interface [283]. 
 

At the beginning of diffusion (Figure 4. 19 (a)), vacancies in W are not taken into account since 

their number is negligible compared to those in Cr, so only four vacancies in Cr are represented in 

this figure. As shown in Figure 4. 19 (b), it is necessary that a Cr vacancy reaches the W-Cr interface, 

since at that moment a W interface atom may jump into this vacancy, giving rise to the situation 

in Figure 4. 19 (c), in which the latter is located at the W side. As this situation is energetically 

unstable, a Cr atom jumps to this position, restoring it, i.e. the vacancy is brought back to the Cr 

side. It should be considered that the mobility of Cr atoms is much higher than that of W atoms, 

resulting in an immediate restoration (Figure 4. 19 (d)). Because of these displacements, W-atoms 

can diffuse away in pure Cr by means of vacancy movement while the Cr atoms that replace the 

W atoms at the interface cannot penetrate the W lattices because of the absence of vacancies.  

Therefore, such a phenomenon explains both kinds of heterogeneities present in the alloys studied. 

On the one hand, W heterogeneities remain essentially pure as a consequence of the inability of Cr 

to diffuse into the W lattice. On the other hand, at the temperature at which the heat treatment is 

performed, 1555 °C, the Cr atoms are much more mobile than those of W and, therefore, as 

mentioned above, have a much larger mobility. As a consequence, Cr atoms are in constant motion 

along the GBs but, as they cannot diffuse into the W lattice, some vacancies cluster together giving 

rise to porosity. This can be avoided by preventing the presence of unalloyed Cr and W particles, 

i.e. by selecting the appropriate milling conditions to allow the whole Cr amount to diffuse into 

the W lattice. During the heat treatment, it is possible that small pure Cr particles can be dissolved, 

while those of considerable size (Figure 4. 18) results in porosity and thus, in a decrease in the 

material density. For this reason, it is important to control the presence of unalloyed particles after 

mechanical alloying. 

4.2.4.  Characterization of Heat Treated Self-Passivating W-alloys 
After the thermal treatment performed at the conditions found as optimal in the previous 

section, both self-passivating systems were characterized microstructurally by FEG-SEM. The 

resulting microstructures are presented in Figure 4. 20 for the W-10Cr-0.5Y and W-10Cr-0.5Y-0.5Zr 

alloys.  
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Figure 4. 20. Microstructures of  HTed W-alloys: (a) and (c) W-10Cr-0.5Y and (b) and (d) 

W-10Cr-0.5Y-0.5Zr. 
 

The microstructures of both W-alloys consist of a single (αW,Cr) phase with equiaxed grains, 

which have grown significantly during heat treatment in order to reduce its surface energy. 

However, the growth is less remarkable in the case of Zr-containing alloy. In Figure 4. 21 (a) and 

(b) the grain size distribution of both alloys in terms of area percentage and accumulated area 

percentage analyzed by quantitative metallography is shown.  

As can be observed, the grain size of the W-10Cr-0.5Y alloy is more homogeneous compared to 

the Zr-containing alloy, as all measured grains exhibit a size ranging from 0.2 to 2 µm, while in the 

W-10Cr-0.5Y-0.5Zr alloy grains with sizes up to 2.4 µm can be seen. From the point of view of 

mechanical properties, a bimodal grain size distribution, which simultaneously consists of a coarse 

and fine grains mixture, leads to an improvement owing to the high work hardening capacity of 

coarser grains along with the strengthening ability of finer ones, resulting in a superior 

combination of strength and ductility, as reported by J. Gil Sevillano [288].  
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Most of the grains of the Zr-containing alloy present a grain size between 0.4 and 0.8 µm 

whereas the alloy without Zr has an average grain size between 0.6 and 1.2 µm, indicating that the 

addition of Zr leads to grain refinement. This trend has been also reported by other authors for 

pure W [167], [289].  

  

Figure 4. 21. Grain size distribution for Hted: (a) W-10Cr-0.5Y alloy and (b) W-10Cr-0.5Y-0.5Zr alloy. 
 

Another relevant microstructural feature is the presence of the second phase, since the density 

of nanoparticles is much higher in the alloy with Zr. Moreover, such nanoparticles are located not 

only at the GBs but also inside the grains. In contrast to the W-10Cr-0.5Y alloy where both the 

matrix (see spectrum below Figure 4. 20 (d)) and the Y2O3 precipitates can be analyzed (see 

spectrum below Figure 4. 20 (c)) by EDS in the FEG-SEM microscope, the nanoparticles in the 

Zr-containing alloy are so small that it is impossible to quantify their composition accurately. Due 

to this fact, TEM characterization has been performed in view of identifying the composition of 

these nanoparticles visible at the FEG-SEM.  

TEM results, shown in Figure 4. 22 (a) and (b), confirm the presence of ultrafine white particles 

dispersed homogeneously, mainly inside the grain matrix but also at the GBs. As expected, the 

nanoparticles have coarsened significantly during the heat treatment to reduce their surface 

energy. However, although neither the number density nor the particle size distribution of the 

nanoparticles have been measured during the present thesis, it can be seen that the size distribution 

is heterogeneous (Figure 4. 22 (a)). This characterization and the number density are planned to be 

done in the next future.  

EDS measurements (Figure 4. 22 (b)) reveal that the majority of the nanoparticles exhibits a 

composition with an approximately equal amount of Y and Zr and with an O content about 6 times 

higher than both elements, thus corresponding to an equivalent atomic ratio of (Y and Zr):O = 1:6. 

Even though such an atomic relation does not elucidate the nanoparticles composition, it can be 

approached that Y2O3 nanoparticles reacts with Zr-rich oxides to form Y-Zr-O precipitates of 

composition corresponding to the cubic phase Y2Zr2O7. 
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Figure 4. 22. TEM images of HTed W-10Cr-0.5Y-0.5Zr alloy: (a) geneal view (b) Y-Zr-O nanoparticles 

composition. 
 

In addition to these nanoparticles, as shown in Figure 4. 23 (a), isolated Cr-rich residual particles 

have also been identified from Cr-rich particles formed during the HIP cycle that did not dissolve 

during HT or from the precipitation occurring during HT cooling.  

  

Figure 4. 23. TEM analysis of HTed W-10Cr-0.5Y-0.5Zr alloy: (a) a Cr-rich particle and (b) ZrCparticle.  
 

Besides, much larger particles (in this case about 200 nm) with high C and Zr content have 

occasionally been detected in the matrix. In order to identify both this big particle and the 

nanoprecipitates shown above, in addition to the EDS characterization carried out in TEM, selected 

area electron diffraction (SAED) analyses have been performed. From this technique, both the 

crystal structure and its lattice parameter have been determined, the result of which is shown in 

Figure 4. 24.  
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Figure 4. 24. Electron diffraction pattern of: (a) big particle and (b) nanoprecipitates. 
 

From Figure 4. 24 (a), it can be seen that the big particle with high Zr and C content presents a 

cubic FCC structure while the nanoprecipitates seem to exhibit a BCC structure. Considering the 

composition, crystal structure and lattice parameter of both analyses, the larger particle is likely to 

be ZrCx, whose lattice parameter varies from 4.66 to 4.71 Å depending on the Zr/C ratio, according 

to [290]. There is a relatively large solid solution of W in ZrC, leading to a reduction of the lattice 

parameter of ZrC [291]. Thus, the particle is likely to have some W in solid solution, and possibly 

also some Cr, as the EDS analysis of Figure 4. 24 (b) reveals.  

Based on the SAED analysis shown in Figure 4. 24, it has been determined that the crystal 

structure of the nanoprecipitate is cubic BCC with a lattice parameter of 3.12 Å. Together with this 

analysis, three other precipitates have been characterized, always obtaining the same crystal 

structure and quite similar lattice parameters (see Table 4. 4). 

Table 4. 4. Lattice parameters for different nanoprecipitates analyzed. 

Precipitate  Lattice Parameter (Å) 

1 3.09 

2 3.13 

3 3.18 
 

This kind of structure does not agree with any composition containing Y, Zr and O in the 

literature, since the yttria-stabilized zirconia parameter has been defined between 5.13 and 5.14 Å 

depending on the yttria content [292]–[294]. However, these lattice parameters are in agreement 

with that obtained from the diffraction pattern of the matrix, whose value is 3.13 Å. According to 

the relationship proposed by Greenaway and Kubaschewski [283], such a value corresponds to a 

Cr content of 7 wt.%, which makes sense since not only is there an error in the lattice parameter 

measurement but also some Cr evaporates during the heat treatment. Therefore, the SAED 

identification of the nanoprecipitates has not been possible because of their small size.  

Together with the microstructural characterization, XRD measurements were carried out on the 

bulk material after HT in order to verify whether the solid solution of Cr into the W lattice has 

taken place and thus, if a material with the expected microstructure, i.e. with a single-phase, has 
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been achieved. As in section 4.1, only XRD pattern for the W-10Cr-0.5Y alloy will be presented, 

since it is not possible to detect such small Y and Zr contents by XRD. The spectrum of the HTed 

W-alloy resulting from the XRD measurements is depicted in Figure 4. 25, together with the XRD 

patterns of the samples after MA and HIP as well as of the starting powders.  

 

Figure 4. 25. X.Ray spectra of the HTed W-10Cr-0.5Y sample. Diffractograms of the mixed starting powder, 

powders after MA and as-HIPed sample are also plotted for comparison. 
 

After HT, it can be observed that Cr has been introduced into the W lattice, as the Cr peaks are 

no longer visible, as seen in Figure 4. 25, i.e. the formed microstructure consists of a (αW, Cr) single 

metastable phase. Besides, the width of the peaks has been significantly reduced, indicating a 

reduction of microstresses. The lattice parameter of the (αW, Cr) single phase has been calculated 

using the TOPAS software of Bruker in order to determine the composition by applying the 

Vegard`s law proposed by Greenaway-Kubaschewski [283]. A lattice parameter of 3.103 Å has 

been obtained, which corresponds to a composition by weight of 10.9 and 89.1 wt.% for Cr and W, 

respectively. Even though this composition is not possible (although close to what is expected), it 

should be considered that the calculation of the lattice parameter has been made without taking 

into account the yttrium. In any case, it can be seen that the lattice parameter is similar to that 

determined from the electron diffraction analysis.  

Comparing with the spectra obtained in the previous stages of the manufacturing process, it 

can be seen that the peaks are shifted with respect to the position of the starting powders and after 

HIP but are coincident with the peaks of the MA powder, which is due to the presence of a 

single-phase material in which the whole Cr is in solid solution. However, although they are 

observed at the same angles, the peaks after HT are well-defined and narrower compared to them. 

As mentioned in the previous section, the width of the peaks is related to the crystallite size and 

to the strain and, consequently, to the presence of dislocations. Since the HT has been performed 

at a temperature higher than the HIP cycle for 1.5 h, i.e. a relatively long time, it is expected that 

the crystallite size will grow, becoming impossible to determine the grain size by the Scherrer 
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formula because being out of range, and, in turn, the dislocations will accommodate, resulting in 

stress release. In order to corroborate this, the contributions of crystallite size and strain to the 

peaks width for the HTed material have been determined following the procedure described in 

section 4.1, in which the Williamson-Hall method was applied [284]. The resulting Williamson-

Hall plot for the HTed sample together with the MA and HIPed samples are presented in Figure 

4. 26.  

 

Figure 4. 26. Williamson-Hall plot for HTed specimen. Data for MA and HIPed samples are also included 

for comparison. 
 

As was the case for the curve after HIP, the crystallite size value cannot be determined correctly 

because its value is very close to zero. On the other hand, focusing on the strain contribution, i.e. 

the slope, it can be seen that it has decreased about 7 times with respect to the value for the MA 

powders while it has been reduced by about 50% compared to HIP. Nevertheless, the slope is not 

zero, indicating that the stresses have not been fully released. 

Influence of oxygen on the microstructure of Zr-containing W-alloys 

As already mentioned, the main goal of adding Zr to the W-10Cr-0.5Y alloy was to bind the C 

content in order to improve the mechanical properties without compromising its oxidation 

resistance. However, only one particle corresponding to ZrC was detected in the samples analyzed 

by TEM, indicating that this compound is only scarcely found in the material. This observation 

implies that the excess of Zr after bonding with the available oxygen, which was originally thought 

to be bound with C, is either in solid solution in the matrix or forming intermetallic compounds 

with Cr and/or W, since to bind the whole amount of Y and Zr, 3100 ppm oxygen would be 

required.  

Intermetallic Zr-Cr(W) compounds, as those shown in Figure 4. 27, have been observed 

occasionally in the samples with the lowest O content, i.e. 1900 – 2000 ppm O. The identification 

of these compounds has not been possible, since the EDS signal is very likely to include 

information from the matrix. Furthermore, such compounds have not been detected in the samples 

characterized by TEM, which may be due to their higher O content (2300 ppm). 
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Figure 4. 27. Indentification by EDS analysis of Zr-Cr(W) intermetallic compounds. 
 

In order to identify such precipitates, the ternary equilibrium diagram of the W-Cr-Zr system 

has been simulated with Thermo-Calc using the database TCFE10: Steels/Fe-Alloys v10.1. Since the 

formation temperature of the precipitates is not known, it has been assumed to take place during 

the heat treatment, i.e. at 1555 °C. The resulting diagram is shown in Figure 4. 28.  

 

Figure 4. 28. Ternary equilibrium diagram at 1555 °C for the W-Cr-Zr system from Thermo-Calc. 
 

As can be seen from this figure, for the W-alloy with a content of 10 wt.% Cr, at least 0.79% of 

Zr is needed to form the intermetallic compounds, called C14-Laves and defined as 

(W,Cr,Zr)2(W,Cr,Zr) by Thermo-Calc. Since the nominal Zr content is 0.5 wt.%, it would be 

expected that they would not form at this temperature. However, it is important to note that the 

database used is not the most appropriate one since it is designed for steels and Fe-steels. 

On the other hand, the precipitation of these compounds may have taken place at lower 

temperatures than the one of the heat treatment, since the solubility limit is lower. It is important 
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to mention that the cooling rate during the heat treatment is relatively fast. However, since it is not 

a quenching as such, it is possible that during the cooling, part of the dissolved Zr comes out of 

the crystal lattice because of its lower solubility, leading to the formation of intermetallic 

compounds. This hypothesis agrees with the ternary phase diagram at lower temperatures. For 

instance, at 1300 °C, such precipitates are formed for a Zr content of 0.39 wt.% as Figure 4. 29 

shows.  

 

Figure 4. 29. Ternary equilibrium diagram simulated in Thermo-Calc at 1300 °C for the W-Cr-Zr system. 
 

In any case, further investigations need to be performed to clarify the presence of these 

intermetallic phases. 

4.3.  Thermal Stability on the microstructure after HT 
As mentioned in the literature review, the material selected for the first wall (FW) must be 

thermally stable over long periods at temperatures close to operation. The temperature at the 

blanket FW under steady state conditions can be estimated from the expected heat flux density 

from the plasma, taking into account that the temperature will depend on the chosen cooling 

concept [122]. Based on the results of Arbeiter et al [175], the maximum heat flux density for a 

helium cooled FW is 2 MW/m2 , mainly limited by the low thermal conductivity of the structural 

steel (λEUROFER ≈ 30 W/m·K between 400 and 800 °C [295]), which suffers a decrease of yield and 

creep strength around 550 °C, being this temperature the upper temperature limit. The surface 

temperature increases of the FW when exposed to a given heat flux density is given by 

equation 4.4.  

∆𝑇 =  
𝑄 𝐿 

𝜆
 (4.4) 

Where Q is the heat flux density, L is the FW thickness and λ the FW thermal conductivity. 

Assuming a FW thickness between 2-3 mm and considering a thermal conductivity of the 

HIP + HTed W-10Cr-0.5Y alloy of  55 W/m·K at 500 - 600 °C [153], the expected temperature 

increase at the FW surface is ranging from 70 to 110 °C. Therefore, the maximum FW temperature 
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under normal operation conditions will be of the order of 660 °C, i.e. 550 °C (upper temperature 

limit of Eurofer) + 110 °C.  

In this chapter, a study of the microstructure and hardness of the HIP + HTed W-10Cr-0.5Y alloy 

subjected to a temperature of 650 °C for up to 3000 h was performed in order to assess its thermal 

stability under normal operation conditions. Besides, similar ageing tests were also carried out at 

700, 800 and 1000 °C for times between 5 and 100 h, to understand the behavior of this alloy also 

at higher temperatures.  

4.3.1.  Ageing at temperature close to operation (650 °C) 
As explained at the beginning of this chapter, the HTed W-10Cr-0.5Y alloy consists of a single 

BCC (αW,Cr) matrix with a Y2O3 nanoparticles dispersion at the grain boundaries. However, this 

microstructure is metastable at the temperature of operation, where the alloy, according to the 

W-Cr phase diagram shown in Figure 4. 30, falls into the miscibility gap. Hence, it is crucial to 

evaluate its thermal stability at the temperature corresponding to operation conditions for relevant 

times.  

The microstructures before and after ageing tests are shown in Figure 4. 31. After 100, 1000 and 

3000 h at 650 °C, there are no relevant changes in the microstructure, since no phase decomposition 

has taken place, i.e., the material retains the single metastable phase (αW, Cr). However, a slight 

increase of the grain size and a slight coarsening of the Y2O3 nanoparticles can be observed after 

3000 h. To determinate the grain size variation, EBDS and metallographic analysis were carried 

out on the (HIP+HTed) sample, considered as reference, and after each ageing condition, being the 

samples after 100 and 1000 h measured by quantitative metallography while the reference and 3000 

h samples were measured by EBSD. Samples after ageing for 100 and 1000 h do not present any 

relevant variation with respect to the reference sample and, thus, only the EBSD map together with 

the grain size distribution before and after the ageing treatment at 650 °C for 3000h are shown in 

Figure 4. 32. 

 

Figure 4. 30. W-Cr phase diagram system [178]. The HIP (1250 °C),  HT (1555 °C), and ageing (650 °C) 

temperatures are indicated. 
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Figure 4. 31. Microstructures of W-10Cr-0.5Y alloy: (a) as HIP+HT; (b) after ageing at 650 °C for 100 h; (c) 

for 1000 h and (d) for 3000 h. 
 

As Figure 4. 32 shows, the maximum grain size for the reference sample is 2.3 µm while for 

ageing after 3000 h is 4.1 µm. In addition to the grain size distribution, the accumulated grain size 

(orange line) is also shown, where it is observed that the 50% of the particles have a grain size 

smaller than 0.9 and 1.1 µm for reference and after ageing samples, respectively. Furthermore, it 

can be seen that the D10 and D90 values of the reference sample are 0.4 and 1.5 µm, respectively, 

while the sample after ageing exhibits values of 0.22 and 1.9 µm, respectively, indicating that the 

grain size increases slightly when the alloy is exposed to 650 °C for 3000 h.  
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Figure 4. 32. EBSD map for grain size along with grain size distribution for: (a) as HIP+HT sample and (b) 

after ageing at 650 °C for 3000 h. 
 

The relative densities of the HIP+HTed samples used for the ageing tests were measured before 

and after tests, and the values are listed in Table 4. 5. It can be seen that the density remains 

unchanged since all values are within the measurement error.  

Table 4. 5. Relative densities in (%) of samples before and after ageing tests at 650 °C. 

Condition 
650 °C 

100 h 1000 h 3000 h 

Before Ageing 99.0 98.2 98.2 

After Ageing 98.9 98.3 98.1 

4.3.2. Ageing tests at 700 and 800 °C 

 
Reference: HIP+HTed 

 
700 °C 100 h 
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800 °C 100 h 

 
800 °C 100 h (detail) 

Figure 4. 33. Microstructure of the W-10Cr-0.5Y alloy after HT and ageing tests at 700 and 800 °C for 100 h. 
 

As mentioned above, the W-10Cr-0.5Y alloy was also subjected to ageing tests at 700 and 800 °C 

for 100 h. The microstructures obtained in comparison with that of the reference sample are shown 

in Figure 4. 33.  

Visually, an increase in the grain size appears to occur after ageing treatments at 700 and 800 °C 

for 100 h. To verify this observation, the grain size of both samples was measured by EBSD. The 

EBSD map and the corresponding grain size distribution are shown in Figure 4. 34. Focusing on 

the micrograph after ageing at 700 °C. The grain size distribution shows that both samples present 

similar maximum grain size as well as D10, D50 and D90 values as detailed in Table 4. 6. Therefore, 

from the point of view of the microstructure, after ageing at 700 °C for 100 h the same conclusions 

as for 650 °C can be drawn, since no significant changes are observed with respect to the reference 

sample. 

Table 4. 6. Values of maximum grain size, D10, D50 and D90 for reference and after ageing at 

700°C. 

Sample Maximum Grain Size (µm) D10 (%) D50 (%) D90 (%) 

Reference (HIP + HTed) 2.3 0.4 0.9 1.5 

Ageing at 700 °C for 100 h  2.4 0.3 0.9 1.6 
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Figure 4. 34. EBSD map for grain size along with grain size distribution after ageing for 100 h at: (a) 700 °C; 

(b) 800 °C. 
 

On the other hand, by increasing the ageing temperature to 800 °C for an ageing time of 100 h, 

a slight grain growth can be observed as well as a coarsening of the Y2O3 nanoparticles. In the grain 

size distribution of Figure 4. 34 (b), it can be observed that the values of D50 and D90 increase 

slightly, as well as the maximum grain size, reaching in this case 2.9 µm, i.e. there is an increase of 

21% compared to the reference sample. In addition to the grain size increase, a detail of the 

microstructure at higher magnification (Figure 4. 33 (d)) reveals that phase decomposition has 

started at the GBs, giving rise to lamellae of Cr-rich (dark) and W-rich (bright) phases. Similar 

observations were seen by Vilemova et al. for a W-10Cr-1Hf alloy manufactured by MA and SPS 

after annealing at 1000 °C for 10 h. The mechanism for the formation of such a lamellar structure 

was associated to the spinodal decomposition, which has been described in section 2.4. [177].  

After ageing at 700 and 800 °C for 100 h, the density values before and after ageing remain 

constant as shown in Table 4. 7, as was also the case for the sample tested at 650 °C for different 

ageing times. 
 

Table 4. 7. Relative densities in % of samples at 700 and 800 °C for 100h. 

Condition 
100 h  

700 °C  800 °C 

Before Ageing 98.0 98.2 

After Ageing 98.1 98.4 
 

4.3.3.  Effects of ageing treatments on thermal stability and grain size 
The thermal stability at different temperatures and times has been studied for the W-10Cr-0.5Y 

alloy. In the previous sections, the thermal stability has been evaluated by studying the 

microstructure evolution with time. To ensure that phase decomposition has not occurred, XRD 

measurements were performed after the ageing conditions shown above. Figure 4. 35 depicts the 

obtained results. From this figure, it can be concluded that phase separation has not taken place, 

since peaks are visible at the same position as the reference sample (before ageing). Moreover, no 

peaks broadening occurs, indicating that diffusion driven processes are slow at the studied 

temperatures. On the other hand, although the microstructure after ageing at 800 °C shows the 
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beginning of phase decomposition, its XRD spectrum remains unaltered, which is due to the fact 

the emerging phases at the lamellae are still too small and scarce to be detected by XRD technique. 

 

Figure 4. 35. XRD spectra of the HIP + HTed W-10Cr-0.5Y samples before and after ageing tests.  
 

Summarizing, it has been seen that no decomposition of the metastable phase (W, αCr) has 

taken place at any of the temperatures tested but a slight grain growth has been observed. It is well 

known that any system, from the thermodynamic point of view, tends to minimize its free energy. 

In a solid state, the energy can only be reduced by phase transformation or by decreasing the grain 

boundaries interfacial free energy. It is also known that the energy available to drive grain growth 

is lower compared to the one for phase transformation and thus, the latter phenomenon occurs at 

slower rates [182]. Therefore, both processes are expected to occur, but phase transformation is 

taking place at scales that cannot be appreciated. Based on this, the greatest reduction in the energy 

should be achieved by minimizing the total grain boundaries area, giving rise to a uniform increase 

in the average grain size due to the annihilation of small grains by grain boundary migration [296].  

The kinetics of normal grain growth is generally described by the following equation [297]:  

𝐷2 − 𝐷0
2 = 𝑘𝑡 (4.5) 

where t is the time, D and D0 represent the average grain size at time t and t = 0, respectively, 

and k is the kinetic coefficient, which is defined as equation 4.6.  

𝑘 =  𝑘0𝑒
(

−𝑄
𝑅𝑇

) (4.6) 

being k0 a constant, T the temperature and Q the activation energy for boundary mobility [298].  

Based on both equations, it can be noted that grain size presents a linear relationship with time, 

while its dependence on temperature is exponential. From Figure 4. 36 the influence of time and 

temperature on grain size can be deduced. Both reference sample and sample aged at 700 °C for 
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100 h present very similar grain sizes. This fact indicates that at low temperatures the diffusion 

processes are too slow, especially for W, to produce a slight increase in grain size and, therefore, 

very long times are required, as seen for the sample aged at 650 °C for 3000 h (orange line). On the 

other hand, when temperature increases slightly at constant times (grey and yellow line), grain 

growth is observed. Therefore, it can be concluded that the observation fits the above equations, 

since, at least, an order of magnitude longer time is required for grain growth to be appreciated, 

while a slight temperature increase for constant ageing time results in a perceptible grain growth. 

 

Figure 4. 36. Percentage in accumulated area as a function of grain size. 
 

As described in section 4.3.2, the start of decomposition for the W-10Cr-0.5Y alloy was observed 

after it was subjected to an ageing treatment at 800 °C for 100 h. The mechanism for the formation 

of such a lamellar structure is associated to the spinodal decomposition, which implies that the 

decomposition only takes place through diffusional processes, since there is no barrier for 

nucleation. Besides, the spinodal decomposition is a spontaneous reaction, i.e. it occurs 

homogeneously and at the same time throughout the sample [181], [183].  

The miscibility gap of the W-Cr phase diagram is represented next to the chemical spinodal line 

(blue dashed line) in Figure 4. 37. As can be seen in this figure, the selected ageing temperatures 

are within the chemical spinodal region, i.e. a microstructure of Cr-rich and W-rich lamellae should 

be achieved. However, at 650 and 800 °C, the temperatures are too low for activating diffusion 

processes, especially for W, which implies that very long times would be required for the 

microstructure to decompose.  
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Figure 4. 37. Miscibility gap of the W-Cr phase diagram with the chemical spinodal boundary indicated by 

the blue dashed line calculated using the Thermo-Calc software. The microstructures obtained after ageing 

at the maximum operation temperature (650 °C) and 800 °C are also indicated. 
 

It is important to note that the start of the decomposition at 800 °C took place at the grain 

boundaries, i.e. decomposition starts in localized areas rather than homogeneously throughout the 

sample, indicating that the experimental observations are not in agreement with the theoretical 

spinodal decomposition reaction (described at the beginning of this section). Similar 

microstructural observations were reported in the literature for the W-Cr system [177], [179]. 

However, the obtained conclusions regarding the formation mechanisms of this microstructure are 

not consistent. On the one hand, M. Vilémová et al. attributed the resulting microstructure to the 

spinodal decomposition mechanism [177], while Porter [179] concluded that there was no evidence 

for spinodal transformation in the decomposition of the W-Cr system. Besides, Porter’s approach 

is in accordance with the calculations developed by Cahn [183], where a supercooling of the order 

of 1650 °C is needed for spinodal decomposition, making it almost impossible to take place. 

Therefore, taking into account these results and based on the theory about incoherent and coherent 

spinodal curve explained in section 2.4.1, the formation mechanism of Cr and W-rich lamellae is 

expected to take place by nucleation and growth. Nevertheless, further investigation is needed to 

elucidate the formation process of this microstructure. 

The material for FW application has not only to maintain its properties at the operating 

temperature, but it also has to withstand possible ELM-like pulses with an average heat load of 

4 MW/m2, where temperatures around 1000 °C can be reached at the W-10Cr-0.5Y alloy surface, as 

will be explained later in section 4.5.2. Based on this fact and on the results obtained previously in 

the thermal stability study, ageing treatments were performed at 1000 °C for times ranging from 

50 to 100 h, in 25 h intervals.  
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The obtained microstructures for ageing at 1000 °C for 50, 75 and 100 h are shown in Figure 4. 

38, which exhibit a progressive phase decomposition with significant grain refinement. These 

kinds of microstructures are typical for a spinodal decomposition. The original W matrix is 

consumed and the emerging Cr-rich phase presents a lamellar shape after ageing for 50 h (Figure 

4. 38 (a)), while after 100 h a vermicular shape has been developed (Figure 4. 38 (c). Therefore, after 

ageing at 75h a mix of both microstructure is achieved (Figure 4. 38 (b)).  

  

 

 

Figure 4. 38. Microstructures after ageing at 1000 °C for: (a) 50 h; (b) 75 h and (c) 100 h 
 

The XRD spectra of ageing samples at 1000 °C were measured in order to analyze the evolution 

of the phase decomposition. As can be observed in Figure 4. 39, the XRD after ageing treatments 

at 1000 °C for different times are very similar, with the appearance of the (αCr, W) peaks and the 

shift of the (αW,Cr) peaks to lower 2θ, indicating less amount of Cr in solid solution. While the Cr 

peaks are in all cases at the same 2θ position, the shift of W peaks to lower 2θ is progressive with 

increasing ageing time. This is due to the low mobility of W atoms compared to Cr ones and thus, 

more time is required to achieve the equilibrium composition. Both conclusions are derived from 

Bragg‘s law (equation 4.7) and the equation 4.8, in which the interplanar spacing is related to lattice 

parameter for a cubic system [284]. 
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Figure 4. 39. XRD spectra of reference sample before and after ageing treatment at 1000 °C.  
 

2 𝑑 𝑠𝑒𝑛 𝜃 = 𝑛 𝜆 (4.7) 

𝑑ℎ 𝑘 𝑙 =
𝑎

√ℎ2 + 𝑘2 + 𝑙2
 

(4.8) 

 

 

From the XRD spectra, the lattice parameters of Cr-rich and W-rich phases were obtained for 

each condition using the TOPAS software from Bruker to compare them with the corresponding 

ones at equilibrium, i.e. those of the phase diagram at a temperature of 1000 °C [178]. As the phase 

diagram relates the composition with temperature, the composition associated to each lattice 

parameter was obtained by the relationship proposed by Greenaway and Kubaschewski [283]. The 

resulting compositions at 1000 °C for each phase and time studied are presented along with the 

miscibility gap of the W-Cr system in Figure 4. 40. 

In this figure, grey lines represent the compositions of the W-10Cr-0.5Y alloy (vertical line) and 

those corresponding to the W–rich (89 at% W) and Cr-rich (11 at% W) phases at equilibrium at 

1000 °C (horizontal line). The left side of the image shows the Cr-rich phase composition while the 

compositions of the W-rich phases can be observed on the right side. Comparing both phases, it 

can be seen that Cr decomposition takes place at a faster rate than that of W, since for all ageing 

treatments, the Cr composition is very close to that of equilibrium. This observation is in agreement 

with [283], where it was concluded that Cr is a faster atomically diffusing element compared to W. 

Furthermore, for the Cr-rich phase, there is no clear trend with increasing ageing time. It should 

be noted that the lattice parameters of Cr peaks were calculated with TOPAS using one single peak, 

exhibiting low intensity, making the measurements more inaccurate compared to those of the W-

rich phase. For this reason, the influence of the ageing treatments on the evolution of phase 

decomposition will be studied trough the data obtained for the W-rich phase. It can be observed 

that a complete decomposition is not achieved for any time used, since the equilibrium 

composition is not reached. However, with increasing time, the W atoms move further and thus, 
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the content gets closer to the equilibrium composition. From the image, it is also seen that with 

increasing ageing treatment time, the phase decomposition slows down, hence longer times are 

required to reach the equilibrium composition.  

 

Figure 4. 40. Composition of ageing samples with the equilibrium diagram for W-Cr system.  
 

4.3.4. Effect of the grain size on microhardness 
The Vickers microhardness of W-10Cr-0.5Y samples before and after ageing treatments were 

measured. The resulting values are plotted as a function of average grain size in Figure 4. 41, where 

the microhardness of pure W following its Hall-Petch relationship is also included as a reference 

[299]. 

Although a comparison between W-alloys and pure W is not straightforward due to the 

different composition, it can be observed that the microhardness of the HTed W-10Cr-0.5Y alloy 

before and after the ageing treatments results in significantly larger values than pure W. This is 

because the hardness mechanisms are different since the W-alloy exhibits solid solution and 

precipitation hardening, contributing to strength the material.  
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Figure 4. 41. Vickershardness vs grain size of HIP + Hted W-10Cr-0.5Y samples before and after ageing 

treatments and pure W considering its Hall-Petch relationship. 
 

Taking into account the hardness values of the W-10Cr-0.5Y alloys, it can be asserted that the 

hardness does not decrease with increasing grain size.  

Samples after ageing at 1000 °C are not plotted in Figure 4. 41 because the grain size is too fine 

to be quantified. Both the microhardness and density values of these sample are shown in the 

following table, where no clear trend can be appreciated.  

Table 4. 8. Relative density and microhardness of ageing samples at 1000 °C for different dwell 

times. 

Ageing Time (h) Density Relative (%) Vickers Microhardenss 

50 98.3 880 ± 9 

75 98.6 973 ± 10 

100 96.4 858 ± 10 

 
The microhardness reduction in the sample after 100 h may be associated with its lower 

porosity. Miller et al. [300] reported a rise of hardness with increasing ageing time for Fe-Cr alloys, 

while J. Veverka et al. studied the evolution of hardness with ageing time for a similar 

microstructure in W-Cr system, concluding that after 15 h at 1000 °C, hardness decreases by 10% 

[301]. Taking into account the lack of agreement in the literature, further investigation would be 

necessary to elucidate the hardening mechanism in spinodal decomposition.   
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4.4.  Physical Properties of self-passivating W-10Cr-0.5Y-0.5Zr alloys 
Since the oxidation screening tests in section 4.1 concluded that the W-10Cr-0.5Y-0.5Zr alloy 

performed best, the physical properties of this alloy relevant to nuclear fusion application have 

been studied, the results being shown in the present section.  

4.4.1. Mechanical Properties  
As a starting point for studying mechanical properties, the microhardness of the W-10Cr-0.5Y 

and W-10Cr-0.5Y-0.5Zr alloy after HIP and after HIP + HT has been measured and is shown in 

Table 4. 9. The values of pure polycrystalline W at the corresponding average grain size of 

W-Cr-Y-Zr alloy are included as a reference. Such values have been calculated from the Hall-Petch 

relationship of pure W [299]. 

Table 4. 9. Microhardness of both W-alloys studied before and after HT 

Composition 
W-10Cr-0.5Y-0.5Zr W-10Cr-0.5Y 

As-HIPed HTed As-HIPed HTed 

Microhardness (HV0.5) 1350 ± 79 1012 ± 47 1220 ± 8 980 ± 6 

Average Grain Size (nm) < 100  620 ± 12 110 ± 4 [153] 813 ± 4 

Equivalent Hardness Pure W 

(HV) [299] 
< 4050 3036 - - 

 

From Table 4. 9, it can be appreciated that the hardness value for the HTed alloy with Zr is 

slightly higher than the one of the reference alloy (W-10Cr-0.5Y), most probably due to the smaller 

particle size of this alloy, which is related to the presence of Zr, in addition to that of Y, inhibiting 

grain growth. A similar reasoning can be applied to the samples after HIP, whose hardness is 

higher compared to the heat-treated ones, since they have a smaller grain size. Furthermore, it can 

be seen that the deviation in the measurements is much larger in as-HIPed samples. This fact may 

be due to the presence of the two phases (Cr-rich and W-rich phase) whereas after HT, a single 

homogeneous phase is observed throughout the sample.  

Regarding the hardness of pure tungsten and considering that it would have the same average 

grain size as the Zr-containing alloy, it is observed that pure W clearly present higher values. It 

has to be mentioned that a comparison with pure W is not straightforward since the alloy exhibits 

other hardening mechanisms such as precipitation or solid solution. Nevertheless, taking into 

account the hardness value of pure work-hardened and annealed polycrystalline W at room 

temperature of about 350 HV [52], it can be stated that there is a strong influence of grain size on 

hardening of W-Cr-Y and W-Cr-Y-Zr alloys. 

4.4.1.1.  Flexural Strength and Fracture Toughness 
A total of 32 bars of dimensions 1.8 x 1.8 x 24 mm3 have been manufactured and sent to 

Universidad Politécnica de Madrid (UPM) for the measurements of flexural strength and fracture 

toughness by three-point bending tests (3PBT). Such tests have been performed in displacement 

control at a fixed loading rate of 100 µm/min, varying the temperature from 25 to 1200 °C under 

high vacuum. Given that the W-alloys studied in the present thesis are brittle up to very high 

temperatures, notching is a challenge, since the fatigue stress required for crack nucleation is very 

close to the fracture threshold. Therefore, the notches necessary to analyze the fracture toughness 

have been performed with a femtosecond laser as described by Palacios et al. [268].  
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The flexural strengths at different temperatures of the samples with composition 

W-10Cr-0.5Y-0.5Zr are plotted in Figure 4. 42.  

   
Figure 4. 42. Tensile-Strain curves at different temperatures from 3PBT of W-10Cr-0.5Y-0.5Zr alloy 

 

As can be observed, the material shows brittle behavior up to 1000 °C, a temperature at which 

some plastic deformation takes place. Above this temperature, the W-alloy is ductile. Therefore, 

the ductile-to-brittle transition temperature (DBTT) for this alloy is stablished between 900 and 

1000 °C, which is considerably higher than that of pure W (200-400 °C depending on mechanical, 

structural and chemical conditions) [49]. However, it is similar to that of the W-10Cr-0.5Y alloy, 

which was reported to lie at around 950 °C, according to [153]. At 1100 °C, the W-alloy deforms 

plastically until breaking, which does not occur in the sample tested at 1200 °C. At such 

temperature, the strength has decreased significantly to approximately 150 MPa from the 

beginning of the loading. Considering the obtained curve for 1200 °C, it can be stated that the 

Zr-containing W-alloy could exhibit a superplastic behavior, since it is a material with an ultra-fine 

grained microstructure that has been deformed at low strain rate at a temperature close to half of 

the melting temperature and which includes uniformly distributed dispersoids inhibiting grain 

growth at high temperatures, all of them requirements of a material for exhibiting superplasticity 

[302]. The possible presence of superplasticity in the as-HIPed Zr-containing alloy will be 

investigated in the near future. 

The flexural strength of W-10Cr-0.5Y-0.5Zr after HT, together with those of the alloy without 

Zr [153] and pure commercial W from Plansee (manufactured by sintering and rolling, tested in L-

T direction) for comparison [303], is summarized in Figure 4. 43, where the ultimate flexural 

strength is plotted for samples tested at temperatures below DBTT, whereas above DBTT the 0.2% 

yield strength offset is used. In this way, the continuous line with circles represents brittle behavior 

while squares and dashed lines represent the ductile behavior.  
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Figure 4. 43. Proof flexural strength as a function of temperature for HTed W-10Cr-0.5Y-0.5Zr alloy. Data 

for W-10Cr-0.5Y alloy after HT and pure W are also included. The error bars correspond to the standard 

deviation of the experimental data. 
 

The maximum flexural strength remains around 800 MPa below DBTT. These values are similar 

to those measured for the alloy without Zr. Although, as expected, the strength drops significantly 

above DBTT because of its plastic behavior, a slightly higher yield strength is observed for the 

Zr-containing alloy compared to the W-10Cr-0.5Y alloy. 

The toughness of the HTed W-10Cr-0.5Y-0.5Zr alloy as a function of temperature has been 

assessed from three-point bending tests on notched bars at UPM. The obtained results are shown 

in Figure 4. 44 (a), together with data corresponding to the W-alloy without Zr after HT [153] and 

commercial pure W from Plansee [303]. As can be observed, the toughness of pure W 

manufactured by sintering and rolling is superior to that of the self-passivating W-alloys over the 

entire temperature range tested. At room temperature, this difference is small, but at 400 °C and 

above, the toughness reaches 7 times higher values. This sharp increase from 400 °C is due to the 

fact that W, whose DBTT was estimated to lie at around 400 °C, deforms plastically, hindering 

crack propagation.  

In order to better visualize the fracture toughness data of the self-passivating W-alloys for 

comparison, the same data excluding pure W, are plotted in Figure 4. 44 (b). In this figure, it can 

be seen that the addition of Zr results in a slight decrease in the fracture toughness over the entire 

temperature range studied compared to the W-10Cr-0.5Y alloy [153]. However, higher values for 

fracture toughness were expected taking into account the grain size reduction compared to the 

alloy without Zr.  
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Figure 4. 44. (a) Fracture toughness versus temperature for W-10Cr-0.5Y-0.5Zr after HT. Values of HTed 

W-10Cr-0.5Y alloy [153] and pure W [303] are also included for comparison and (b) same data, excluding 

pure W. 
 

Fractographical analysis by SEM has been performed at UPM on all tested samples in order to 

study the type of fracture as well as the defects causing it. As Figure 4. 45 (a) shows, a mixture 

fracture mode (inter and transgranular) below 600 °C can be observed while above that 

temperature (Figure 4. 45 (b)), the dominant failure mechanism is intergranular cracking. 

Moreover, as illustrated in Figure 4. 45 (c), the specimens tested from 1000 °C on show an 

intergranular fracture in which the grains present some roughness corresponding to the formation 

of the Cr- and W-rich phases by spinodal-like decomposition. Along with these observations, it is 

worth noting the fracture mode of the sample tested at 1200 °C as shown in Figure 4. 45 (d), since, 
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although some intergranular cracks are observed at the surface, they do not propagate further after 

achieving a certain depth and the sample does not fracture. Such a mechanism, where the crack 

stops and bifurcates through the grain boundaries, resulting in a slip, is characteristic of 

superplastic materials [302]. The study of the possible superplasticity of the two self-passivating 

W-alloys developed in the present thesis is currently in progress. 

  

  

Figure 4. 45, Fracture surfaces of W-10Cr-0.5Y-0.5Zr alloy tested at: (a) RT; (b) 600 °C; (c) 1100 °C and 

(d) 1200 °C. Images published with permission from E. Tejado, UPM. 
 

The fracture surface of a sample tested at 800 °C is shown in Figure 4. 46, where the defect 

responsible for initiation of brittle fracture is indicated in red at low magnification (Figure 4. 46 (a)).  

  

Figure 4. 46. (a) Fracture surface tested at 800 °C; (b) EDS analysis of the fracture source particle. Images 

published with permission from E. Tejado, UPM. 
 

 



Results & Discussion 

  

127 

 

At higher magnifications (Figure 4. 46 (b)), the fracture origin has been identified as 

agglomerates of Zr-rich areas with non-uniform microstructure and higher porosity. Such pores of 

spherical nature suggest the presence of a liquid phase. This particle could correspond to the 

Zr-Cr(W) intermetallic compound detected by EDS in the SEM analysis presented in section 4.2.7.1. 

The presence of such intermetallic phase could be due to the fact that the samples employed for 

both the fracture toughness and flexural strength tests have a relatively low O content (1900 ppm) 

compared to those used for the microstructural analysis. Therefore, considering that the formation 

of these intermetallic compounds only takes place if there is free Zr, i.e. if all O has bonded with Y 

and part of Zr, it is to be expected that these samples present a higher amount of intermetallics 

than the rest of samples characterized in this dissertation.  

However, this particle has been only responsible for the fracture initiation of the sample tested 

at 800 °C, being the rest of fractures caused by pure W grains, i.e. grains corresponding to 

unalloyed W particles coming from mechanical alloying. As an example, Figure 4. 47 (a) shows the 

fracture surface of the sample tested at 900 °C both at low magnification, where the origin of the 

fracture is indicated in red, and at high magnification. Figure 4. 47 (b) and (c), in which the 

difference between the size of the grain matrix (small grains) and the unalloyed W particle (larger 

grains) responsible for the fracture can be appreciated.  

  

 

 

Figure 4. 47. Fracture surface of W-10Cr-0.5Y-0.5Zr alloy tested at 900: (a) low magnification, (b) and (c) 

high magnification. Images published with permission from E. Tejado, UPM. 
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4.4.1.2.  Young’s Modulus 
The elastic modulus of both self-passivating W-alloys has been measured with the Impulse 

Excitation Technique (IET) before and after heat treatment. The obtained results are presented in 

Figure 4. 48 together with the values of pure W [52] and pure Cr [304] for comparison.  

 

 

Figure 4. 48. Young’s modulus as a function of temperature for the alloy with and w/o Zr: (a) as-HIPed and 

(b) after HTed. Values for commercial pure Cr [304] and W [52] are also included. 
 

In Figure 4. 48 (a), the elastic moduli of both W-alloys after HIP are plotted, where it can be seen 

that both alloys present similar values, being those of the Zr-containing alloy approximately 5% 

higher. However, after heat treatment it is the W-10Cr-0.5Y alloy which exhibits a higher Young’s 

modulus, specifically there is also a difference of about 4-5%, as depicted in Figure 4. 48 (b).  

Focusing on Figure 4. 48 (a), the main difference between the as-HIPed samples is the grain size, 

since the W-10Cr-0.5Y-0.5Zr alloy presents smaller grain size compared to the W-alloy without Zr. 

However, after heat treatment (Figure 4. 48 (b)), the grain size of the Zr-containing alloy increases 

while the elastic modulus remains practically constant. This observation is in agreement with the 
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fact that there is no dependence of elastic modulus on grain size, except in nanocrystalline 

materials where there is a controversy as some authors have reported a decrease in Young’s 

modulus as the grain size is reduced to the nanoscale [305]–[307], while others have pointed out 

there is no such relationship [308], [309]. Taking into account that none of the alloys present a 

nanocrystalline structure, i.e. they have a grain size larger than 100 nm, the influence of grain size 

on Young’s modulus has been ruled out.  

On the other hand, the major difference between Figure 4. 48 (a) and (b) lies in the heat 

treatment. As mentioned in section 4.2, such thermal treatment is performed in order to dissolve 

the Cr in the W lattice, resulting in a single metastable phase by solid solution. Thus, the as-HIPed 

samples exhibit two different phases: a Cr-rich phase and a W-rich phase with W and Cr in solid 

solution, respectively, while after heat treatment only the W-rich phase is observed. According to 

[310], the Young’s modulus of a two-phase alloy can be written as equation 4.9.  

𝐸𝛼𝛽 = 𝐸𝛼𝛽
𝑚𝑖𝑥 + ∆𝐸𝛼𝛽 (4.9) 

Where 𝐸𝛼𝛽
𝑚𝑖𝑥 denotes the mechanical mixing of elastic moduli of each phase while ∆𝐸𝛼𝛽 is the 

interaction contribution between the Young’s moduli of each of the phases. In turn, 𝐸𝛼𝛽
𝑚𝑖𝑥 and ∆𝐸𝛼𝛽 

are defined as equation 4.10.  

𝐸𝛼𝛽
𝑚𝑖𝑥 = 𝑉𝛼𝐸𝛼 + 𝑉𝛽𝐸𝛽 

(4.10) 
∆𝐸𝛼𝛽 = ∑ ∑ 𝑉𝛼𝑉𝛽

𝛽>𝛼
   ∑ 𝐸𝛼,𝛽

𝑛 (𝑉𝛼−𝑉𝛽)𝑛

𝑛=0𝛼
 

being 𝑉𝛼 , 𝑉𝛽 , 𝐸𝛼  and 𝐸𝛽 the volume fraction and the Young’s modulus of each phase in the 

two-phase alloy, respectively while 𝐸𝛼,𝛽
𝑛  represents the nth order binary interaction parameter 

between both coexisting phases. 

Despite the availability of the equations for calculating the elastic modulus in the samples after 

HIP and the possibility of calculating the volume fraction of each of the phases by quantitative 

metallography, the measurement of the Young’s modulus for each of the phases has been rejected 

since the difference obtained in this parameter between the samples with and w/o hear treatment 

is not so large. Besides, it involves extra work as it implies the manufacture of specimens with each 

of the single-phase composition. However, it can be assumed that both Young’s moduli (before 

and after heat treatment for each alloy) are similar since the elastic modulus after HT, i.e. a 

single-phase of W with all Cr in solid solution should be equivalent to the modulus after HIP to 

which the law of mixture is applied (equation 4.10). In other words, equation 4.11 was expected to 

be fulfilled, which has been experimentally verified. 

𝑉𝛼𝐸𝛼 + 𝑉𝛽𝐸𝛽 ≈  𝐸𝛼𝛽 (4.11) 
 

Once the influence of the most relevant microstructural features (grain size and number of 

phases) on the elastic modulus have been studied and concluded that they do not affected it, the 

porosity has been determined, since it is well known to be one of the dominant parameters 

affecting the measurement of Young’s modulus [311], [312]. Although our W-alloys are metals, 

their mechanical properties resemble those of a ceramic material because of their brittleness up to 

very high temperatures. For this reason, the elastic moduli for dense materials can be calculated 

from equation 4.12 [313].  
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𝐸 = 𝐸0 (1 − 𝑃)/(1 + 𝑎𝑃) (4.12) 

Where Eo and E denote the elastic modulus of dense materials and porous materials, 

respectively. P represents the volume fraction of porosity while a is a constant parameter related 

to the porous morphology and Poisson ratio of the matrix. Since the porous present in both W-

alloys are spherical, the parameter a is defined as equation 4.13 [313]. 

𝑎 =  (13 –  15 𝜈) (1 − 𝜈) / (14 − 10 𝜈) (4.13) 

being ν the Poisson ratio, whose value is 0.275 for the W-alloy studied during the present thesis. 

Therefore, the value of a corresponds to 0.58.  

On the other hand, the porosity of the specimens of each alloy before and after HT used for 

Young’s modulus measurements are listed in Table 4. 10.  

Table 4. 10. Porosity in volume fraction and relative density of samples of each W-alloy after HIP 

and HT. 

 As-HIPed After HT 

 Relative Density (%) Porosity 

(%)   
Relative Density (%) 

Porosity 

(%) 

W-10Cr-0.5Y  96.9 3.1 98.27 1.73 

W-10Cr-0.5Y-0.5Zr 99.12 0.9 98.19 1.9 
 

In section 4.1, it has been mentioned that the resulting as-HIPed alloys usually present relative 

densities above 99% whereas such a density decreases slightly to values above 98% after heat 

treatment. As can be seen from Table 4. 10, both the Zr-containing W-alloy (in both conditions) and 

the W-alloy without Zr after HT present relative density values as those usually obtained. 

However, as-HIPed samples with composition W-10Cr-0.5Y exhibits a lower relative density. 

Hence, the elastic modulus of this sample must be corrected to at least a relative density value of 

99.1% since, in addition to being a usual value, it will allow comparison with the alloy with Zr. For 

that purpose, the Young`s modulus of the W-10Cr-0.5Y alloy after HIP for each temperature is 

recalculated by solving E0 from the equation 4.4, where a and P have been replaced by 0.58 and 

0.025, respectively. The resultant corrected elastic modulus is plotted in Figure 4. 49.  

 

Figure 4. 49. Elastic modulus vs temperature of as-HIPed samples of the alloy with and w/o Zr. Dashed 

line indicates the Young’s modulus corrected to a relative density of 99.1% for W-10Cr-0.5Y alloy. Values 

for commercial pure Cr [304] and W [52] are also included. 
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Taking into account these results, it can be concluded that the addition of Zr to W-10Cr-0.5Y 

does not affect its Young`s modulus, since both alloys for a similar or equal porosity exhibit elastic 

moduli very close and within the measurement error.  

4.4.2.  Thermal Properties 
As mentioned in the literature review, self-passivating W-alloys not only have to withstand 

high thermal loads but will also have to be joined to a reduced activation ferritic martensitic 

(RAFM) structural steel. For this reason, thermal properties such as thermal conductivity and 

coefficient of thermal expansion must be characterized. Therefore, both thermal properties have 

been analyzed on W-10Cr-0.5Y-0.5Zr before and after heat treatment. The resulting data are 

presented in the following sections. 

4.4.2.1.  Thermal Conductivity 
The thermal conductivity of W-10Cr-0.5Y.0.5Zr before and after HT along with pure W and 

W-10Cr-0.5Y alloy after HT have been measured as function of the temperature, from room 

temperature up to 900 °C. The obtained results are presented together with the thermal 

conductivities of W-Cr and W-10Cr-0.5Y after HIP reported in [153].  

 

Figure 4. 50. Thermal conductivity as a function of temperature of W-10Cr-0.5Y-0.5Zr alloy before and after 

HT and W-10Cr-0.5Y after HT. Values for pure W [ref], W-10Cr and W-10Cr-0.5Y alloys after HIP are also 

shown for comparison [153]. 
 

From Figure 4. 50, it can be appreciated that the thermal conductivity of the three W-alloys is 

significantly lower than that of pure W [52]. Such a drastic decrease is mainly due to the fact that 

Cr atoms solved in the W lattice act a scattering center, reducing the electron and phonon mean 

free path.  

In order to discuss the thermal conductivities of the different self-passivating W-alloys, the 

same data excluding those of pure W are plotted in Figure 4. 51.  
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Figure 4. 51. Thermal conductivy as a function of temperature of W-10Cr-0.5Y-0.5Zr alloy after HIP and 

HIP+ HT and W.10Cr-0.5Y after HT. For comparison, the values for the alloy without Zr after HIP as well 

as those for W-10Cr alloy [153] are included. 
 

The thermal conductivity of W-10Cr-0.5Y and W-10Cr-0.5Y-0.5Zr alloys is slightly lower 

compared to the binary system W-10Cr, most probably due to the presence of some free Y and Zr 

not combined with oxygen, which are likely dissolved in the matrix lattice. In addition to solid 

solution, and to a lesser extent, the presence of nanoparticles, either yttria or zirconia, also hinder 

the movement of free electrons and phonons, since more interfaces are produced, giving rise to a 

reduction of thermal conductivity. Such a reduction is more visible in the Zr-containing alloys, 

mainly because they present a fourth element (Zr) that could also be in solid solution. According 

to the W-Zr phase diagram [314], the maximum solubility of Zr in W is 3.5 at% at a temperature as 

high as 2200 °C. Therefore, at the heat treatment temperature of 1555 °C it is expected that most of 

free Zr would be dissolved in the W matrix, contributing to diminish the thermal conductivity. 

Moreover, the nanoparticles density is much higher compared to the one of W-10Cr-0.5Y alloy.  

The values of the thermal conductivity before and after HT are practically unchanged for the 

W-10Cr-0.5Y-0.5Zr alloy since the presence of the W-rich and Cr-rich phases after HIP should 

equivalently hinder the electron motion to the sample after HT where all Cr is in solid solution. In 

detail, a very small decrease in the thermal conductivity can be appreciated in samples after HT, 

which might be related to the slightly higher porosity since the heat transfer across pores is usually 

inefficient and slow [128].  

On the other hand, in the W-alloys without Zr there is a considerable drop of thermal 

conductivity after HT, which is supposed to be due to the slight increase in porosity after HT.  

As described in the literature review, a maximum power density of 2 MW/m2 is expected at the 

FW, which is supposed to be 2 - 3 mm thick [43]. Therefore, even though the thermal conductivities 

of the self-passivating W-alloys are significantly lower than that of pure W, the values at the 
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temperature of 550 °C and beyond are above 50 W/m∙K. Substituting both data into equation 4.14 

[174],  

∆𝑇 =  
𝑄 𝐿 

𝜆
   (4.14) 

where Q is the maximum heat flux density, L the thickness of the FW and λ the FW thermal 

conductivity, a surface temperature increase of about 80 °C will be experienced by the W-alloy 

material. 

Furthermore, as mentioned above, W-alloys will be joined to RAFM steel, which present a 

significant reduction in yield strength and creep resistance at around 550 °C [172], [173], i.e. such 

a temperature defines the upper temperature limit of operation. Taking into account this boundary 

requirement, the maximum temperature expected at the FW under normal operation conditions 

will be 630 °C, i.e. 550 °C + 80 °C. Therefore, since the self-passivating W-alloys have been sintered 

at 1250 °C and heat treated at 1555 °C and subjected to thermal ageing during long times, it can be 

stated that their thermal conductivities are high enough to ensure the integrity of the armour 

material during normal reactor operation without any concern.  

4.4.2.2.  Thermal Expansion Coefficient  
The thermal expansion coefficients (CTE) of both self-passivating W-alloys before and after HT 

have been measured by dilatometry between room temperature and 900 °C. The resulting data are 

plotted in Figure 4. 52 together with the values for pure W [52] and Cr [304] as a reference. 

 

Figure 4. 52. Linear thermal expansion coefficient of W-10Cr-0.5Y-0.5Zr and W-10Cr-0.5Y alloys after HIP 

and after HT as a function of temperature. For comparison, values for pure W [52] and Cr [304] are also 

included. 
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The CTE values for the W-10Cr-0.5Y alloy under both conditions (after HIP and HIP+HT) are 

between the one of pure W and Cr, being closer to the one of pure W, as expected. However, the 

Zr-containing W-Cr-Y(-Zr) show values of CTE similar to those of the alloy without Zr until a 

temperature of about 500 °C, above which the curves of the W-10Cr-0.5Y-0.5Zr deviate from the 

linearity, increasing more noticeably at temperatures above 800 °C. Since the only difference 

between both alloys is the presence or not of Zr, such a dissimilarity has to be connected with the 

presence of this element, which give rise to a nanoparticle dispersion of the cubic phase 

yttria-stabilized zirconia, as revealed by the TEM examinations presented in section 4.2. In addition 

to these precipitates, it should be noted that the specimens used for CTE tests presented an O 

content of around 2040 ppm, i.e. slightly higher than the one used for the mechanical properties 

study, but not high enough to bind all the Zr, so that there may be also some intermetallic 

compounds in the sample leading to the formation of a liquid phase during heating. It is possible 

that these intermetallics are responsible for the CTE increase at 800 °C. However, more work is 

required to elucidate the reason for the strong difference between the CTE of the alloy with and 

without Zr.  

4.5.  Relevant Properties for Nuclear Fusion Applications 
In case of a loss-of-coolant accident with simultaneous air ingress, the use of pure tungsten 

involves a potential risk because of its low resistance to oxidation. In order to prevent this, both 

W-10Cr-0.5Y and W-10Cr-0.5Y-0.5Zr alloys were developed, as a self-passivating layer is expected 

to be form at high temperatures in presence of oxygen. Therefore, the oxidation behavior of these 

W-Cr-Y(-Zr) alloys needs to be studied.  

In addition to the study of oxidation behavior, it is known that this material will be subjected to 

high heat loads and intense high particle flux as well as neutron irradiation. For this reason, fatigue 

and thermal shock resistance under heat loads similar to those expected at the first wall of a fusion 

reactor has been tested on self-passivating W-Cr-Y(-Zr) alloys. In parallel to this investigation, both 

hydrogen retention and the effect of neutron irradiation on mechanical and microstructural 

properties of the W-10Cr-0.5Y alloy have been studied. The results derived from these tests are 

presented in the following sections.  

4.5.1.  Oxidation Behavior of Self-Passivating W-Cr-Y(-Zr) alloys 
Since the self-passivating behavior of the W-Cr-Y(-Zr) alloy is one of the main objects of study 

of the present thesis, isothermal oxidation tests as well as tests simulating accident-like conditions 

up to 1000 °C were performed on the as-HIPed and HIP + HT W-10Cr-0.5Y-0.5Zr alloy and in all 

conditions in which the thermal stability of these alloys was studied. These data have been 

compared to the W-alloy without Zr (also as-HIPed and HIP + HT).  

4.5.1.1.  Isothermal Oxidation at 1000 °C 
Isothermal oxidation test at 1000 °C for 60 h were carried out at IPP Garching by 

thermogravimetric analysis using a mixture of 80 vol% Ar and 20 vol% O2 at atmospheric pressure. 

The edges of the tested samples, which were prepared metallographically as described in chapter 

3, were rounded in order to minimize both oxidation in that area and cracking of the oxide layer 

formed. Since the reproducibility of the results obtained for each condition and alloy studied has 

been assured, a single curve will be shown in the plots for each of them in order to simplify their 
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interpretation. The mass gain per unit area as a function of time for as-HIPed and HTed 

Zr-containing alloys are depicted in Figure 4. 53 (a), while Figure 4. 53 (b) shows the same plot for 

the alloys without Zr whose thermal stability at different temperatures was studied. In both 

graphs, data for pure W and W-10Cr-0.5Y alloy are added for comparison (the curve of 

W-10Cr-0.5Y after HIP is taken from [153]).  

 

 

Figure 4. 53. Mass gain per unit area during isothermal oxidation at 1000 °C for 60 h: (a) as-HIPed and 

HIP+HTed W-10Cr-0.5Y-0.5Zr alloy with the alloy without Zr as reference. The curve of the as-HIPed 

sample without Zr (purple line) is taken from [153] and (b) W-10Cr-0.5Y samples before and after ageing 

treatments. The error bars correspond to the drift of the thermo-balance provided by the TGA 

manufacturer.  
 

From Figure 4. 53 (a) it can be seen that the overall mass gain for the alloys with and without Zr 

are quite similar, being those for the Zr-containing alloy slightly lower after high exposures times. 

In the case of the reference alloy, the curve of the HTed sample coincides with the one of the 

Zr-containing alloys at the initial parabolic phase while after about 25 h, there is a slow transition 

to higher mass gains, probably associated with a deterioration and subsequent recovery of the 

protective oxide layer.  

Similar observations can be applied to Figure 4. 53 (b), where the samples after ageing 

treatments show comparable mass gain both among themselves and with respect to the alloy after 
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HT (represented by blue line). Based on these results, it is evident that the addition of 

self-passivating elements dramatically improves the oxidation behavior of pure W (indicated by 

the orange line). Furthermore, it is observed that the mass gain hardly varies at all conditions 

studied, indicating that the addition of Zr, the presence of the Cr-rich phase in the as-HIPed alloys 

or the ageing heat treatments have only a negligible influence on the oxidation behavior of the W-

10Cr-0.5Y alloy. 

On the other hand, considering Figure 4. 53 as a whole, it is observed that the oxidation kinetics 

is parabolic for the initial phase, becoming linear for longer exposures times. This behavior 

indicates that initially, there is the formation of a dense oxide layer that hinders the diffusion of O 

ions from the atmosphere, which slows down the oxidation process. However, as the exposure 

time progresses, this layer deteriorates due to the formation of cracks or pores, causing the 

oxidation rate to increase and thus, resulting in a linear kinetics. Such a behavior implies that the 

oxide layer formed is not completely protective and thus, these W-Cr-Y(-Zr) alloys are not purely 

self-passivating materials, since a parabolic law would have to be fulfilled if they were. 

Although these W-Cr-Y(-Zr) alloys do not show a complete self-passivating behavior, as 

mentioned above, their oxidation rates are much lower compared to those of pure W. In order to 

quantify such a difference, linear oxidation rates have been determined for each condition. The 

resulting calculations, collected in Table 4. 11, have been obtained by the slope of the curves, 

disregarding the parabolic part since at sufficiently long exposure times, this beginning can be 

neglected.  

Table 4. 11. Oxidation rates of pure W and self-passivating W-Cr-Y(-Zr) under different 

conditions. 

Sample condition Oxidation Rate (mg/cm2. s)  

Pure W 1.7 x 10-2 

W-10Cr-0.5Y HIP 7.1 x 10-6 

W-10Cr-0.5Y HT 9.1 x 10-6 

W-10Cr-0.5Y-0.5Zr HIP 6.6 x 10-6 

W-10Cr-0.5Y-0.5Zr HT 7.4 x 10-6 

W-10Cr-0.5Y HT- 650°C 100h 8.4 x 10-6 

W-10Cr-0.5Y HT- 650°C 1000h 8.7 x 10-6 

W-10Cr-0.5Y HT- 650°C 3000h 6.2 x 10-6 

W-10Cr-0.5Y HT- 1000°C 100h 8.3 x 10-6 
 

From Table 4. 11, it can be seen that the oxidation rate for pure W is more than 3 orders of 

magnitude higher than self-passivating W-Cr-Y(-Zr) alloys. This observation is in agreement with 

F. Koch et al. who reported a similar oxidation rate for pure W when studying an improvement in 

oxidation resistance behavior by adding Si and/or Cr to W thin films [138]. The oxidation rates at 

800 °C reported in [153] are  even 4 orders of magnitude lower than that of pure W. 

Oxidation tests under the same conditions as those studied in the present thesis have been 

carried out by F. Klein et al. at FZJ [162]. These researchers studied the influence of oxygen content 

on the oxidation resistance on samples of W-11.4Cr-0.6Y manufactured by MA and FAST, i.e. with 

a composition similar to the one investigated in the present thesis. The mass change per unit area 

of all the data presented in Figure 4. 53 together with those reported in [162] as a function of time 

is depicted in Figure 4. 54, where it can be seen that higher amounts of O negatively impact 
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oxidation resistance whereas, a value of 0.15 wt.% O, results in a lower oxidation rate. Therefore, 

a control in the amount of O, which has been done carefully for all materials during this 

dissertation, is necessary not only to achieve good mechanical properties, but also for a good 

oxidation behavior.  

 

Figure 4. 54. Dependence of the mass gain per unit area on oxidation time for W-11.4Cr-0.6Y alloy (FZJ) 

with different O content given in wt% together with the W-Cr-Y(-Zr) with 0.15 wt% O manufactured at 

CEIT. Pure W is also added for comparison. 
 

In this same figure, focusing on the curves with the same O content (0.15 wt.%) developed in 

both research centers, i.e. the blue and red curves, the main difference is found in the beginning of 

oxidation test, since the samples manufactured at CEIT present a parabolic onset, while in those 

produced at FZJ, the mass gain is linear during the whole test. However, the slopes of the curves 

are quite similar, so that the linear oxidation rate are as well. For comparison, the oxidation rates 

of pure W and self-passivating W-Cr-Y(-Zr) alloys (measured at 800 and 1000 °C) are depicted as 

a function of the inverse of temperature in the Arrhenius plot of Figure 4. 55. 

 

Figure 4. 55. Arrhenius plot of linear oxidation rates of W-Cr-Y(-Zr) alloys produced at CEIT and FZJ. Data 

for pure W and W-alloy measured at 800 °C are taken from [153]. 
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At 800 °C the oxidation rates are four orders of magnitude lower than those of pure W, while at 

higher temperatures, 1000°C, this difference decreases slightly up to about three orders of 

magnitude. With respect to the data obtained from the FZJ [162] and Ceit samples, it can be 

appreciated that both W-Cr-Y(-Zr) alloys show similar oxidation rates, indicating that at long 

exposure times, where the contribution of the initial parabolic part is negligible, both materials will 

oxidize practically in the same way.  

The microstructure of the oxidize samples has been analyzed by scanning electron microscopy. 

The resulting cross-sections of the W-10Cr-0.5Y and W-10Cr-0.5Y-0.5Zr samples after HT, as well 

as those of W-10Cr-0.5Y specimens aged at 650 °C for 3000 h and 1000 °C for 100 h are shown in 

Figure 4. 56. Samples after HIP of W-Cr-Y(-Zr) alloys and samples subjected to ageing treatments 

at 650 °C for 100 and 1000 h have not been included in this figure, since the obtained microstructure 

and their thickness are quite similar to their respective alloys after HT, confirming again that the 

oxidation resistance is not affected by the presence of the Cr-rich phase.  

In all micrographs shown in Figure 4. 56, three different layers can be distinguished: a thin dark 

gray Cr2O3 layer acting as a protective scale, a thin scale of slightly lighter Cr2WO6 just below, 

followed by a thicker light gray WO3 scale. Such an observation is in agreement with previous 

works [146], [153], [161]. The composition of each of these layers obtained by EDS, which allowed 

their identification, is shown in the mapping depicted in Figure 4. 57, which also shows the 

presence of yttrium on the surface together with the Cr2O3 layer. 

                   W-10Cr-0.5Y                W-10Cr-0.5Y-0.5Zr 

 

W-10Cr-0.5Y samples after ageing treatments 

 

Figure 4. 56. Cross-sections of W-Cr-Y(-Zr) after 60 h oxidation at 1000°C: HTed (top) and aged (bottom) 

samples. Images taken by K. Hunger, IPP Garching. 
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Figure 4. 57. Composition mapping of the oxide layers formed on the W-10Cr-0.5Y alloy after 60 h of 

isothermal oxidation at 1000 °C. Images taken by K. Hunger, IPP Garching. 
 

Going back to Figure 4. 56, the oxide layers formed have been measured for each sample. 

However, it should be noted that only one trench has been made per sample and that the measured 

oxide scale are not completely homogeneous, which implies that the oxide layer thickness depends 

on the analyzed area. Therefore, since these measurements lack precision, only trends will be taken 

into account. As can be seen, the total oxidized scale thickness after isothermal oxidation at 1000 °C 

for 60 h is about 22 µm for both alloys, which means that Zr does not provide relevant 

improvement (nor worsening) compared to the W-10Cr-0.5Y alloy concerning oxidation. Besides, 

the ageing treatments performed on the HTed samples do not appear to have a relevant influence 

on the scale thickness, which is similar to the one of the HTed samples within the low precision of 

these measurements Considering these results and that the oxidation rates of all these samples are 

quite similar, no significant change in the thicknesses of the oxide layers formed should be 

expected. Therefore, considering these two facts and taking into account that the differences are 

minimal, it can be stated, again, that the oxidation resistance is similar regardless of composition 

and the ageing treatment applied to the sample. In addition to the three oxidized layers, at the 

interface between alloy and scale, oxidized particles of the Cr-rich phase are observed.  

Parallel to the characterization of the cross-sections, the oxidized surfaces of all samples 

subjected to isothermal oxidation tests were also analyzed by EDS. Since there are no significant 

dissimilarities between the different ageing treatments applied to the W-10Cr-0.5Y alloy samples, 

only the oxidized surface of the HTed sample (without ageing treatments) will be shown. This 

micrograph is displayed in Figure 4. 58 together with the oxidized surface of the HTed 

Zr-containing alloy sample. 
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Figure 4. 58. Microstructure of the surface after oxidation at 1000 °C for 60 h of: (a) W-10Cr-0.5Y and (b) 

W-10Cr-0.5Y-0.5Zr. Images taken by K. Hunger, IPP Garching. 
 

From both images, it can be seen that the surface of both self-passivating W-Cr-Y(-Zr) alloys are 

similar, since both present white, light gray, especially in the W-10Cr-0.5Y alloy, and darker 

particles on their oxidized surface. However, both white and light gray particles seem to have 

grown more in the alloy without Zr under the same oxidation conditions, which could be due to 

their larger grain size. 

Compositional analysis by EDS of the oxidized surfaces of both W-Cr-Y(-Zr) alloys has been 

performed in order to identify each of the phases as well as to study the possible presence of Zr. 

The resulting mappings are shown in Figure 4. 59. 
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Figure 4. 59. EDS mapping of oxidized surfaces of HTed: (a) W-10Cr-0.5Y and (b) W-10Cr-0.5Y-0.5Zr. 

Images taken by K. Hunger, IPP Garching. 
 

Figure 4. 59 (a) shows that the three phases connected to the aforementioned colors can be 

associated to the following elements: Cr and O (dark phase), Cr, W and O (gray phase) and W, Y 

and O (white particles). Therefore, this analysis reinforces what was observed in Figure 4. 57. The 

white particles correspond most probably to Y2W3O12, since both A. Calvo [277] and S.Telu [146] 

observed them in the same alloy and in the W-Cr-Y2O3 system, respectively. 

Compared to the Zr-containing alloy, the main difference lies in the W-Y-O particles, which also 

contain Zr. Moreover, small Zr-(Y-)O particles are visible on the surface.  

4.5.1.2.  Oxidation Tests Simulating Accident-like Conditions 
Oxidation tests simulating accident-like conditions were also performed at IPP. These tests, 

which consist of a preheating in a 80/20 vol% Ar/O mixture up to 1000 °C (from RT to 600 °C is 

conducted in Ar) followed by isothermal oxidations alternating with stages in Ar atmosphere, 

were carried out under the conditions described in section 3.5.1.2. These conditions have been 

selected to study the behavior of the self-passivating W-Cr-Y(-Zr) against oxidation, taking into 

account that in a real accident situation, the temperature is not isothermal but increases with time. 

Since the maximum operating temperature of these alloys in a fusion reactor is estimated, as 

previously mentioned, to be around 650 °C, the heating rate up to 600 °C was carried out in Ar 

atmosphere to prevent prior oxidation. On the other hand, it is crucial to prevent W oxides formed 

during oxidation from being released to the atmosphere. For this reason, it has been studied 

whether sublimation of these oxides takes place during 1000°C isothermal segments in Ar.  

Samples of W-10Cr-0.5Y and W-10Cr-0.5Y-0.5Zr alloys, both after HIP and HT, have been 

subjected to these oxidation tests. Based on the fact that both the initial microstructure and the 

kinetics resulting from the isothermal oxidation tests of the aged W-10Cr-0.5Y samples are 

practically the same as those obtained on HTed samples, no tests on the aged specimens have been 

carried out under accident-like conditions. The comparison between the mass gain per unit area 
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as a function of time resulting from such tests for both self-passivating W-Cr-Y(-Zr) alloys is 

represented in Figure 4. 60.  

 

Figure 4. 60. Mass increase per unit area during oxidation under accident-like conditions on as-HIPed and 

HIP + HTed Zr-containing alloy and W-10Cr-0.5Y alloy. After preheating in pure Ar up to 600 °C, Ar/20% 

O2 is introduced and the temperature is increased linearly from 600 to 1000 °C, followed by 1 h isothermal 

oxidation in air at 1000 °C, an isothermal step in pure Ar for 1 h, repetition of the two isothermal steps and 

cooling down in Ar. 
 

It can be observed that the Zr-containing alloys exhibit the lowest mass gain, being the as-HIPed 

alloy slightly better than the HTed alloy even though the difference is within the drift of the 

thermo-balance.  

In the isothermal steps with oxygen, especially in the second one, the oxidation kinetics is 

parabolic with a higher rate for the W-10Cr-0.5Y alloy. Furthermore, during the isothermal 

segments without oxygen, there is a slight linear mass gain with higher slope in the first step while 

it is almost negligible in the second stage. Such a mass gain can be due to the residual oxygen 

present in Ar, or to oxygen solved or trapped in the oxide layer. In any case, it indicates that W 

oxide sublimation, which starts at 750 °C and is significant at 900 °C and above [49] leading to mass 

loss, does not have an important influence on the oxidation behavior, since the Cr layer formed is 

able to retain it. The same observation has been reported in [159]. 

4.5.1.3.  Oxidation mechanism of self-passivating W-Cr-Y(-Zr) alloys 
Combining the results obtained from isothermal oxidation at 1000 °C with those simulating 

accident-like parameters in both W-Cr-Y(-Zr) alloys at the different conditions studied, it can be 

appreciated that the formation of the Cr2O3 layer is not only crucial to protect the material for 

further oxidation, but it is also capable of retaining the WO3 evaporation. Furthermore, as 

mentioned previously, it has been reported that the presence of Y improves the adhesion of this 

protective layer, thus enhancing its resistance to oxidation [146], [315], [316]. Given that the mass 
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gain under both oxidation tests is slightly lower for the Zr-containing alloys, it is to be expected 

that this active element also promotes adhesion, resulting in a less porous and denser oxide layer. 

Although the oxidation mechanism of W-Cr-Y(-Zr) alloy is complex and, therefore, there is no 

certainty about it, the present thesis proposes a hypothesis as a possible mechanism. The process 

begins first with the oxidation of the Cr phase and then, to a lesser extent, the W phase is oxidized. 

This is because the Gibbs free energy for chromium oxide formation (Δ𝐺𝐶𝑟2𝑂3

1000°𝐶  = - 536 KJ/mol) is 

lower than that for tungsten oxide (Δ𝐺𝑊𝑂3

1000°𝐶 = - 349 KJ/mol) [317]. This fast stage (oxidation of Cr 

and W-rich phases) continues until a dense Cr2O3 layer forms on top. 

For a dense Cr oxide layer to be formed, a Cr content between 10-20 wt.% is required, such a 

content being reduced to 10-12 wt.% in presence of an active element such as Y or Zr [318]. 

However, although the nominal Cr content in W-Cr-Y(-Zr) alloys is 10 wt.%, during heat treatment 

about 1 wt.% evaporates. This could explain the presence of a WO3 layer almost from the beginning 

of the oxidation, indicating a decrease of passivation. This theory is reinforced by the investigation 

carried out by F. Klein on the W-11.4Cr-0.6Y (in wt.%), in which only a dense Cr2O3 scale (without 

WO3 layer) was observed after 44 h of oxidation at 1000 °C [162]. Even though the oxidation rates 

observed in this alloy is quite similar as in the alloys of the present thesis with the exception of the 

initial parabolic phase. 

Once the Cr2O3 layer has been fully formed, the yttria or Y-Zr-O nanoparticles segregate to the 

alloy-scale interface to lower its free energy. Even though it is not intuitive to think that the active 

element present as stable oxides in an alloy diffuse from the alloy into the scale, this is exactly what 

has been observed experimentally by several researchers [319]–[321] and also in this work. The 

explanation is based on the “demixing” of the stable oxide into its respective ions, so that the 

cations tend to diffuse into the gaseous interface due to the O potential gradient, as reported in 

[322]. Therefore, the active elements not only segregate to the scale GBs but also diffuse outward 

through them.  

Since the active element cations diffuse outwards, O anions remain in the alloy, probably 

resulting in the Cr-rich phase oxidation seen in the alloy- WO3 interface of the cross-section shown 

in Figure 4. 56.  

 

The presence of these active elements on the GBs of the oxidized scale hinders the diffusion of 

the Cr3+ cations, even inhibiting it. Such an inhibition gives rise to the inward diffusion of O ions 

along the GBs, becoming the new rate-limiting factor. In general, this change in the oxidation 

mechanism results in a reduction of the oxidation rate. However, in W-Cr-Y(-Zr) alloys, since there 

is probably not enough Cr, the layer is not completely protective, so O is able to penetrate through 

it, resulting in a growth of the previously formed WO3 layer. As WO3 layer grows, it exerts pressure 

such that it causes the protective layer to rupture. Since at these temperatures this tungsten oxide 

is rather volatile, it tends to be released into the atmosphere where it reacts with the nanoparticles, 

leading to the formation of the Y2W3O12 or Y-Zr-W-O particles on the surface. 

On the other hand, the inner part of the Cr2O3 layer reacts with the WO3 scale, resulting in the 

formation of the Cr2WO6 at the interface. In this oxide layer, some pores can be observed, which 

may be due to the Kirkendall effect produced during the outward Cr3+ cationic diffusion. The same 

observation was reported for the W-Cr-Y2O3 system [146].  
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Finally, the proposed oxidation mechanism could be schematized as depicted in Figure 4. 61. 

 

Figure 4. 61. Scheme of possible oxidation mechanism for W-Cr-Y(-Zr) alloys (adapted from [322]). 
 

4.5.2. High Heat Fluxes 
In addition to oxidation, which is the main property for which these self-passivating W-alloys 

have been developed, these alloys must withstand the high thermal loads to which they will be 

exposed during reactor operation. For this reason, the fatigue and thermal shock resistance of 

HTed W-10Cr-0.5Y alloy have been studied. The obtained results are presented in the following 

sections.  

4.5.2.1.  Thermal Fatigue Resistance and ELMs under FW Conditions 
Samples of the HTed W-10Cr-0.5Y alloy have been tested in the ion beam facility GLADIS to 

study their thermal fatigue resistance, which is characterized by the maximum number of applied 

pulses at a predetermined heat flux level. Since the self-passivating W-alloys are aimed at being 

used at the blanket FW, heat flux tests up to a heat load of 3.5 MW/m2 have been performed, which 

is about 1.75 times higher than the nominal steady-state heat load of 2 MW/m2. In addition to these 

tests simulating thermal loads during normal operation, a modulated beam with a peak power 

density of 20 MW/m2, 1.3 ms rise time and 3.25 ms repetition time (see Figure 4. 62), i.e. operating 

at a total time average heat load of 4 MW/m2, has been employed to simulate ELM like pulses at 

the FW (not at the divertor).  

 

Figure 4. 62. Diagram of the ELM type load applied at GLADIS facility. 
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Such a heat load has been chosen on the basis of estimations made by H. Greuner and H. Maier 

[323], assuming an energy density arriving on the divertor target during ELMs of about 0.5 MJ/m2 

distributed on 2 m2 at the target plates, resulting in a total energy of 1 MJ (in pulses of about 0.5 ms). 

Assuming a radius of the outboard wall of a future reactor of about 10 mm and a poloidal height 

in contact with the plasma of about 2 m along the outer midplane, as indicated in Figure 4. 63, 

results in an area wetted by the plasma of about 100 m2. Thus, a total energy of 1 MJ during ELMs 

of 0.5 ms on an area of 100 m2 results in a heat load on the FW of about 20 MW/m2. 
 

 

Figure 4. 63. Schematic of a tokamak cross-section showing the interaction of the separatrix with the 

blanket FW represented by the red arrow. 
 

Summarizing, the conditions to which the W-alloys samples have been exposed simulating the 

load expected at the FW are listed in Table 4. 12.  

Table 4. 12. Applied steady-state and ELMs heat load on HTed W-10Cr-0.5Y alloy. 

Steady-state (MW/m2) Length (s) Number of Pulses Tsurface max (°C) 

1 

30 

3 < 500 

2 3 680 

3.5 15 1030 - 1050 

ELM-like loading (MW/m2) Length (s) Number of Pulses Tsurface max (°C) 

20 (refers to 4 (MW/m2) 1.3 
105 

1070 
106 

 

To carry out these tests, the samples to be studied were brazed at 830 °C for 10 min to a TZM 

(Ti-Zr-Mo) alloy, resulting in a mock-up as shown in Figure 4. 64. Such a mock-up has a cooling 

channel through which a water flow of 0.3 l/s passes at a pressure and temperature of 10.5 bar and 

20 °C, respectively. 

 

Figure 4. 64. 150 mm long TZM mock-up equpped with two W-10Cr-0.5Y samples. 
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The surface of the tested samples has been characterized by SEM and EDS analysis to detect 

possible changes in morphology both after the brazing process and during the heat loading. Since 

the self-passivating W-alloy has not revealed any variation at any of the heat loads applied under 

steady-state conditions, only the surface of the sample subjected to the highest heat load for the 

longest time, i.e. 15 pulses of 30 s duration applying a heat load of 3.5 MW/m2, is presented in  

Figure 4. 65 along with exactly the same area before heat loading and after the brazing process.  

  

Figure 4. 65. SEM surface image of W-10Cr-0.5Y: (a) after brazing and (b) after steady-state at 3.5 MW/m2. 

Images taken by S. Elgeti, IPP Garching. 
 

From Figure 4. 65 (a), it can be seen that the brazing process does not affect the initial 

microstructure, since the single-phase matrix is maintained with yttria particles homogeneously 

distributed at the grain boundaries. The same microstructure can be observed after heat loading 

(Figure 4. 65 (b)), where slight erosion of ytttria and small Cr-rich particles is detected but no 

surface cracks or grain growth are seen, indicating that the material withstands thermal loads 1.75 

times higher than expected during the 15 pulses tested.  

On the other hand, the characterization by EDS analysis of one of the W-10Cr-0.5Y alloy samples 

subjected to ELM-like loading after 105 cycles is shown in Figure 4. 66.  

  

Figure 4. 66. SEM image of W-10Cr-0.5Y after 105 ELM like cycles. Marked in red is the zone corresponding 

to the EDS mapping (b). Images taken by S. Elgeti, IPP Garching. 
 

Although there are no significant morphological changes, since no cracks or grain growth are 

observed, erosion of yttria and residual Cr-rich particles at the surface can be appreciated.  

Since the obtained results were promising, the number of cycles has been increased by an order 

of magnitude, i.e. the samples were subjected to the same load for 106 cycles. The resulting 

microstructure is depicted in Figure 4. 67. 
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Figure 4. 67. W-10Cr-0.5Y alloy after 106 ELM-like cycles: (a) surface and (b) FIB cross-section. Images taken 

by S. Elgeti, IPP Garching. 
 

As in the previous condition, the material withstood the heat loading without any grain growth 

or cracking, but a depletion of yttria and residual Cr-rich particles is observed (Figure 4. 67 (a)). As 

a consequence of such cyclic thermal load, an erosion of W of 0.3 µm has been estimated. The 

cross-section of the sample after 106 cycles was analyzed and is shown in Figure 4. 67 (b), where it 

can be appreciated that yttria particles are available in the bulk material and that the 

microstructure is unaltered.  

Therefore, based on the results obtained, it can be stated that the HTed W-10Cr-0.5Y 

self-passivating alloy is able to withstand both stationary and transient thermal loads expected in 

the FW of DEMO. 

4.5.2.2.  Thermal Shock Resistance 
Samples of the W-10Cr-0.5Y alloy after ageing treatment at 1000 °C for 75 h, i.e. with 

spinodal-like microstructure, as well as samples after HIP and HT with composition of 

W-10Cr-0.5Y-0.5Zr were subjected to thermal shock tests in order to study their behavior under 

transient heat loads. These tests were performed at the linear plasma device PSI-2 at FJZ using the 

conditions listed in Table 4. 13. As can be seen from this table, the samples were exposed to loads 

consisting of 100 and 1000 pulses with power densities of 0.19 (only 1000 pulses) and 0.38 GW/m2 

for 1 ms at a base temperature of 400 °C to simulate the conditions expected at the divertor under 

ELMs. In addition to these heat loads, one disruption-like load of 1.6 GW/m2 and 2 ms duration 

were also carried out.  

As already mentioned, such severe conditions correspond to those expected in the strike point 

region of the divertor. However, self-passivating W-alloys have been developed mainly for the FW 

of the blanket, where the anticipated heat load will be significantly lower.  

Table 4. 13. Test conditions to which W-Cr-Y and W-Cr-Y-Zr samples were exposed. 

Sample Load Type 
Power 

(GW/m2) 
Pulse number 

Pulse 

time (ms) 

W-10Cr-0.5Y aged at 1000 °C for 75 h 

ELM 

0.19 100 

1 As-HIPed W-10Cr-0.5Y-0.5Zr 
0.38 

100 

 1000 

HTed W-10Cr-0.5Y-0.5Zr Disruption 1.6 1 2 
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Since no microstructural changes were observed in the samples tested with 100 pulses of 0.19 

and 0.38 GW/m2, only the surfaces of samples after exposure to 0.38 GW/m2 for 1000 pulses are 

shown in Figure 4. 68.  

  

  

 

 

Figure 4. 68. Surface after loading different W-alloys with 1000 pulses of 0.38 GW/m2 for 1 ms at 400 °C:     

(a) W-10Cr-0.5Y-0.5Zr as-HIPed (two phases); (b) W-10Cr-0.5Y-0.5Zr HTed; (c) W-10Cr-0.5Y spinodal-like 

microstructure W-10Cr-0.5Y (two phases); (d) W-10Cr-0.5Y as-HIPed; (e) W-10Cr-0.5Y HTed and (f) pure 

W reference material [155]. 
 

Regarding the Zr-containing alloy ((a) and (b)), a fine crack network without chipping is 

observed in the as-HIPed sample (Figure 4. 68 (a)), whereas no damage is detected in the HTed 

sample (Figure 4. 68 (b)). For comparison, the surface of both the as-HIPed and HTed W-10Cr-0.5Y 

alloy after the same loading at the JUDITH-1 electron beam facility is also included (Figure 4. 68 (c) 

and (d)), in which chipping was seen in the HIPed sample, while the sample after HT exhibits a 

crack network without chipping [153]. On the other hand, the surface of the HTed W-10Cr-0.5Y 
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sample with additional ageing treatment at 1000 °C for 75 h, results in an improvement compared 

to the HTed alloy, since the cracks are shallower as will be seen in the analysis of the cross-sections.  

Together with the analysis of the surfaces, the cross sections of each of the samples exposed to 

1000 pulses of 0.38 GW/m2 are depicted in Figure 4. 69. From these micrographs some conclusions 

can be drawn. The first one is the confirmation that the HTed Zr-containing alloy shows the best 

thermal shock resistance since no cracks are observed. The second one corroborates the better 

performance of W-alloys compared to pure W, since it exhibits deeper and broader cracks, even 

though the crack density is lower. This is due to the lower thermal conductivity of W-alloys, which 

leads to a reduced heat penetration depth, and thus, a higher crack density is required to 

compensate the higher near-surface stresses [75]. Finally, the aged sample (with two phases) 

presents a better performance compared to the as-HIPed sample with the same composition 

(Figure 4. 69 (c) and (d)), since the crack penetration is lower. This observation confirms that an 

ultra-fine material improves the thermal shock behavior, while the presence of two phases leads 

to chipping. 
 

  

  

 

 

Figure 4. 69. Cross sections after loading with 1000 ELM-like pulses of 0.38 GW/m2  for 1 ms at 400 °C on (a) 

as-HIPed and (b) HIP + HTed W-10Cr-0.5Y-0.5Zr alloy. For comparison, cross section after the same 

loading at JUDITH-1 on (c) as-HIPed and (d) Hted W-10Cr-0.5Y alloy. Cross sections of samples after 

ageing  at 1000 °C for 75 h and pure W as a reference are also shown in (e) and (f), respectively.  
 

Based on these facts, the following observations can be made:  

o Pure W presents fewer but broader cracks than the W-alloys. Therefore, the addition of 

yttria or Y-Zr-O nanoparticles improves the thermal shock resistance of tungsten, as they 

refine the grain size, increasing the fracture strength of the material. Similar observations 

was reported in [324].  
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o Samples with a single phase, i.e. HTed specimens, perform better compared to as-HIPed 

samples (two phase material), regardless of composition, indicating that the presence of a 

single phase reduces the thermal stresses generated. However, the aged sample, which is 

also a two-phase material, appears to shows an improved behavior, which could be due to 

its ultrafine microstructure and probably larger strength. 

o The HTed Zr-containing alloy is the only specimen that did not suffer any damage and thus, 

the one with the highest resistance to thermal shock. This observation makes clear the 

positive influence of Zr. 

o Both the grain size and the number of phases present in the matrix seem to be two relevant 

parameters in the thermal shock behavior, the latter being more determinant. 

In parallel to the exposure to ELM-like loading, the as-HIPed and HIP+HTed W-10Cr-0.5Y-0.5Zr 

alloys have been exposed to one pulse of 1.6 GW/m2 for 2 ms at 400 °C at the PSI-2 facility 

simulating a disruption-like load. The surface of the samples after this loading is shown in Figure 

4. 70. The selection of this power density is based on the one expected during a disruption, 

according to [75]. 

For comparison, the surface of as-HIPed and HIP+HTed W-10Cr-0.5Y samples exposed to 

1.13 GW/m2 during 5 ms at 400 °C at JUDITH-1 facility [277] is also shown in Figure 4. 70. Even 

though these conditions are not exactly the same, a comparison is possible because the heat flux 

factor, FHF for both conditions is similar. FHF is defined as equation 4.15.  

FHF = L√𝛥𝑡 (4.15) 

being L the power density and t the pulse duration. 

From this equation, a FHF of 72 MW/ m2 s1/2 is obtained for the Zr-containing alloy and 

W-10Cr-0.5Y alloy aged at 1000 °C for 75 h loaded at the PSI-2 facility, while the as-HIP and HTed 

W-10Cr-0.5Y alloy loaded in JUDITH present a FHF of 80 MW/ m2 s1/2. 

All W-alloy samples after the disruption event simulation exhibit spherical pores as well as 

depressions and protrusions in its center suggesting partial surface melting. Since the melting 

point for these alloys is 2750 °C according to [7], this partial melting implies that temperatures 

above this value are reached. Furthermore, only the as-HIPed W-10Cr-0.5Y sample 

(Figure 4. 70 (c)) presents catastrophic failure while the rest of the samples show cracks running 

through the heat affected area, indicating that the samples would not survive a disruption. These 

results reaffirm the need for developing strategies for controlling and mitigating disruptions in 

DEMO. 
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Figure 4. 70. Sample surface after loading at PSI-2 with one pulse of 1.6 GW/m2 for 2 ms on: (a) as-HIPed 

W-10Cr-0.5Y-0.5Zr; (b) HTed W-10Cr-0.5Y-0.5Zr; (c) as-HIPed W-10Cr-0.5Y; (d) HTed W-10Cr-0.5Y and (d) 

W-10Cr-0.5Y aged at 1000 °C for 75 h. (c) and (d) were exposed to 1.13 GW/m2 for 5 ms at JUDITH-1. 
 

From thermal shock tests it has been observed that the addition of Zr to the W-10Cr-0.5Y alloy 

enhances its performance. In order to relate this improvement to the resistance of the material to 

thermal shock damage, the thermal shock parameter (R) have been calculated for the W-alloys 

with and without Zr after HT. The calculation for the aged alloy has not been carried out as its 

properties have not been measured yet.  
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The thermal shock parameter R is a measure of a material’s ability to resist thermal shock 

damage and is related to the maximum allowable heat flux before failure. It is given by [325]: 

R = 
𝑘 (1− 𝜈)𝜎𝑓

𝐸 𝛼
 (4.16) 

where k is the thermal conductivity, ν the Poisson’s ratio, σf is the flexural strength, E the 

Young’s modulus and α the linear thermal expansion coefficient. 

Using the data presented in section 4.4 for both W-alloys, the thermal shock parameter R as a 

function of temperature is shown in Figure 4. 71. 

 

Figure 4. 71. Thermal shock parameter as a function of temperature for the HTed W-10Cr-0.5Y and 

W-10Cr-0.5Y-0.5Zr. 
 

As can be observed, R for the alloy without Zr is slightly higher up to 600 °C and significantly 

larger at 900 °C. Such a big difference is mainly associated with the increase of CTE above 500 °C 

towards higher values with a deviation of the linear course in the Zr-containing alloy. Based on 

the evolution of R, there is a contradiction with the results of HHF tests, according to which the 

HTed W-10Cr-0.5Y-0.5Zr alloy did not present any damage while a crack network was observed 

in the sample without Zr.  

The temperature increase that the material undergoes at the moment of the pulse can be 

calculated  with equation 4.17 [75].  

𝛥𝑇 = 2𝐿√
𝑡

𝜋𝜆𝜌𝑐𝑝
 (4.17) 

Therein, L represents the power density, t the pulse duration, λ the thermal conductivity, ρ the 

density and cp the specific heat.  

The values used for this equation for each alloy at the base temperature of 400 °C are 

summarized in Table 4. 14, where the obtained temperature increment is also included. 
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Table 4. 14.Power density, pulse duration and thermo-physical properties of W-10Cr-0.5Y and 

W-10Cr-0.5Y-0.5Zr at 400 °C 

HTed system 

Power 

density 

(GW/m2) 

Pulse 

duration 

(ms) 

Thermal 

conductivity 

(W/m∙K) 

Density 

(g/cm3) 

Specific 

heat 

(J/g K) 

ΔT 

(K) 

W-Cr-Y-Zr 
0.38 1 

50.1 16.09 0.192 1090 

W-Cr-Y 51.1 16.22 0.19 1070 
 

As can be observed, a temperature increase of 1090 and 1070 K is expected for the W-alloy with 

and without Zr, respectively, indicating that the materials exhibit a surface temperature of 1217 

and 1197 °C. As mentioned in the literature review, at the beginning of the thermal shock the 

heated surface zone expands thermally. Since the surrounding area is cold, compressive stresses 

constrict it, leading to plastic deformation of the material if these stresses exceed its yield stress, 

which gives rise to roughening. At the surface temperatures calculated, the W-alloys are already 

in the plastic region, which is consistent with the roughness observed in the samples.  

On the other hand, it is worth noting that some of the thermo-mechanical properties used to 

calculate the R values have been measured between room temperature and 900 °C as shown in 

Figure 4. 71. Therefore, the calculated values for the R parameter are only partially valid to discuss 

the thermal shock behavior, since the temperatures reached at the surface are outside this range. 

Nevertheless, based on the CTE trend for the HTed Zr-containing alloy (shown in section 4.4), a 

decrease in the R parameter as the temperature increases is expected, which would not explain the 

better performance of the HTed Zr-containing alloy. 

As explained in section 4.4, the control in the amount of O present in the Zr-containing samples 

is crucial, since it has been observed that the formation of intermetallics depends on the amount of 

free Zr. Taking into account this consideration, it is likely that the mechanical properties and CTE 

data, especially the latter, are not enough to explain the thermal shock behavior of the Zr-

containing alloy, since the samples used for these tests exhibited a lower amount of O than the 

samples subjected to thermal shock tests, leading to intermetallics formation. Therefore, it would 

be convenient to measure again the mechanical properties of the alloy with a Zr and O content 

similar to those employed for the thermal shock tests. Nevertheless, it is likely that the difference 

in the amount of O is not so severe as to justify such behavior, so that further investigations are 

required to elucidate the role of Zr, because it is clear that a small content of that element has a 

strong influence on the thermal shock resistance. 

4.5.3. Deuterium Retention  
Hydrogen isotopes retention in the near-surface region of the PFCs, especially in the blanket 

FW armour due to its large surface area, represents a concern from the point of view of tritium 

safety as well as fuel recycling in future fusion reactors like DEMO [326], [327]. Since W is currently 

considered the main FW material, its properties resulting from its interaction with a fusion plasma 

have been extensively studied [35], [328]. However, limited data have been reported for 

self-passivating W-alloys [329].  

In the present work, the study of deuterium retention has been carried out on as-HIPed samples 

of W-10Cr-0.5Y alloys. Although these samples were manufactured at CEIT within the frame of 

the EUROfusion program 2014-2018, the derived results will be presented in the following section 
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due to their high relevance and because the characterization and analysis of them has been 

performed during the present thesis. Together with HIP samples, whose microstructure was 

described in section 4.1, samples of hot-rolled and annealed pure W from Plansee have been also 

subjected to deuterium retention tests for comparison. Details of the microstructural 

characterization of this material can be found in [330].  

Deuterium retention tests in both W-10Cr-0.5Y and pure W samples has been studied at IPP 

Garching under different loading temperatures (100, 175 and 250 °C) and deuterium fluences (1023, 

1024 and 1025 m-2), with a fixed flux of 1020 m-2s-1 and exposure times of 0.3, 3 and 30 h, respectively. 

For that purpose, the heated samples were exposed to a deuterium plasma from an Electron 

Cyclotron Resonance (ECR) plasma source [331], whose bias voltage was 38 eV/D. Once the 

materials to be studied have been implanted with deuterium, the amount retained in them can be 

analyzed by two different techniques: Nuclear Reaction Analysis (NRA) and Thermal Desorption 

Spectroscopy (TDS). The first one allows to obtain a deuterium concentration depth profile while 

the second measures the total deuterium content retained in the sample. NRA analysis is based on 

the D(3He,p)4He reaction, i.e, 3He beam energies up to 6 MeV react with the previously retained 

deuterium, giving rise to 4He, a proton and energy. The protons are detected. By varying the 

primary 3He beam energy, it is possible to determine where the deuterium is located down to a 

depth of about 10 µm. On the other hand, TDS test described in detail in [332], consists of heating 

the sample, in this case up to 1050 °C for pure tungsten and up to 850°C for the alloy at 15 °C/min, 

by moving a tubular furnace over a quartz glass tube which is attached to a quadrupole mass 

spectrometer. In this way the amount of deuterium is recorded as a function of temperature and 

thus, the total deuterium content released is determined by integrating the area under the curve.  

As a first step, deuterium implantation at 100 °C subjected to different fluences has been studied 

in both W-10Cr-0.5Y and pure W specimens. The resulting TDS data is plotted in Figure 4. 72, 

where the alloy data are represented by closed circles and open red squares while pure W data are 

indicated by black squares.  

Two conclusions can be drawn from Figure 4. 72. The first one is the reproducibility of the 

W-alloy data since two different samples have been employed for the highest and lowest fluence, 

resulting in quite similar deuterium content. The second one is that the amount of deuterium 

retained by the W-alloy is roughly an order of magnitude higher than the corresponding content 

for pure W. This observation holds for the three investigated implantation fluences, which span 

two orders of magnitude. Similar observations were reported in [329], [333].  
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Figure 4. 72. Total released deuterium amounts as a functions of implantation fluence for W-10Cr-0.5Y and 

pure W samples. Plot published with permission from H. Maier, IPP Garching.  
 

Such a difference between both materials has been associated to the microstructure features, 

since the W-alloy exhibits a much smaller grain size than pure W, which implies a much higher 

density of GBs and thus, promoting the deuterium diffusion through them faster.  

The same samples have been analyzed by NRA, however, the results are not presented in terms 

of deuterium penetration depth but in total amount of deuterium released in order to compare 

them with the TDS analysis. Such a comparison is shown in Figure 4. 73.  

 

Figure 4. 73. Comparison of retained deuterium amounts for W-10Cr-0.5Y alloy and pure W samples. Plot 

published with permission from H. Maier, IPP Garching. 
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From Figure 4. 73, it can be observed that with increasing implantation fluence, the TDS data 

for W-alloys samples increase significantly, whereas the integrated NRA data increase only 

slightly with increasing fluences, reaching a difference of almost one order of magnitude less than 

the amount detected with TDS at the highest fluence. In contrast, both TDS and NRA data for pure 

W are quite similar for the two higher fluences, while there is a discrepancy for the lowest one.  

As mentioned above, the information depth of the NRA profile measurement is limited to 

around 10 µm. For this reason, the TDS analysis records a larger amount of deuterium in cases 

where deuterium is trapped at depths beyond 10 µm, which cannot be detected by NRA analysis.  

Considering both TDS and NRA data, it can be concluded that from the point of view of 

hydrogen isotope retention, the as-HIPed self-passivating W-10Cr-0.5Y alloy exhibits a worse 

behavior compared to pure W because of its fine microstructure. Nevertheless, it must be 

considered that the FW material, under normal operation conditions, will not only be subjected to 

hydrogen isotopes fluxes, but also to neutron irradiation, which will generate various types of 

defects in the lattice, giving rise to traps in the material where these isotopes can be accumulated. 

Therefore, understanding the hydrogen retention in irradiated W and W-alloys is a key issue for 

operation in future fusion reactors. In order to reproduce such a situation, a simulation of neutron 

induced radiation damage in the crystal lattice has been carried out on both as-HIPed W-10Cr-0.5Y 

and pure W by using W6+ ions accelerated to 20 MeV in the IPP tandem accelerator. The thickness 

of the damaged region is about 2 µm. At the end of the irradiation stage and in order to study the 

effect of the implantation temperature on the deuterium retention, the samples have been exposed 

to a fluence of 1025 m-2 (1024 m-2 for the lowest temperature) at temperatures of 100, 175 and 250 °C. 

Figure 4. 74 shows the deuterium concentration depth profile at each temperature for W-alloys 

and pure W as a reference.  

 

Figure 4. 74. Deuterium depth  profile for as-HIPed W-10Cr-0.5Y and pure W implanted at different 

temperatures. Damage depth is included as a reference. Chart published with permission from H. Maier, 

IPP Garching. 
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As can be appreciated in Figure 4. 74, the diffusion front is deeper in the W-alloy compared to 

pure W, regardless of the implantation temperature employed, which is due, to the difference in 

atomic number between W and Cr, since the stopping of the W6+ ions is larger in pure W than it is 

in the W-alloy (pure W diluted with 28 at% Cr). It can be observed that the total retained deuterium 

content is clearly higher for pure W in the irradiated zone, i.e. where defects were created 

(delimited with a blue line). Furthermore, deuterium retention decreases with increasing 

implantation temperature in both materials, this reduction being more noticeable in the W-alloy 

material. 

In addition to the influence of implantation temperature, the effect of the fluence on deuterium 

retention has been studied. For that purpose and based on these results, samples of as-HIPed 

W-10Cr-0.5Y and pure W has been implanted with deuterium at 250 °C by varying the fluence. 

The resulting data from NRA of the W and W-alloys samples subjected to 1023, 1024 and 1025 m-2 is 

depicted in Figure 4. 75.  

Focusing on the data for pure W, it is observed that the deuterium penetration is dependent on 

the fluence, since for the low fluence of 1023m-2, i.e. for a short exposure time, most of the deuterium 

is trapped in the first micron of the material while at the two higher fluences, i.e. longer exposure 

times, the full damage depth is reached. In contrast, the self-passivating W-alloy exhibits quite 

similar deuterium concentration profiles regardless of the exposure time, with the full damage 

depth being already reached even at the lowest fluences, i.e. the shortest exposure time. Such an 

observation is in agreement with previous analyses, in which the rapid diffusion of deuterium in 

the W-alloy, which is responsible for reaching the damage depth at very short times, has been 

associated to the large amount of GBs. Given the relevance of the data obtained, the same tests 

have been carried out on HTed samples, which present a larger grain size and thus, are expected 

to perform better in terms of hydrogen isotope retention. Unfortunately, the data are not yet 

available but will be in the near future.  

 

Figure 4. 75. Deuterium concentration as a function of depth implanted at different fluences. Plot 

published with permission of H. Maier, IPP. 
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On the other hand, the amount of deuterium retained in the irradiated zone in the samples of 

W-10Cr-0.5Y is significantly lower (about 1/3) compared to that trapped in pure W independently 

of the exposure time. Although the explanation for such a difference is not completely clear, a 

possible mechanism related to vacancy motion is proposed by H. Maier (IPP Garching) [334], 

taking into account that, according to Toyama et al. [335], deuterium trapping is linked to vacancies 

and their clusters in neutron irradiated W.  

Ion irradiation on a material involves the generation of defects, as it is also the case in neutron 

irradiation. One of the most common defects produced by ion (and neutron) irradiation are Frenkel 

pairs, which consist of the formation of a vacancy and a self-interstitial atom (SIA) due to the 

impact of the incoming ion on an atom of the lattice, causing its displacement. Such interstitial 

atoms usually diffuse very fast. Nevertheless, as shown in Figure 4. 76, the binding energy between 

a Cr solute atom and a W SIA is high giving rise to a stable mixed dumbbell, i.e. both atoms share 

a lattice site. Moreover, the same figure also shows the binding energy between solute 

substitutional atoms and vacancies of the first or second nearest neighbors, 1NN or 2NN, which 

for Cr is negative (repulsive) and almost zero. Thus, while the Cr-W SIA bonding is very stable, 

the interaction between substitutional Cr and a vacancy is negligible.  

On the other hand, the activation energy for vacancy diffusion in pure W has been quantified 

to be around 1.8 eV [336]–[338]. According to the classical statistics, such an energy corresponds 

approximately to an activation temperature of 250 °C [338], which is the temperature at which 

deuterium has been implanted. The formed W-Cr dumbbells can migrate until W recombines with 

a vacancy. Therefore, the presence of Cr promotes recombination of vacancy-W SIA, resulting in a 

reduction of vacancies and thus, also the amount of traps available to accommodate deuterium. By 

the way, the previous reasoning indicates that Cr would be an attractive alloying element for W 

from the point of view of irradiation damage because it promotes vacancy-interstitial 

recombination (as also Re does, as reported in section 2.2.3) but without giving rise to precipitation 

(as Re does) because of its negligible and repulsive interaction with vacancies. 

 

Figure 4. 76. Binding energy between different solute atoms and a W SIA, and between these solute atoms 

and a vacancy [339]. 
 

Based on the data reported in [339], J. Wang et al. [340] studied the influence of Cr addition to 

W on deuterium retention using ion irradiated samples with irradiation temperatures ranging 

from 250 to 1000°C, reporting that deuterium retention in the damaged zone was clearly lower in 

the material containing 0.3 at% Cr compared to pure W, with the difference increasing with 

increasing temperature. According to these results, the deuterium retention in the W-10Cr-0.5Y 
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alloy, having a significantly higher amount of Cr, is expected to be strongly reduced compared to 

pure W at the temperature of operation.  

4.5.4.  Neutron Irradiation  
As described in the literature review, plasma facing components have to withstand high flux 

neutron irradiation, as the nuclear fusion is inevitably linked to the emission of 14 MeV neutrons. 

Since neutron sources with a neutron spectrum similar to the fusion neutrons, i.e. IFMIF-DONES 

are still under development [341], [342], the only viable option to study the effect of high flux 

neutron fields is to test the samples in material test fission reactors. During the present dissertation, 

an opportunity to expose our alloys at the Belgian Reactor (BR2) was offered to us through the 

Project Leader of the EUROfusion project by beginning of 2019. For this purpose, miniaturized 

bend bar specimens (1 mm  1 mm  12 mm) of HTed W-10Cr-0.5Y alloy were sent to SCK.CEN. 

The procedure and results shown in this section are included in a publication accepted for 

publication in Nuclear Fusion. 

Thirty samples were subjected to different irradiation temperatures and neutron fluences for 

more than 50 days, which are summarized in Table 4. 15. Ten further sticks were sent as reference 

non-irradiated samples.  

Table 4. 15. Conditions to which W-10Cr-0.5Y were exposed during irradiation tests. 

Temperature (°C) Irradiation Dose (n/cm2) Equivalent displacement per atom (dpa) 

600 2.48 x 1020 0.19 

800 3.06 x 1020 0.20 

1000 3.44 x 1020 0.26 
 

As can be seen from Table 4. 15, the neutron fluence is limited to 0.19-0.26 dpa, which 

corresponds to end-of-life of the first ITER divertor. The main reasons behind the selection of the 

irradiation temperatures are related to the irradiation effects and accumulation of irradiation 

damage, which are well known to depend on temperature [67]. The three different temperatures 

were selected to reflect the operation of W at the divertor (in the monoblock at a heat load of 10 

MW/m2 , see assessment in [343], [344]) above the cooling pipe (600 °C), in the middle of the 

monoblock (800 °C) and close to the top surface (1000 °C). In addition, as mentioned in the 

literature review, it is known that the accumulation of damage in W at 600, 800 and 1000 °C differs. 

In particular, at 600 °C at moderate doses, dislocation loops and voids are observed, while at 800-

1000 °C, in addition to the voids, Re-Os precipitates are formed owing to long-range diffusion 

[345]. 

After neutron exposure, bending tests and microstructure analysis were carried out as a 

function of temperature (up to 550 °C) on both irradiated and non-irradiated specimens to assess 

the mechanical strength and associated fracture mechanisms. 

4.5.4.1.  Irradiation and Testing Methodology 
The irradiation was performed by introducing the miniaturized bend bar specimens in the BR2 

reactor in cycle 2 and cycle 3 of 2019. The specimens were placed inside 1.5 mm thick stainless steel 

capsules filled with He to prevent oxidation of the samples during high temperature irradiation. 

The thick-wall stainless steel capsule acted as a shield to avoid extensive transmutation into 

rhenium. Typical transmutation rate was ~2 at.%Re/dpa. The samples were fixed inside tungsten 
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holders which were used to achieve 600, 800 and 1000 °C irradiation temperature. The temperature 

was achieved by the balance of the irradiation-induced heat release inside the samples and holders, 

and heat evacuation through the gas gap to the capsule wall and to the coolant body of the BR2 

reactor. The capsules are embedded inside the fuel element, where the fast neutron flux is in the 

range 1-5 x 1014 n/cm2/s at a nominal reactor power of 60 MW. The calculation of the irradiation 

dose in displacement per atom (dpa) units is performed by the MCNPX 2.7.0 code [346] using the 

threshold displacement energy of 55 eV. The irradiation doses and temperatures at the samples 

determined by MCNP calculations are listed in Table 4. 15. 

The miniaturized bending specimens were tested according to ASTM E290 standard using a 

three-point bending (3PB) stage installed inside an environmental furnace. The span between the 

lower supporting pins was 8.5 mm and the pins diameter 2.5 mm. The samples had mirror-like 

surfaces. The tests were performed at an Instron universal testing machine equipped with a 

furnace operated in air, which is the reason why the uppermost temperature was 600 °C. The test 

temperature was measured by a thermocouple located close to the specimen. The load and 

displacement were measured with a strain gauge based load cell and a position encoder for the 

actuator, respectively. A constant displacement rate of 0.723 mm/min was applied, equivalent to a 

(flexural) strain rate of 10-3 s-1 along the stretching side of the specimen. 

The flexural strain (FS) is determined as: 

𝐹𝑆 =
6𝐷𝑑

𝐿2
 (4.18) 

where D is the maximum deflection of the specimen, d is the sample thickness, and L is the span 

between the lower pins. The flexural strain is accordingly calculated using the pull rod 

displacement and linear slope method to characterize the amount of plastic strain. For the neutron 

irradiated samples, at least two tests per test temperature are executed. 

After neutron irradiation the samples were examined by SEM to obtain primary information on 

the fracture mechanisms. The surface imaging was performed using a SEM JEOL 6610 with 

secondary electron detector inside the SCK·CEN hot cells. EBSD and EDS chemical analysis could 

be performed only in the non-irradiated state due to the relatively high residual activity of the 

samples, exceeding 20 mSv/hour on contact even 2 years after the irradiation. The excessive gamma 

irradiation is detrimental for the operation of the EBSD and EDS detectors. 

4.5.4.2.  Results 
It should be noted that the relative density of W-10Cr-0.5Y alloys after heat treatment, as 

mentioned in section 4.2, is usually above 98%. However, the samples prepared for neutron 

irradiation exhibited quite a lower relative density of about 95%. This is due to the fact that at the 

time of their preparation, the manufacturing process was not yet completely optimized. 

Specifically, the powder contained unalloyed Cr particles, which generate porosity during the 

thermal treatment due to Kirkendall effect, which is associated to the much larger amount of 

vacancies and higher mobility of Cr atoms compared to W atoms [283]. Fortunately, the Cr 

particles were found to be homogeneously distributed throughout the sample and thus, the pores 

were homogeneously distributed as well. Nevertheless, the lower density of the supplied samples 

has to be taken into account, since it results in a slight lower strength in comparison to specimens 

with the usual relative density.  
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Microstructure and strength before irradiation 

The fracture surface of the W-alloy before irradiation measured at RT is shown in Figure 4. 77 (a) 

while in Figure 4. 77 (b) a SEM-EBSD scan corresponding to a sample produced with the same 

parameters but with a usual porosity (typically below 2%) is presented. As described in section 

4.2, the microstructure consists of a metastable single BCC (αW,Cr) phase with equiaxed grains 

with an average size of 770 nm. The black minority phase corresponds to Y2O3 nanoparticles, 

indicated by white arrows in Figure 4. 77 (b), exhibiting an average size of about 50 nm and located 

mainly at the GBs.  

As mentioned above, the specimens used for the irradiation tests present a porosity around 5%, 

which is mostly located at the GBs and triple junctions, as indicated by red arrows in Figure 4. 

77 (a). Although the pore sizes have not measured, a size lower than 60 nm is observed in most of 

cases. 

  

Figure 4. 77. W-10Cr-0.5Y sample: (a) SEM fracture surface and (b) SEM-EBSD scan. 
 

From Figure 4. 77, it can be also observed that the fracture is mainly intergranular with isolated 

transgranular cleavage.  

The flexural stress at rupture after the bending test as a function of the test temperature 

performed on non-irradiated samples is shown in Figure 4. 78. In order to show the effect of 

porosity on the reduction of strength, flexural strength data of the same W-10Cr-0.5Y alloy with 

the usual porosity, which has been measured in the temperature range 25 to 1100 °C at UPM [153], 

are also included in Figure 4. 78. 

 

Figure 4. 78. Flexural stress at rupture of non-irradiated W-alloy samples as a function of the test 

temperature. Data of the same alloy with the ussual density are also included for comparison.  
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Microstructure and strength after irradiation 

Once the mechanical properties and microstructure have been studied, neutron irradiation test 

were conducted at irradiation temperatures of 600, 800 and 1000 °C for about 50 days. Since the 

W-10Cr-0.5Y alloy after heat treatment exhibits a metastable microstructure, during long time 

exposure to 800 °C and especially to 1000 °C microstructural changes are expected, shown in 

section 4.3 and published in [157], due to spinodal decomposition. While after irradiation at 600 °C 

no major microstructural changes are expected unless those produced by irradiation damage. 

Slight grain size increase and the start of phase decomposition at the GBs in form of lamellae of 

Cr-rich and W-rich phase are expected after irradiation at 800 °C. Moreover, an ultrafine-grained 

microstructure of a two-phase mixture, in which the Cr-rich phase exhibits a vermicular shape 

typical for the spinodal decomposition, are expected after irradiation at 1000 °C for 50 days. Such 

a decomposition leading to a uniform, fine-scale, two-phase mixture can significantly enhance the 

mechanical properties of alloys presenting spinodal decomposition, as reported in [347], [348].  

The fracture stress of W-10Cr-0.5Y alloy before and after irradiation is presented in Figure 4. 79, 

where it can be seen that an increase of the fracture stress has been recorded at all test temperatures, 

indicating that neutron irradiation yielded an enhancement of the fracture stress. Such an 

increment was particularly high (a factor of two to three, reaching a value of 1.7 GPa at 600 °C test 

temperature) after 1000 °C irradiation. The increase of the fracture stress after irradiation at 600 

and 800 °C was similar, representing approximately 50% of the non-irradiated fracture stress.  

 

Figure 4. 79. Bending strength before and after irradiation. As above, data of the alloy with less porosity 

are included. The curves are to guide the eye. 
 

Since the key to understand the strength enhancement lies in the microstructure, the fracture 

surface of the W-10Cr-0.5Y alloy samples after irradiation at the three different temperatures has 

been analyzed.  

The fracture surface SEM images of the W-alloy samples fractured at RT are shown in Figure 4. 

80, where the non-irradiated reference sample is presented in Figure 4. 80 (a) while the fractures 
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surfaces of samples after irradiation at 600 and 800 °C are depicted in Figure 4. 80 (b) and (c), 

respectively.  

  

 

 

Figure 4. 80. Fracture surface of the W-alloy: (a) non-irradiated at RT; after irradiation at: (b) 600 °C and 

(c) 800 °C.   
 

Although the fracture patterns at the irradiation temperatures of 600 and 800 °C are quite 

similar to the one before irradiation, the transgranular cleavage area increased somewhat as the 

irradiation temperature rose. This change in the fracture mechanism can be related to the start of 

lamellae formation of the two phases at the GBs after long time irradiation, especially at 800 °C. 

Such lamellae could contribute to the reinforcement of GBs, leading to the change in the fracture 

mechanism from intergranular to transgranular. Furthermore, no significant grain growth is 

observed as expected. Since both the change in the fracture mechanism and the increased 

mechanical properties can be also associated to the effect of neutron irradiation and not only to 

microstructural changes, further TEM studies are needed. 

As explained above, a complete spinodal decomposition of the initially single-phase 

microstructure is expected after 50 days irradiation at 1000 °C. Therefore, considering that the 

microstructure after irradiation at such temperature is different compared to the microstructure 

after 600 and 800 °C irradiation, it is expected that its fracture behavior will also be distinct. The 

fracture surfaces, tested at RT, of W-10Cr-0.5Y alloy with spinodal microstructure before and after 

irradiation at 1000°C are presented in Figure 4. 81.  

Comparing both non-irradiated microstructures, a mostly intergranular fracture can be 

appreciated in the W-alloy with a metastable single phase (Figure 4. 80 (a)), while the spinodal 
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microstructure exhibits an intergranular fracture for the W-rich phase and an intragranular 

fracture for the Cr-rich phase (Figure 4. 81 (a)). However, as shown in Figure 4. 81 (b), a completely 

different surface fracture is observed after irradiation at 1000 °C, since large cavities are present, 

inside which a vermicular microstructure typical for spinodal decomposition is visible. This new 

kind of fracture surface is purely transgranular in which the cavities have been formed most 

probably by coalescence of the initial pores. Although the initial pores present a spherical shape, 

indicating they have reached the equilibrium, after irradiation at 1000 °C, diffusion processes are 

much faster than those at 600 and 800 °C, so that individual pores can merge by GB dragging and 

growth by GB diffusion of vacancies to larger pores [349]. Moreover, it should be considered that 

the phase transformation taking place during 1000 °C lead to a ultrafine spinodal microstructure 

in which new GBs have been created, that may promote pore coalescence. However, despite these 

two facts, the mechanism by which such large pores increase the strength of the material has yet 

to be elucidated. 

  

Figure 4. 81. Fracture surface of W-alloy tested at RT: (a) before irradiation (with ususal porosity); (b) after 

irradiation at 1000 °C. 
 

On the other hand, R.C. Rau et al. reported that the exposure of pure W to a neutron dose of 

0.26 dpa at 1000 °C can contribute to increase cavities due to the formation of voids [350]. However, 

further investigations are required since there are only scarce data on neutron irradiation of W at 

1000 °C. Moreover, the effect of additional Cr is unknown.  

Despite the mechanical properties of this spinodal-like microstructure have to be assessed to 

compare the results obtained in these tests with those of irradiated material without porosity, it 

seems plausible to assert that the formed spinodal microstructure is responsible for the strong 

increase in strength after 1000°C irradiation at all test temperatures due to the uniform, fine-scale, 

two-phase mixture in spite of the cavity formation. It has to be considered that in a material with 

the usual initial porosity (below 2%) a significantly lower cavity formation or cavity size would be 

expected, since only voids formation by irradiation and their interaction with GBs would 

contribute to the growth of cavities. Therefore, it is expected that the reduction of initial pores 

could contribute to increase the strength to values higher than those obtained in this work after 

1000°C irradiation since pores and cavities act as stress concentrators reducing strength. Taking 

into account the obtained results, it would be very interesting to produce a W-10Cr-0.5Y alloy in 

which such a spinodal-like microstructure is promoted and to study its mechanical properties 

before and after irradiation. Furthermore, the additional effect of neutron irradiation has to be 

elucidated in a future work.  
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4.6. Joining of W-Cr-Y alloy to RAFM: feasibility study 
As previously introduced, the current design of the blanket first wall armor will be based on a 

tungsten or tungsten alloy layer of a few millimeters, which will be supported by a reduced 

activation ferritic-martensitic (RAFM) steel such as EUROFER. The main results of the diffusion 

bonding of the self-passivating W-10Cr-0.5Y alloy to RAFM steel are presented in this chapter.  

Two different joining technologies have been employed to develop these joints: diffusion 

bonding by HIP and brazing. In the first section of this chapter, the results and conclusions derived 

from the diffusion bonding by HIP at CEIT will be presented while the data obtained from brazing 

joints at Rey Juan Carlos University will be addressed in the second part. Finally, the third part 

will consist of discussing both technologies relying on microstructural and mechanical properties.  

4.6.1. Direct diffusion bonding 
This part of the work shows results of the diffusion bonding by HIP of W-10Cr-0.5Y to P91 steel, 

a carbon steel with similar metallurgical behavior to EUROFER. The microstructural analysis of 

joints performed under different parameters as well as their mechanical properties are presented.  

A first trial was performed to study the feasibility of joining W-10Cr-0.5Y alloy to P91 by HIP. 

According to the literature, the diffusion bonding process of tungsten to steel suffers from several 

issues related to its dissimilarity in physical properties. The first one is the large difference in their 

melting points (3420 °C for pure tungsten and 1444 °C for P91). Solid state diffusion bonding is 

usually performed at temperatures ranging from 0.5 to 0.8 of the melting point of the materials 

[351]. Therefore, the temperature required to activate the tungsten diffusion mechanisms would 

imply the melting of P91, making joints by means of conventional techniques not possible. Another 

concern is the mismatch of their linear coefficients of thermal expansion (CTE) – αW = 4.5  10-6 K-1; 

αP91 = 12,5  10-6 K-1 measured at CEIT or αEUROFER = 12,7  10-6 K-1 [352] , at room temperature – 

resulting in high thermally induced residual stresses at the joint during cooling, which would 

cause crack formation at the bonding seam. However, the W-10Cr-0.5Y alloy has a relatively high 

amount of chromium, which might diffuse into the P91 steel since this is one of the most common 

alloying element in iron [353]. This diffusion would promote the formation of a strong interface. 

For this reason, a direct diffusion bonding between W-alloy and P91 was performed as a first trial. 

It is well known that diffusion mechanisms depend mainly on diffusion species, activation energy 

or temperature among other factors, being the latter the most important due to its exponential 

increase. On the other hand, a low temperature HIP process is desirable for the joining of W-alloy 

to P91 since the ferritic-austenitic transformation is avoided, allowing the mechanical properties 

of the steel to be maintained. The values quoted for Ac1 range from 800 to 830 °C, whereas Ac3 is 

defined to be between 890 and 940 °C [354], depending on the composition. The data obtained 

from dilatometry curves at Ceit (833 °C and 882 °C for Ac1 and Ac3, respectively) are slightly 

different (higher for Ac1, lower for Ac3) compared to them. In this way, a HIP cycle at 700 °C with 

a pressure of 100 MPa for 1h was chosen. The base materials (W-alloy and P91) were introduced 

in a copper canister because of its better ductility and malleability compared to 316L steel used 

commonly as canister material.  

The microstructure at the cross section of the W-10Cr-0.5Y/P91 joint at these conditions is shown 

in Figure 4. 82.  
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Figure 4. 82. Cross section of W-alloy/P91 joint at 700°C: (a) global perspective of the joint; (b) detail of 

cracks along P91; (c) EDS elemental map of the region marked; (d) intermetallic particles at the 

W-alloy/P91 interface. 
 

As Figure 4. 82 (a) and (b) show, continuous cracks along the P91 side close to the interface were 

found, most probably due to the large difference in CTE of both materials. This variation causes 

plastic deformation during the HIP maintenance which is not problematic because P91 suffers 

compressive stresses. However, during cooling down, the stress in tungsten is compressive while 

tensile stresses appear in P91, which are enlarged due to plastic deformation, resulting in 

significant shear stresses. These stresses may cause crack nucleation at the edges of the steels which 

propagates towards the center.  

An EDS mapping analysis was performed at the W-alloy/P91 interface (Figure 4. 82 (c)), where 

no diffusion between base materials and some oxygen were detected, both indicating that the joint 

is not good enough. On the other hand, taking into account the W-Cr-Fe phase diagram at 600°C 

[355], W-Cr-Fe intermetallic particles should be observed at the interface. Although the joining 

temperature is 100 °C higher than the ternary diagram, based on the binary phase diagrams [178], 

[314][356], no big differences are expected. The W-Cr-Fe ternary phase diagram at 700°C was 

simulated by Thermo-Calc using the database TCFE10 Steels/Fe-Alloys v10.1 as Figure 4. 83 shows. 

According to this phase diagram, intermetallic particles should be presented. At low 

magnification, these particles have not been found. Nevertheless, they can be seen in some zones 

at high magnification as depicted in Figure 4. 82(d). Moreover, two layers above the bonding seam 

on the P91 side are visible. Since the intermetallic particles were located at the interface inside a 

crack and the interaction volume of electrons in the material is bigger than the thickness of the 

layer, a quantitative analysis by EDS is not too accurate. 
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Therefore, to identify these phases on the basis of the EDS analysis obtained from the area 

indicated in yellow in Figure 4. 82(d), an approximation of the composition was fixed in the ternary 

phase diagram. Based on this diagram, the three different phases expected are defined as:  

- BCC solid solution: (Cr,Fe,W)(VA)3  being VA, vacancy  

- C14_laves: (Cr,Fe,W)2(Cr,Fe,W) 

- Chi_A2: (Cr,Fe)24(Cr,W)10(Cr,Fe,W)24 

 

Figure 4. 83. W-Cr-Fe phase diagram calculated by Thermo-Calc. 
 

It is well known that the presence of both cracks and intermetallic phases, especially the former, 

weaken the joint, causing a reduction of its mechanical properties. Therefore, the direct joining 

between W-Cr-Y alloy and P91 was rejected.  

4.6.2.  Diffusion bonding using a copper interlayer 
A direct diffusion joining was not feasible due to the significant differences in their thermal 

properties, in particular, the mismatch of their CTEs. In order to mitigate the dissimilarity in the 

thermal expansion, an interlayer whose CTE is between the one of P91 steel and W-alloy has been 

used. As explained in the literature review, although copper has a higher CTE [357] than the base 

materials, its high ductility, low yield strength and capacity to deform plastically makes it suitable 

for relieving stresses created during the cooling down and preventing the brittle intermetallic 

formation between tungsten and steel [209]. Two different HIP cycles were performed to join the 

W-alloy to P91 using a 50 µm thick copper interlayer. The thickness of the foil was chosen based 

on the results obtained by J. de Prado et al [358] where the effect of filler thickness on W-Eurofer 

brazed joints was studied. According to them, a 50 µm copper filler was found to be the optimum 

thickness since most of the copper remains inside the joints, while a thicker filler produced 

exudation. Although melting of the copper interlayer does not occur for selected diffusion bonding 
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conditions, the same thickness was chosen in order to compare the results obtained by both 

techniques (HIP and brazing).  

4.6.2.1.  Joining at Low Temperature 
As mentioned above, a low temperature HIP joining is profitable in order to avoid the 

tempering step required to reestablish the initial properties of the steel, since the austenitizing 

temperature is exceeded. Therefore, a temperature below Ac1 is required. The selected parameters 

were chosen based on previous results obtained by project partners. In particular, M. Sánchez et 

al. [359] studied the microstructure of Eurofer-Cu joints bonded by HIP at 500, 700 and 980 °C, 

applying a pressure of 100 MPa for 1 h (HIP joints performed at KIT). Taking into account only the 

temperatures below Ac1 (500 and 700 °C), a discontinuity at the interface was found at 500 °C while 

at 700 °C diffusion of Cu through EUROFER grains was observed close to the interface, indicating 

a good joint along the whole interface. Besides, diffusion simulations of Fe and Cu at 700 °C were 

performed using DICTRA (Figure 4. 84) in order to check these results. At initial step, both 

materials are only in contact. However, an interdiffusion of both Cu and Fe takes place after 1h 

HIPing. It can be observed that Fe penetrates deeper into Cu than Cu into Fe, indicating that the 

diffusion coefficient of α-Fe in Cu is larger than the one of Cu in α-Fe and thus, the diffusion of Fe 

in Cu is faster than the one of Cu in Fe. This observation agrees with the diffusion coefficients 

reported in the literature, which are presented below together with the results obtained 

experimentally. According to the simulation results, a diffusion layer with a thickness of about 

3 µm is expected at the interface of both materials.   

 

 

Figure 4. 84. Diffusion simulation results of Cu-Fe at 700 °C: (a) initial step; (b) after 1h. 
 

Considering these results, 700 °C for 1h under a pressure of 100 MPa were the HIP parameters 

chosen. As in the initial trial without interlayer, cupper canisters were used. 

Figure 4. 85 shows the cross section of the W-alloy/Cu/P91 joint where cracks are not visible in 

any of the interfaces.  
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Figure 4. 85. FEG-SEM image of W-alloy/Cu/P91 interface at 700°C, 100MPa, 1h. 
 

Focusing at the P91/Cu interface at high magnification, a thin oxide layer can be observed in 

Figure 4. 86 (a). This layer is mainly composed of Cr oxide with a thickness less than 1 µm and 

some Fe-rich oxide particles inside the Cu interlayer, as elemental analysis obtained by EDS shows 

in Figure 4. 86 (c) and (d). The origin of the oxygen is unclear. The Cu interlayer used has a purity 

of 99.999 wt.% metal basis with 126 ppm oxygen as measured by LECO. W-alloy and P91 pieces 

were ground, polished and ultrasonic cleaned just before bonding, while the Cu foil was only 

cleaned with ethanol because its small thickness. For these reasons it is thought that the oxygen 

stems most probably from the Cu foil. The presence of a Cr oxide layer and Fe-rich oxide particles 

is in accordance to the Ellingham diagram [360], since the standard free energy of formation of 

both Cr and Fe oxides is lower than the one of Cu oxide at the joining temperature. Moreover, at 

this interface Fe diffuses into the Cu band, forming Fe-rich particles where the oxygen content is 

higher. As can be appreciated in Figure 4. 86 (d), Fe and Cu profiles vary smoothly and 

continuously across the interface, indicating interdiffusion of both elements. The formation of 

Fe-rich oxide particles inside the Cu layer is in agreement with its diffusion coefficients (D). The 

chemical diffusion coefficient of Cu in α-Fe as a function of temperature was measured by G. Salje 

et al. and is given in equation 4.19 [361] whereas the one of α-Fe in Cu was determined by 

D. Prokoshkina et al [362] and is given in equation 4.20. By substituting the temperature for 700 °C 

in equations 4.19 and 4.20 respectively, one obtains DCu in α-Fe = 1.77  10-17 m2/s and 

DFe in Cu = 2.74    10-16 m2/s. The chemical diffusion coefficient of Fe in Cu is one order of magnitude 

larger, indicating the faster diffusion of Fe into Cu, being the reason why Fe is located inside the 

Cu band.  

𝐷𝐶𝑢 𝑖𝑛 𝛼−𝐹𝑒 = 3 × 10−2 𝑒
(
−284

kJ

mol
𝑅𝑇

)
m2/s 

(4.19) 

𝐷𝛼−𝐹𝑒 𝑖𝑛 𝐶𝑢 = 3 × 10−6 𝑒
(
−187

kJ

mol
𝑅𝑇

)
m2/s 

(4.20) 

 

Furthermore, isolated tungsten particles (white particles in Figure 4. 86 (a)) have been also 

found. Its presence is unknown but they are thought to come from the metallurgical preparation, 

as W might have detached and became embedded in the soft Cu layer. 
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Figure 4. 86. P91/Cu interface: (a) detail of oxide layer; (b) line scan across the P91/Cu; (c) EDS elemental 

maps of the yellow region marked in (a); (d) result of the line scan marked in (b). 
 

The microstructure of the Cu/W-alloy interface at low and high magnification, together with a 

line scan of the element distribution, is shown in Figure 4. 87. 

Focusing on the line scan, the interface has a thickness of less than 1 µm. Besides, both elements 

transition presents a steeper slope along the interface compared to Figure 4. 86 (d), indicating no 

interaction between them. The absence of a vertical transition, as would be expected considering 

that W and Cu have no solubility into each other in accordance with the equilibrium phase diagram 

[363], is due to the interaction volume of electrons in the material when performing EDS. 
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Figure 4. 87. Cu/W-alloy interface at 700 °C (a) general view; (c) line scan of the yellow zone indicated in 

(b). 
 

As can be appreciated in Figure 4. 88, both base materials maintain its microstructure after 

joining at 700 °C. The porosity observed in the W-alloy has not been taken into account since 

samples used for these tests had a slightly higher porosity (about 4.5%) than usual. It was assumed 

that this relatively low porosity would not influence significantly the properties of the joint.  

 

 
 

Figure 4. 88. Microstrutre of base materials after joining at 700°C: (a) P91; (b) W-alloy. 
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4.6.2.2.  Joining at High Temperature 
In the previous HIP cycle at 700 °C, a good chemical joint at the Cu/W interface has not been 

achieved because of the negligible mutual solubility of W and Cu. However, the immiscibility of 

these elements can be overcome when the joining temperature is close to the copper melting point 

because diffusion paths through the W GB can be created. In order to improve the joint between 

both elements, the bonding temperature, pressure and time were increased to 980 °C, 140 MPa and 

3 h, although P91 properties would be modified. The temperature was selected considering the 

results of J. Zhang et al. [364], who studied several joining conditions to obtain a high strength 

bond between Cu and pure W by diffusion bonding using hot-press. As the new bonding 

temperature is near the Cu melting point, a stainless steel canister was used instead of the much 

more ductile copper cans employed in the previous HIP conditions. A new challenge should be 

considered, since the CTE of W-alloy and the new canister material differ greatly. In fact, a crack 

delamination at the W-alloy side starting at the edges of the steel can was found after decanning. 

In order to avoid or reduce the stresses produced at the W-alloy/canister interface, a Mo foil with 

a thickness of 25 µm was placed between W-alloy and steel canister. This element was selected 

considering its high melting point because at the joining temperature, no diffusion between W and 

Mo is expected. On the other hand, Mo could create a bonding with the steel canister, concentrating 

the stresses during heating and cooling at this interface. Therefore, the shear stresses cannot be 

transferred to the W [365]. 

The microstructure of the resulting joint at 980 °C, 140 MPa for 3 h is shown in Figure 4. 89 (a), 

where a good metallic continuity without oxide layer at both interfaces can be appreciated. 

Focusing on the P91/Cu interface and its EDS elemental mapping analysis (Figure 4. 89 (b)), 

Si-O-rich spherical particles as well as small Fe-Cr-O- rich particles can be observed just below the 

P91/Cu interface inside the Cu band. As was the case in the joining at 700 °C, the presence of Fe 

inside the Cu band is related to the diffusion coefficients. Equation 4.20 was used to calculate the 

diffusion coefficient of Fe in Cu at 980°C, obtaining a DFe in Cu = 4.8 10-14 m2/s. Since the joining 

temperature exceeds the austenitizing temperature (Ac3), equation 4.19 cannot be used to calculate 

the diffusion coefficient of Fe in Cu. Instead, the same authors [361] determined the chemical 

diffusion coefficient of copper in γ-iron as a function of temperature as given in equation 4.21. 

Substituting the temperature for 980°C, a DCu in γ-Fe = 8. 37x10-15 m2/s is obtained. Therefore, it makes 

sense that Fe is found inside the Cu band. Besides, the Cu above this row of oxide particles is also 

rich in oxygen. It seems that the residual oxygen present in the Cu foil (126 ppm measured at CEIT) 

diffuses towards the steel interface reacting with the steel elements of high oxygen affinity (Si, Fe 

and Cr) according to [360]. 

𝐷𝐶𝑢 𝑖𝑛 𝛾−𝐹𝑒 = 1.9 × 10−3 𝑒
(
−272.4

𝑘𝐽

𝑚𝑜𝑙
𝑅𝑇

)
m2/s 

(4.21) 
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Figure 4. 89. Cross section of P91/Cu/W-alloy at 980°C: (a) broad view; (b) detail of the P91/Cu interface 

and elemental mappings of the indicated area; (c) Cu/W interface with EDS mapping analysis of the 

marked region. 
 

Regarding the Cu/W-alloy interface shown in Figure 4. 89 (c), Fe-Cr-W particles were found, 

indicating a strong diffusion of Fe from P91 across the Cu interlayer, which is in accordance with 

the diffusion coefficients explained above. The composition of these particles with a content of 

80%wt W, 13%wt Fe and 7%wt Cr was determined by EDS point analysis. Although this 

composition is not too accurate because of the interaction volume of electrons with the matrix, the 

identification of the corresponding phase was carried out using that element content in the ternary 

W-Cr-Fe phase diagram obtained by Thermo-Calc using the database TCFE10 Steels/Fe-Alloys 

v10.1 at 980 °C, as showed in Figure 4. 90. At that point, a BCC phase of W with Fe and/or Cr in 

solid solution as well as an intermetallic known as µ phase, are expected. Therefore, the particles 

observed could correspond to µ phase, which were identified as (Cr,Fe)7(W)2(Cr,Fe,W)4, according 

to the Thermo-Calc data base and [366].  

Since Fe is observed at the W side, it is expected to be also present in the Cu band. Indeed, Fe 

has been found there by EDS line scan (Figure 4. 86 (d)) and EDS point but its amount is too low 

for an accurate quantitative analysis. Furthermore, the elemental mapping of Figure 4. 89 (d) shows 

that the interface between W and Cu is not sharp, indicating the movement of Cu atoms into the 

W-alloy, most probably through grain boundaries. Therefore, both elements are involved in the 

joint.  
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Figure 4. 90. W-Cr-Fe phase diagram at 980°C. 
 

As previously mentioned, the temperature reached during the joining process is above the Ac3 

transformation temperature for P91, leading to the complete formation of austenite, which upon 

cooling down become in brittle martensite, as can be observed in Figure 4. 91 (a). In addition, as 

explained in section 4.3, the W-alloy consists of a metastable single-phase material, which is in the 

range of the spinodal decomposition with two bcc phases: (αW,Cr) and (αCr,W) at the joining 

temperature. After the HIPing process at 980 °C for 3 h, the microstructure reveals that phase 

decomposition has begun at the grain boundaries, as Figure 4. 91 (b) shows.  

  

Figure 4. 91. Microstructure of base materials after joining at 980 °C: (a) P91; (b) W-alloy.  
 

The austenitic transformation into martensite should be avoid. For that purpose, a slow cooling 

rate is needed. A slow cooling rate of 5 °C/min was selected to reduce the stresses between the base 

materials. However, it has not been slow enough to prevent the martensite formation. From the 

continuous cooling transformation curves (CCT) for P91 shown in Figure 4. 92 and considering the 

cooling rate used during HIP (orange line) and a slower cooling rate with a value of 1°C/min (green 

line), it can be observed that the martensitic transformation cannot be avoided unless the cooling 

rate is unrealistic slow, which would make the joining process unprofitable.  
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Figure 4. 92. CCT for P91 [354] adding the cooling rate used in HIP (orange) and simulating 1°C/min 

(green). 
 

Therefore, in order to recover the initial microstructure and mechanical properties of the P91, a 

tempering step is required. The tempering temperature established for P91 ranges from 730 to 

770 °C [367]. Several trials at two different temperatures and times were performed in order to 

optimize the tempering conditions, obtaining the values shown in Table 4. 16. The first temperature 

(730 °C) was chosen because it was the lowest possible one and thus, the most energy saving one, 

while the second one (760 °C) was selected based on the good results reported by [368], [369]. The 

first time (2 h) was selected based on the results obtained in [368]. However, the hardness was not 

successfully recovered (below 227 HV10). Thus, a shorter time is necessary. For the new tempering, 

760 °C was the chosen temperature due to the above mentioned results and taking into account 

that it also corresponds to the conventional tempering temperature applied to reestablish the 

EUROFER properties [370]. Thus, tempering at 760 °C for 0.5 h was performed, obtaining a 

hardness similar to the one of the initial state (microstructure of P91 as-received and after 

tempering at 760 °C for 0.5 h is shown in Figure 4. 93). 

Table 4. 16. Hardness results after tempering treatments.  

Test Temperature (°C) Time (h) Hardness (HV10) 

1 730 2 207± 2 

2 760 2 196 ± 5 

3 760 0.5 239 ± 4 

 



Chapter 4 

 

176 
 

  

Figure 4. 93. Microstructure of P91: (a) as received; (b) after tempering at 760 °C for 30 min.  
 

Consequently, after HIP at 980 °C for 3 h, it was necessary to apply a tempering treatment at 

760 °C for 30 min with cooling in air. The microstructure of the joint after this heat treatment do 

not present appreciable changes compared to the one before tempering shown in Figure 4. 89.  

4.6.2.3.  Mechanical Properties 
The mechanical properties of the joints were evaluated by means of microhardness and shear 

tests. Both allow obtaining information about possible modifications of the base materials that 

could be linked to metallurgical or chemical processes. The microhardness profiles of the 

W-alloy/P91 joints for each condition are shown in Figure 4. 94. As can be appreciated, the 

microhardness of the W-alloy remains practically unchanged after joining under all investigated 

conditions. The differences in hardness could be associated to the porosity since the lowest values 

(grey points) correlate with the lowest density. The microhardness of W-alloy is approximately 

twice higher compared to polycrystalline pure W [49]. This difference is associated to its fine 

microstructure (small grain size) caused by the presence of a homogeneously distributed yttria 

nanoparticles dispersion. 

 

Figure 4. 94. Microhardness profile of joints under different conditions. 
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The lowest hardness is observed at the joint region, being the main reasons the presence of 

ductile Cu foil or the existing gap between the base materials, in the case of the Cu-free bonding.  

Regarding P91, the microhardness changes considerably depend on the HIP cycle applied, 

being crucial the temperature parameter. Samples in as-received conditions present a hardness of 

225 - 235 HV0.1. Such values remain constant after diffusion bonding at low temperatures (orange 

and grey points in Figure 4. 94) regardless of the presence of Cu foil. However, the hardness rises 

to 419 ± 6 HV0.1 after a joining cycle at high temperature (green line in Figure 4. 94). This increase 

is associated to the austenitizing process, where most of the precipitates could have dissolved in 

the austenite matrix, making it a stable phase. Besides, P91 presents Cr as the main alloying 

element, which has an influence on the hardenability, retarding the kinetics of perlite formation 

(slow carbon diffusion within steel) and hence promoting the formation of hard and brittle 

martensite during the cooling down even at slow cooling rates [371]. Both, hardness and 

transformation are in agreement with the CCT shown in Figure 4. 92. On the other hand, the 

application of a tempering treatment gives rise to a softening of the material (blue line in Figure 4. 

94), obtaining a hardness close to the one in as-received conditions. 

The quality of the joints was also assessed by shear strength tests performed at the University 

Rey Juan Carlos. The attained results for P91/Cu/W-alloy joints at each bonding condition are 

shown in Figure 4. 95. The shear strength of direct diffusion bonding without Cu interlayer has not 

been measured due to the presence of discontinuities at the interface such as gaps and cracks, 

which are expected to result in poor mechanical properties. In Figure 4. 95, it can be appreciated 

that joining at 700 °C for 1 h results in low strength, which is associated to lack of interaction 

between W-alloy and Cu foil as can be seen in Figure 4. 96, where an image of this sample after the 

shear strength test is shown. Increasing the bonding temperature to 980 °C for 3 h leads to a 

significant improvement with shear strength values (354 ± 16 MPa) similar to those achieved by 

brazing of the same material system [221] and significantly higher than those existing in the 

literature using conventional pure tungsten [202], [210], [212], [237], [239], [358], [364], [372].  

 

Figure 4. 95. Shear strenght values of P91/Cu/W-alloy joints at different conditions. 
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Figure 4. 96. Surface fracture after diffusion bonding at 700 °C. 
 

However, the tempering treatment applied to recover the initial properties of P91 decreases 

considerably the strength of the joint to 174 ± 54 MPa. This sharp drop, joining the same base 

materials by brazing and applying a post-bonding thermal-treatment similar to tempering, has 

been also reported in [221]. It is important to note that despite this reduction, the strength of the 

joint after tempering remains higher than or comparable to the mentioned studies using pure 

tungsten.  

In order to understand the decrease in the shear strength, an analysis of the fracture surfaces 

(Figure 4. 97) under both conditions (with and without tempering) was carried out. From the SEM 

and EDS analysis of fracture surfaces (Figure 4. 97), two different fracture mechanisms during the 

shear strength tests were detected. In some samples, the crack propagates rather through the Cu 

interlayer fracturing the W-alloy at the end of its path, Figure 4. 98 (a), while in other, the crack 

propagates mainly entirely through the Cu foil close to the steel interface, sifting in some cases 

from one interface to the other, most likely due to the presence of the row of Si-oxide and small 

Fe-Cr-oxide particles that contribute to propagation of the crack along this row. In fact, these 

Si-oxide particles have been found as inclusion deep inside the Cu dimples, as shown in Figure 4. 

98. Therefore, fracture always takes place in the Cu foil, as expected, and its propagation toward 

one interface or another depends on which interface is weaker since cracks always tend to 

propagate in those areas where less energy is required, either through the brittle tungsten or the 

distribution of oxide-rich particles present in P91. These results are published in [373]. 

  

Figure 4. 97. Fractures surfaces after diffusion bonding at 980 °C: (a) without; (b) with tempering. 
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Figure 4. 98. Fracture surface after tempering: (a) Cu/W-alloy interface; (b) EDS elemental maps of the Si-

oxide particles inside the Cu dimples. 
 

Taking into account that the microstructure remains unchanged before and after tempering and 

that copper is always the weakest zone, it is necessary to focus on the residual stresses generated 

across the interfaces during cooling down. Both normal and shear stresses have been analyzed by 

XRD in the direction perpendicular to the joint, collecting results from the two base materials. 

Thus, the normal stresses (σ) refer to the tensile or compressive strength while shear stresses (τ) 

indicate the shear strength of the joint as Figure 4. 99 shows.  

 

Figure 4. 99. Scheme of stresses analyzed by XRD through the joint.  
 

The results obtained for both samples (with and without tempering) are represented in Figure 

4. 100. As can be seen, shear stresses (τ) are almost zero, regardless of the treatment performed. 

However, while the normal stresses are practically zero before tempering, they increase 

significantly after tempering. This variation is due to the difference in cooling rates, since as 
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mentioned previously, after diffusion bonding the cooling was 5 °C/min (controlled inside the HIP) 

while after tempering the cooling was done in air and hence faster. Focusing on the stresses after 

tempering, compressive stresses, especially on the W-alloy side, were detected. These results are 

in agreement with the coefficients of thermal expansion, since Cu tends to shrink more during 

cooling, resulting in tensile stresses. Assuming the cooling rate is fast enough not to allow the 

generated stresses to relax, Cu will keep under tensile stress while both P91 and W-alloy will be 

under compression. Besides, and given the large difference of thermal expansion coefficients in the 

Cu/W-alloy interface (αW = 4.5  10-6 K-1; αCu = 17  10-6 K-1), the compressive stresses must be higher 

at this interface as has been checked experimentally. In this way, it is possible to associate the drop 

in mechanical properties with the cooling rate in the tempering process. Therefore, a low enough 

cooling rate should be used in future tempering cycles.  

  

Figure 4. 100. Normal and shear stresses: (a) diffusion bonding without tempering; (b) after tempering. 
 

4.6.3.  Diffusion Bonding by Brazing 
In this part of the present dissertation, the joining feasibility between our W-alloy and 

EUROFER by brazing technique has been studied at the Universidad Rey Juan Carlos (URJC). 

Microstructural characterization and its relationship with mechanical properties has been 

investigated.  

To compare both boding techniques (brazing and HIP), it is necessary to consider some 

differences in the materials used. The main variation is the use of EUROFER instead of P91. 

Although both materials are ferritic-martensitic steel and metallurgically similar, there are minor 

differences in composition such as the substitution of Mo by W to avoid alloying elements with 

high activation by neutrons. Besides, the temperature range of austenitic transformation in 

EUROFER varies from 752 to 772 °C, i.e. it takes place earlier than P91 [352]. Another important 

different is the interlayer material. To join both materials, this research group chose oxygen-free 

copper as interlayer due to its high wettability in steel and because its melting point is within the 

temperature range for preventing the base materials degradation. In addition, as mentioned 

previously, Cu could also relieve the residual stressed generated during the bonding process by 

plastic deformation.  

The brazing process was performed in a high vacuum furnace being the brazing temperature 

50 °C above the melting point of the filler material (1135 °C). Therefore, the interlayer is melted as 

opposed to diffusion bonding by HIP. Furthermore, as in the diffusion bonding process using HIP, 

the applied temperature is above the Ac3 and, therefore, the austenitic transformation took place, 

modifying the initial microstructure and properties of the EUROFER. 
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4.6.4.  Microstructural characterization  
The resulting brazed joint between W-alloy and EUROFER is shown in Figure 4. 101, where a 

high metallic continuity along both interfaces can be appreciated. At higher magnification (Figure 

4. 101 (b)), different layers and phases are observed. Phase listed as number 1 corresponds to 

copper which penetrated 20 µm approximately into the EUROFER through the austenitic grains 

following grain boundary paths and, as a consequence, there is no copper remaining at the 

Cu/EUROFER interface. Therefore, an area with less amount of Cu (labeled as 2) between the 

copper phase (number 1) and W-alloy interface is formed.  

  

Figure 4. 101. Cross section of the W-alloy/Cu/EUROFER brazed joint: (a) general view; (b) Detail of the 

interface [221]. 
 

Regarding the Cu/W-alloy interface, a Fe-Cr-W layer (indicated as number 3) of approximately 

1.5 µm can be observed. It was probably formed by diffusion mechanism, since the brazing 

temperature was high enough to activate the movement of these elements, especially Fe and Cr 

because their melting points are closer to this temperature and much lower than the one of the 

W-alloy. Therefore, as seen by HIP, Cu interacted mainly with the steel since its chemical affinity 

is higher compared to W-alloy.  

As mentioned above, the modification of microstructural and mechanical properties of the 

as-receive EUROFER took place during cooling down. Thus, a tempering treatment had to be also 

performed to recover them. The selection of the tempering parameters was based on the standard 

annealing treatment applied to EUROFER, which corresponds to 760 °C for 1.5 h [370]. The SEM 

micrographs of the EUROFER/Cu/W-alloy after brazing and subsequent tempering are shown in 

Figure 4. 102. At low magnification (Figure 4. 102 (a)), no microstructural changes are appreciated. 

Nevertheless, at higher magnification a dispersion of fine W precipitates in the zone number 2 can 

be observed (indicated by yellow arrows in Figure 4. 102 (b)). Such precipitates are probably 

related to the solubility of W in Fe, which at the tempering temperature is 3% according to [374], 

while at room temperature is significantly lower. However, the tempering temperature is not high 

enough to promote the mobility of W. A possible explanation would be that both dissolution of W 

in Fe and precipitation phenomena take place during brazing (higher temperature), being the 

precipitates formed too small to be visible in the SEM due to the short process duration, whereas 

during the tempering treatment the precipitates growth, becoming visible. 

Besides, the increase of W amount into the phase number 2 is also collected by EDS semi-

quantitative analysis as can be appreciated in Table 4. 17, where the chemical composition of the 
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phases and layers is presented. Therefore, the tempering treatment not only allows recovering the 

properties of the EUROFER, but also does not result in significant differences at the brazed 

interfaces and does not degrade the base materials.  

  

Figure 4. 102. SEM micrographs of EUROFER/Cu/W-alloy after tempering: (a) general view; (b) detail of 

the interface [221] 
 

Table 4. 17. Elemental composition of the phases found at the interface by EDS analysis [221]. 

 

4.6.5.  Mechanical properties of the brazed joints 
Microhardness and shear strength tests before and after tempering to assess the quality of the 

brazed joint were also carried out at URJC. The microhardness was plotted against the distance 

along the Eurofer/Cu/W-alloy joint, resulting in the profile shown in Figure 4. 103. According to it, 

the hardness of the W-alloy was not affected by the brazing cycle or the tempering treatment, since 

both measured hardness after brazing or brazing + tempering remain within the standard 

deviation of the as-received hardness (1153 ± 83 HV0.1). On the other hand, a significant drop can 

be observed in the brazed zone, with Cu being responsible. This decrease affects a zone of 

approximately 20 µm, which is in agreement with the microstructural analysis.  

Regarding EUROFER, the hardness of the base material changes significantly depending on the 

thermal treatment applied. Samples in the as-received conditions presents a hardness around 

220 HV0.1. However, the hardness increases up to 400 HV0.1 after the brazing process due to 

austenitization, regenerating the microstructure and thermal history of the material. This high 

value is in line with those reported by M. Rieth et al. in [370]. After tempering, the measured 

hardness is similar to the one of the as-received conditions. Thus, the application of the tempering 

treatment succeeded in recovering the as-received properties. 

 

Phases 

Elemental composition in at.% (EDX analysis) 

After Brazing After Brazing + PBTT 

Cu Fe Cr W Cu Fe Cr W 

1 95 5   96 4   

2 4 84 9 3 6 72 10 12 

3  46 14 39  55 10 35 
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Figure 4. 103. Microhardness profile through EUROFER/Cu/W-alloy brazed joint [221]. 
 

As previously introduced, shear strength tests were also conducted to evaluate the joint 

strength under both conditions: after brazing and brazing + tempering. Figure 4. 104 depicts the 

obtained results. After brazing, a joint strength of 394 MPa is achieved. The strength was so high 

than the clamping device used to perform the tests was deformed, preventing further 

measurements. This value indicates a high adhesion, resulting from the W participation in the 

formation of the joint, since the lack of W interaction using other interlayers or conditions usually 

results in fracture propagation through the W-braze interface [218], [375]. On the other hand, the 

tempering treatment causes a significantly decrease of the joint strength, reaching values of 

255 ± 54 MPa.  

 

Figure 4. 104. Shear strenght values after brazing and brazing + tempering measured at URJC. 
 

Fracture surfaces (Figure 4. 105) were analyzed by URJC in order to know the involved fracture 

mechanisms. In both cases the crack shifted from EUROFER-braze interface to the W-braze during 
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the crack propagation as long as the more brittle base material, usually W-alloy, withstood the 

high applied loads. Since the cooling of the tempering is performed at a rate of 5 °C/min, i.e. the 

same cooling ramp as the HIP joints (without tempering), the stresses generated should not be the 

cause of the drop in mechanical properties, unlike the HIP joints. Considering this fact, the reason 

for the decrease in mechanical properties after tempering is not clear  

  

Figure 4. 105. Fracture surfaces of the EUROFER/Cu/W-alloy: (a) after brazing; (b) after 

brazing + tempering [221]. 

4.6.6.  Diffusion bonding by HIP vs Brazing  
HIP and brazing techniques were applied to join self-passivating W-alloy to RAFM or P91 steel, 

achieving joints with high metallic continuity because of the use of a Cu interlayer, which interacts 

with the base materials. Although both techniques present completely different microstructures, 

successful joints are obtained, reaching shear strength values of 354 ± 16 MPa and 394 MPa after 

diffusion bonding by HIP and brazing process, respectively. However, after the required 

tempering treatment, the mechanical properties decrease significantly. This drop is associated, in 

the case of diffusion bonding by HIP, to the fast cooling during tempering that generates residual 

tensile stresses in the Cu interlayer, while the reason for brazing joints is not clear and needs to be 

studied in the future. 

In spite of this reduction, the strength of the joints after tempering remains higher than o 

comparable to the values existing in the literature using conventional pure W. Besides, the use of 

Cu as an interlayer is an improvement compared to other material foils, where intermetallic are 

formed at the interfaces despite using the same parameters and technique. Therefore, the selection 

of the interlayer material plays an important role in the bonding process. In this respect, the 

mechanical properties using diffusion bonding by HIP could be improved by using an oxygen-

free Cu interlayer as done at the URJC, since the formation of Si-oxide particles could be avoided. 

Furthermore, slower cooling rate during tempering should be used in order to reduce the tensile 

stresses generated in the Cu and, thus, increase the strength of the joint. To summarize, although 

optimization of diffusion bonding by HIP or brazing could be done, excellent mechanical 

properties have been achieved. 
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4.7. Industrial Up-scaling: Mechanical alloying and mock-up production  
During the development of the present thesis, the up-scaling of the W-10Cr-0.5Y powder 

fabrication by mechanical alloying at an industrial level has been started in collaboration with two 

companies. The first one was the Spanish company FMD Carbide, in whose facilities they have a 

semi-industrial attritor mill, while MBN Nanomaterialia, located in Italy, has been the second 

company that have produced the W-alloy in its High Energy Ball Mill (HEBM) facility.  In addition 

to the up-scaling process, the manufacture of mock-ups, i.e. bulk material of significantly larger 

size than the one produced to date intended for divertor mock-ups to be tested under relevant 

conditions, should be highlighted.  

In this chapter, the results obtained for mechanically alloyed powder at the facilities of the two 

aforementioned companies are shown in the following two sections, while the third section 

presents the results of the mock-ups manufacture.  

4.7.1.  Mechanical alloying at FMD Carbide Facility 
Since only about 380 g per week can be produced using the planetary ball mill of CEIT, and in 

view of adapt the powder production to an industrially scalable method, the manufacture of the 

W-10Cr-0.5Y alloy by mechanical alloying of larger quantities of powder has been carried out in 

collaboration with FMD Carbide. This company was selected because it has a semi industrial 

attritor mill in its facilities, which is much more efficient than a planetary ball mill using the same 

parameters, as can be seen in Figure 4. 106.  

 

Figure 4. 106. Time to reach similar particles sizes during milling of TiB2 powder in: a planetary ball mill 

(left) and an attritor (right) [266].  
 

Two batches of unalloyed W-10Cr-0.5Y powders of 2 to 4 kg each were supplied to FMD 

carbide. Several trials were performed in which milling velocity, ball-to-powder ratio (PBR) and 

milling time of the MA process were modified in cumulative runs, i.e. the powder is added to the 

attritor mill in the first trial and kept inside the mill until the tests are completed. Only a quantity 
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ranging from 150 to 300 g of powders was removed from the attritor mill before each parameter 

modification to be sent to CEIT for X-ray diffraction characterization (XRD).  

The main parameters used in each of the seven trials carried out are summarized in Table 4. 18.  

Table 4. 18. Selection of the parameter employed for each MA. 
 

Trial 
Milling Velocity 

(rpm) 
Time (h) BPR 

First Batch  

First 100 4 20:1 

Second 150 4 10:1 

Third 

100 4 

10:1 150 4 

200 2 

Fourth 

100 4 

10:1 
150 4 

200 2 

150 9.5 

 

Second batch 

 

Fifth 100 10 

20:1 Sixth 100 20 

Seventh 100 30 
 

The variables of the first trial were selected based on the experience of the company. In order to 

decrease the BPR to 10:1 to reproduce the conditions used at Ceit, and since the ball extraction from 

the attritor mill was not feasible, the amount of powder was increased (2 kg were added to the 

previous 2 kg) while increasing as well the milling velocity up to 150 rpm, since the powder was 

not alloyed as shown in the XRD analysis of. 

Since no alloying took place after the second trial, the milling velocity was increased to 200 rpm 

for 2 h. However, at such milling velocity, high temperatures were recorded in the mill cooling 

water, thus causing some difficulties in the performance of the process. Therefore, the last trial 

with the first batch of powder was planned to be done at a lower velocity (150 rpm) for longer 

times (10 h). Unfortunately, after 9.5 h the attritor axes broke and had to be repaired.  

As mentioned above, the powders after each parameter change were analyzed by XRD to verify 

if complete alloying had taken place or not. The XRD spectra of the four powders belonging to the 

first batch are shown in Figure 4. 107.  

 

Figure 4. 107. XRD spectra of powders of the first batch after MA at different parameters (accumulated). 
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Many alloys result from a solid solution of the starting elements. This is the case of W alloys 

with Cr, which have such different properties that it is necessary to alloy them mechanically. Solid 

solution involves the entry of one atom into the crystal lattice of the other atom, causing a distortion 

in the crystal lattice. In the specific case of the alloys studied in the present thesis, it is Cr which 

enters into the W crystal lattice, resulting in a substitutional solid solution. The formation of this 

kind of solid solution gives rises to either an increase or a decrease in cell volume, depending on 

whether the incoming atom is larger or smaller than the atom in the lattice [284]. As Cr (1.25 Å) is 

a smaller atom compared to W (1.37 Å), the resultant crystalline lattice will be smaller in 

comparison to pure W and hence, the lattice parameter will be also reduced [128]. This parameter 

is, in turns, associated to the interplanar spacing as given by equation 4.22.  

𝑑 =  
𝑎

√ℎ2 + 𝑘2 + 𝑙2 
 (4.22) 

being d is the interplanar spacing, a the lattice parameter and h,k,l the Miller index.  

On the other hand, Bragg`s law relates the interplanar spacing with the angle between the 

diffracted and transmitted beam (equation 4.23  

𝜆 = 2𝑑 𝑠𝑖𝑛 𝜃 (4.23) 

where λ the wavelength of the X-rays and θ the angle between the diffracted and transmitted 

beam. Since the wavelength of the X-rays is a constant, the relationship between a and θ is inversely 

proportional. Therefore, if Cr is in solid solution, i.e. the alloying process has taken place, the lattice 

parameter has to be smaller and thus, the W peaks of the XRD have to be at positions 

corresponding to larges angles, resulting in a shift to the right compared to pure W. At the same 

time, Cr peaks are shifted to the left, until both are combined into one broader and shifted to a 

position between that of both pure elements.  

As can be seen from Figure 4. 107, the Cr and W peaks are at the same 2θ position as pure Cr 

and W, indicating that the alloying has not occurred even after the third trial, in which the powder 

was subjected to 4 h at 100 rpm, another 4 h at 150 rpm and finally, at 200 rpm for 2 h. Nevertheless, 

after subjecting the previous powder to 9.5 h at 150 rpm, the formation of a new phase can be 

appreciated, since peaks start shifting.  

A second batch of 2 kg powders was sent to FMD Carbide. In order to avoid further breakdowns 

in the attritor milling, new tests were conducted, in which the velocity milling was reduced to 100 

rpm but increasing both the PBR to 20:1 and the time. In these trials, as in the previous batch, small 

amounts of powder were removed from the attritor mill and sent to CEIT for XRD analysis. 

Specifically, such quantities were taken every 10 h. 

The resultant XRD spectra of powders of the second batch after MA at different accumulated 

times are shown in Figure 4. 108, where no alloying is detected after 30h. Besides, small peaks 

corresponding to WC appear at such time, indicating contamination from the vials and balls.  



Chapter 4 

 

188 
 

 

Figure 4. 108. XRD spectra of second batch powders after MA at 100 rpm for different times. The spectrum 

of powder after the last run of the first batch is shown just for comparison.  
 

Once the results obtained have been analyzed, it can be concluded that a high velocity milling 

of at least 150 rpm is required for a sufficiently long time to alloy the powders in an attritor mill. 

Unfortunately, this is not possible at the facility of FMD Carbide since its equipment is not 

designed to work under these conditions.  

4.7.2.  Mechanical Alloying at MBN Nanomaterialia Facility 
As yielded in the previous section, higher energy as that provided by the attritor mill is required 

to alloy the W-10Cr-0.5Y. Due to this fact, a collaboration was started with the Italian company 

MBN Nanomaterialia, in whose facilities they have a semi-industrial high energy ball mill (HEBM).  

Several explorative processing trials were performed at this facility using different conditions 

of energy and time in order to find those in which the resulting mechanically alloyed powders 

resembled those manufactured at CEIT. For that purpose, a benchmark alloyed powder was 

provided by CEIT. Once the parameters were found, a batch of about 2-3 kg was sent to CEIT, 

where it was characterized by XRD and electron microscopy. It is important to note that these 

conditions are confidential and thus, they were not revealed to CEIT and are not published in the 

present thesis.  

The XRD spectra of the powder produced by MBN together with the starting powder before 

MA and the reference alloyed powder from CEIT for comparison are shown in Figure 4. 109.  

From this figure, it can be appreciated that, although a residual Cr peak is visible, as the orange 

arrow indicates, and the maximum peak at 2θ values corresponds to pure W, peaks are broader in 

the direction of higher 2θ values compared to the starting powders, indicating there is a significant 

proportion of powder with a phase composition close to the one of CEIT, i.e. a single BCC 

metastable phase in which Cr is solved in the W lattice. 
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Figure 4. 109. XRD pattern of MBN powder after MA. The starting powder before and after MA produced 

in CEIT are also included.  
 

From the microstructural results of the MBN powder surface by electron microscopy shown in 

Figure 4. 110, a very homogeneous mixture can be seen, since no grains or lamella of different 

elements can be distinguished. However, some unalloyed Cr particles and, especially, Fe 

contamination are also observed. According to the information provided by MBN, the Fe content 

(about 2.3 wt. %) comes from the steel tools. 

 

Figure 4. 110. EDS analysis of elemental distribution at the surface of MBN powder. 
 

In addition to XRD characterization, the impurity content of the powders from MBN 

Nanomateralia were analyzed. The obtained results together with the values obtained from 

alloyed powder at CEIT are listed in Table 4. 19. 
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Table 4. 19. Impurity content of MBN powder and compared to those of manufactured at CEIT. 

 
Oxygen Content 

(ppm) 

Nitrogen Content 

(ppm) 

Carbon Content 

(ppm) 

MNB Nanomateralia 3771 1246 277 

CEIT 1400 75 300 
 

It can be observed that the C content of both powders is similar while the amount of O is almost 

3 times higher in the powder supplied by MBN. Moreover, the N content is also high, but if it were 

adsorbed on powder particles, it could be removed by degassing the capsule before HIP.  

Despite the high amount of Fe content and even if a complete alloying was not achieved, the 

MBN powder was subjected to HIP under usual conditions at CEIT (1250 °C, 140 MPa for 2 h) in 

order to study if a microstructure similar to the typical one after HIP can be obtained, i.e. a 

two-phase equilibrium solid solution with a dispersion of Y2O3 nanoparticles. The microstructure 

of the as-HIPed MBN powder is shown in Figure 4. 111.  

 

Figure 4. 111. Microstructure of MBN bulk material after HIP at 1250 °C, 140 MPa for 2h. 
 

In Figure 4. 111 three different phases can be appreciated. The identification of each of them 

was carried out by XRD and EDS analysis. According to the XRD spectrum illustrated in Figure 4. 

112, and considering the results of the EDS analysis, these 3 phases correspond to a bcc W-rich 

phase with a similar amount of Cr in solid solution than the sample from CEIT (bright phase); a 

bcc Cr-rich phase with W and Fe in solid solution (grey phase) and a (Fe,Cr)7W6 dark phase. In 

addition, a small peak of Fe oxide is also visible in XRD analysis. These observations are in 

agreement with the W-Cr-Fe ternary equilibrium diagram [366] as well as with the Fe-W and Fe-

Cr binary phase diagrams [376]. Furthermore, very fine grains with size of the main W-rich phase 

well below 500 nm along with a nanodispersion of Y2O3 particles are also observed in Figure 4. 

111.  
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Figure 4. 112. XRD pattern of the as-HIPed MBN bulk material. 
 

It is noteworthy that no nitrides were found, evidencing that the high amount of N detected in 

the impurity analysis was due to adsorption.  

Taken into account all the results, it can be concluded that the production of a material 

exhibiting the correct composition and having a very small grain size as well as the expected Y2O3 

nanodispersion after HIP is possible by milling the powders at the HEBM from MBN. 

Nevertheless, the Fe and O impurities must be reduced. For that purpose, a redesign of some 

components of the facility substituting steels parts by hard metal is necessary.  

Once some steels parts were changed by hard metal tools, MBN kept modifying the milling 

parameters in order to achieve the desirable microstructure but reducing the O and Fe content. 

From internal trials at MBN facility, two more batches of 1.5 kg each were delivered to CEIT, where 

one batch corresponds to a high energy milling while the second one to a lower energy milling.  

The XRD spectra of the two batches examined at CEIT are plotted in Figure 4. 113 along with 

the starting powder before MA and the reference powders from CEIT for comparison. A significant 

peak shift towards higher angles compared to pure W peaks of the starting powder is observed in 

both powders, indicating a higher degree of alloying, i.e. Cr is introduced in the W lattice. 

However, in high-energy powder milling, pure W peaks can be appreciated, the origin of which 

has not yet been determined. Moreover, peaks from the MBN powders are significantly broader 

than those alloyed at CEIT, pointing to the presence of extremely small crystallites sizes or large 

strains or both, which would result in smaller grain size after HIPing. On the other hand, peaks 

identified as WC are also visible, suggesting the wear from the hard metal tools during the MA 

process.  

From these spectra, it seems that the introduction of hard metal tools results in a more efficient 

milling under similar milling parameters compared to those with steel tool (Figure 4. 109).  
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Figure 4. 113. XDR pattern of two new MBN batches after MA. The starting elements and alloyed powders 

at CEIT are also included. 
 

The amount of C, N and O in the powder have been analysed by LECO at CEIT while the Fe 

content was measured by X-ray fluorescence (XRF) at MBN. The amount of impurities measured 

are summarized in Table 4. 20.  

Table 4. 20. Impurity content of MBN powders and comparison to those of reference sample from CEIT. 

 O Content (ppm) N Content (ppm) C Content (ppm) Fe (wt.%)  

MBN high energy 4990 9650 8125 5.1 

MBN low energy 5300 10644 2500 3.8 

MBN (previous trial) 3771 1246 277 2.3 

CEIT 1400 75 300 - 
 

A significant amount of O and especially of N can be observed, which is an indication of a 

possible leak in the mill, as later confirmed by MBN. The amount of C is much higher due to wear 

of the new hard metal tools. Furthermore, an increase of the Fe content is also noticed. Since both 

Fe and C content have strongly increased, it can be concluded that the new two batches have been 

much too energetic, or that milling with hard metal tools leads to a more effective milling. 

Nevertheless, the spectra of Figure 4. 109 as well as the microstructure after HIP obtained with the 

first MBN trial let us assume that a reduction of energy to avoid the introduction of impurities due 

to wear of the tools is feasible. 

4.7.3.  Divertor Mock-ups Fabrication  
Although the self-passivating W-alloys cannot be used as divertor material at those areas 

receiving highest power load because their heat removal capacity is not sufficiently large, these 

alloys might be employed in those areas of the divertor where the thermal loads due to plasma 

bombardment, radiation and nuclear heating are not so high. In order to test if these alloys can 

withstand such medium loads, the fabrication of a mock-up of W-10Cr-0.5Y alloy was 

accomplished. The mock-ups consist of W blocks with CuCrZr inserts as cooling tubes. Both 
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materials are usually joint by hot radial pressing (HRP) although they can also be joint by brazing 

or HIP. In the present thesis, the fabrication of the divertor mock-up was carried out in 

collaboration with ENEA, where CEIT have provided the W-10Cr-0.5Y tiles while ENEA has 

performed the joint to a CuCrZr tube by HRP.  

As mentioned above, W-alloys must be joint to a CuCrZr pipe. However, both materials exhibit 

very different CTE, which generates stresses, difficulting the joint.  Because of this, a Cu interlayer 

is used as described in [377]. As a first step, samples of WCr-Y-alloys were sent to ENEA, where 

they were subjected to wettability tests of Cu at temperatures just below its melting point. The 

microstructure of the resultant samples, which were analysed at CEIT, is shown in Figure 4. 114. 

As can be seen, Cu infiltrates through the GBs down to 3 µm, indicating a good wettability.  

 

Figure 4. 114. Cross-section of the W-10Cr-0.5Y alloy after wettability test of Cu at ENEA. 
 

Once a good wettability has been ensured, 5 blocks of W-10Cr-0.5Y HT alloy have been 

manufactured according to the dimensions given in Figure 4. 115.  

 

Figure 4. 115. Required dimensions of W-alloy tiles for divertor mock-up fabrication. 
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For such fabrication, an amount of 2.2 kg of W-10Cr-0.5Y powder with a homogeneous 

distribution and controlled amount of impurities has been produced by MA. To obtain such quality 

of powder, each powder batch were analysed by XRD to ensure that no unalloyed particles were 

present. The impurity level was measured not only in each powder batch, but also after the mixing 

of all of them, whose values in summarized in the following table.  

O Content (ppm) N Content (ppm) C Content (ppm) 

1360 140 380 
 

As can be appreciated, the amount of O corresponds to the one required to bond the whole Y 

content to form Y2O3 while the amounts of N and C are within acceptable limits.  

The MA powders were introduced into a 57 mm Ø and 87 mm high steel canister that was 

encapsulated and seal prior to the HIP process. It is important to note that such dimensions had 

never been produced before. The HIPing process has been performed at 1250 °C, 140 MPa for 3 h. 

The time has been slightly increased compared to previous HIP cycles as the amount of powder to 

be sintered this time has been much higher. After HIP and HT the relative density was measure, 

obtaining a value of 98%. The steel canister containing the W-10Cr-0.5Y powders before and after 

the HIP cycle is shown in Figure 4. 116.  

 

Figure 4. 116. Steel canister before (left) and after HIP (right).  
 

 After HIP and removal of the steel capsule and subsequent HT, the cylinder has been send to 

an external workshop for machining the 5 W-alloys blocks, which are shown in Figure 4. 117.  

 

Figure 4. 117. W-10Cr-0.5Y tiles. Red arrows indicates defects at the edges. 
 

Due to the hardness and brittleness of the material, some difficulties arose during cutting: the 

sharp edges of the mock-ups according to the drawing acted as stress concentrators causing crack 
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relaxation. For this reason, some of the final samples exhibited defects at the edged, as indicated 

by the red arrows in Figure 4. 117. 

The 5 blocks were delivered to ENEA, where the mock-up will be assembled. Once this step is 

completed, the mock-up will be tested in GLADIS at IPP.  



 

 
 

JK 
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5. Conclusions

In the present thesis, W-Cr-Y(-Zr) based alloys have been studied as possible candidate 

materials for the blanket FW of DEMO. These alloys have been manufactured and 

characterized, carrying out a comprehensive analysis of their properties. Besides, they have 

been tested under DEMO relevant operating conditions. The following conclusions can be 

highlighted from the obtained results:  

o The mechanical alloying process affects the mechanical properties of the obtained

bulk material, since unalloyed Cr particles play an active role in the pore formation

during the heat treatment due to the Kirkendall effect associated to the much higher

mobility of Cr atoms compared to W ones.

o The microstructure of the heat treated W-10Cr-0.5Y-alloy is thermally stable over

long times (3000 h) at the maximum temperature of operation (650 °C) without

modification of grain size, density and hardness. At higher temperatures, the
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metastable single phase begins to decompose, giving rise to an ultra-fine, vermicular 

shaped, two-phase microstructure.  

o The addition of Zr to the W-10Cr-0.5Y alloy improves its thermal shock resistance

while maintaining similar mechanical properties and oxidation behavior. It was not

possible to explain this improvement neither by its thermo-physical properties (CTE,

thermal conductivity) nor by its microstructural features (ultrafine-grained with

nanoparticle dispersion).

o The oxidation resistance of both W-Cr-Y and W-Cr-Y-Zr alloys is comparably good,

confirming the strong reduction of oxidation rate for both alloys compared to pure

W and indicating that the presence of Zr-Y-oxide nanoparticles also contributes to

form a protective Cr2O3 layer with a strong improvement of oxidation resistance.

o The W-Cr-Y alloy with an ultrafine two-phase microstructure obtained after solid-

solution decomposition at 1000°C for 100 h) do not present relevant differences in

oxidation behavior compared to the single-phase alloy obtained after HIP + HT. The

same is true for the as-HIPed alloy exhibiting a two-phase microstructure with

equiaxed grains.

o After neutron irradiation to a dose up to 0.3 dpa, mechanical properties of the

W-alloy increase with increasing irradiation temperature, being significantly higher

after irradiation at 1000 °C. At such a temperature, a strength of a factor 2-3 is

achieved at test temperatures from RT to 500 °C compared to the unirradiated

material, with a maximum strength of 1.7 GPa at a test temperature of 500 °C. Since

the irradiation tests were performed over a period of 50 days, the samples tested at

1000 °C experience a solid-solution decomposion, exhibiting an ultrafine-grained

two-phase microstructure. Therefore, the significantly higher strength observed

after neutron irradiation can be associated, at least partially, to this microstructure.

o The ion irradiated as-HIPed W10Cr-0.5Y-alloy presents 33% less deuterium retained

compared to pure W at a deuterium implantation temperature of 250 °C. Such a

difference is likely due to the presence of Cr as it forms W-Cr dumbbells that

promote the recombination of W self-interstitials atoms produced by irradiation

with a nearby vacancy. Hence, Cr is a good alloying element also from the point of

view of radiation damage, as it not only reduces the density of surviving vacancies,

being the most effective trapping sites for deuterium, but it does not precipitate,

thus, preventing irradiation hardening.

o Technological development of self-passivating W-10Cr-0.5Y alloy:

- Joints between HIP+HTed W10Cr-0.5Y-alloy and P91 or Eurofer steels with high

shear strength have been achieved using both diffusion bonding by HIP and 

brazing techniques, as values of 354 and 394 MPa, respectively, have been 

reached. Such values are currently among the highest found in the literature for 

the joining of these materials. To achieve them, the introduction of a pure Cu 

interlayer is key, since not only avoids the formation of intermetallics at the joint 

compared to other materials, but also allows to accommodate the stresses 
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generated between the base materials due to the large difference between their 

CTEs.  

- Blocks of HIP + HTed W-10Cr-0.5Y alloy of dimensions 23 x 28 x 12 mm3 to be 

joined to a CuCrZr tube by Hot Radial Pressing at ENEA have been successfully 

fabricated, involving the manufacture of approximately 2 kg powder for the 

filling of a steel capsule of 57 mm Ø and 87 mm high.  These mock-ups will be 

tested under the heat loads expected at those parts of the divertor outside the 

separatrix, thus receiving lower power loads. 

- Powder manufacturing by MA at industrial level has been carried out with the 

company MBN Nanomaterialia SpA, the results of which have been very 

promising, since, despite the high Fe content, as-HIPed material has been 

obtained with microstructure similar to the required one.   
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6. Future Work

Based on the conclusions drawn in the present dissertation, the following lines are suggested to 

be explored in future work:  

o The characterization of the Zr-containing alloy should be completed by further TEM

analysis in order to identify the nanoparticles present in it as well as to determine their

number density and distribution.

o Modeling of the microstructural evolution during the spinodal decomposition process.

o Study of the thermos-physical properties of the alloys with spinodal microstructure.

o Study of the thermo-physical properties of the alloy with Zr where this element is in an

optimal amount to bind all the residual oxygen coming from both the MA process and the

dehydrogenation heat treatment. Moreover, these properties must be related to the thermal

shock parameter parameter R.
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o Analysis of the parabolic onset during isothermal oxidation processes and correlation with

the proposed oxidation mechanism.

o Manufacturing of W-alloy joints to RAFMs by diffusion bonding with HIP, using an oxygen-

free copper foil. Study of the mechanical properties, thermal stability and HHF behavior of

the resulting joints.

o Optimization of upscaling of MA of W-alloy powders at (semi)industrial level by

collaboration with the company MBN Nanomaterialia. Removal of Fe contamination due to

the adaptation of the pilot plant using WC tools as well as continuation of the parameter

study to reduce C contamination as much as possible and to avoid leaks increasing O and

N contents.

o Explore the fabrication of W-alloy joints to CuCrZr tubes by diffusion bonding via HIP. The

interest in joining the W-alloys to CuCrZr is the fact that CuCrZr it is the baseline heat-sink

material for divertor cooling, which could be made of our W-alloys in the areas far away

from the separatrix, i.e. in the zones with lower thermal loads.

o Study of the possible superplastic behavior of as-HIPed W-10Cr-0.5Y-0.5Zr alloy at high

temperatures.
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A B S T R A C T

Compared to pure tungsten, self-passivating tungsten based alloys for the first wall armor of future fusion re-
actors shall provide a major safety advantage in case of a loss-of-coolant accident with simultaneous air ingress,
due to the formation of a stable protective scale at high temperatures in presence of oxygen preventing the
formation of volatile and radioactive WO3. Recently developed W-Cr-Y alloys produced by mechanical alloying
and hot isostatic pressing (HIP) exhibit a strong reduction of oxidation rate compared to pure W and high
mechanical strength. A heat treatment after HIP at 1555 °C results in a one-phase material with a high thermal
shock resistance. Nevertheless, the microstructure is metastable and its thermal stability under operational
conditions has to be assessed. In this work results of thermal stability tests on heat treated W-10Cr-0.5Y alloy
subjected to temperatures of 650, 700, 800 and 1000 °C for times ranging from 50 to 1000 h are presented. After
1000 h at 650 °C and 100 h at 700 °C no visible change of the microstructure is detected. After 100 h at 1000 °C a
complete decomposition takes place with the formation of a uniform, fine-scale mixture of W- and Cr-rich
phases, typical for spinodal decomposition.

1. Introduction

In DEMO, a potential loss-of-coolant accident with simultaneous air
ingress into the vacuum vessel would lead to temperatures of the in-
vessel components above 1000 °C because of the decay heat [1]. Under
this situation, the use of pure tungsten, presently planned for the
blanket first wall (FW) armour [2], represents a potential safety issue
due to its high oxidation rate at high temperatures, which would lead to
full oxidation of the armour layer. Since tungsten oxide is rather vo-
latile at the involved temperatures, part of the tungsten would be mo-
bilized with the consequent release of highly activated species [3]. In
previous works it has been demonstrated that the addition of oxide
forming alloying elements to pure tungsten results in the growth of a
stable protective oxide scale that prevents tungsten from oxidation at
high temperatures in presence of oxygen [4–6], thus avoiding the risk of
radioactive release during such a scenario. During normal operation,
the surface of this self-passivating alloy will consist of pure tungsten,
owing to preferential sputtering of the alloying elements.

In recent years bulk alloys of the system W-Cr-Y have been manu-
factured by mechanical alloying (MA) and subsequent hot isostatic
pressing (HIP) [5] or spark plasma sintering (SPS) [6], resulting in a
strong reduction of the oxidation rate compared to pure tungsten, as

demonstrated by isothermal oxidation tests at 1000 °C lasting for up to
20 days [5,6] as well as by tests simulating accident-like conditions up
to 1000 °C [5]. Alloys containing 10–11wt.% Cr and 0.5–1% Y ex-
hibited a linear oxidation rate 3–4 orders of magnitude lower than pure
W at the 800–1000 °C temperature range due to the formation of a thin
protective Cr2O3 layer reinforced and stabilized by a Y2W3O12 phase
formed at the surface and inside the Cr2O3 scale [5]. The materials
produced by the MA+HIP route are fully dense; after HIPing at
1250 °C they consist of two bcc phases with compositions in agreement
with the W-Cr phase diagram (Fig. 1 [7]): a (αW,Cr) main phase with
minor presence of (αCr,W). The oxygen introduced during the MA
process (˜0.15 wt.% [5]) combines with the Y to produce a Y2O3 na-
noparticle dispersion contributing to inhibit grain growth and to re-
inforce the material. Nevertheless, the presence of two phases with
different thermal expansion properties is not beneficial in view of a
high thermal shock resistance. The material of the blanket FW requires
sufficiently high thermal shock resistance to withstand ELMs -of sig-
nificant lower heat load than those at the divertor- and especially the
photon flashes produced during massive gas injection to avoid or mi-
tigate disruptions, which result in thermal loads of similar magnitude
than a single ELM pulse at the divertor [8]. To produce an alloy con-
sisting of a single phase, the as-HIPed W-10Cr-0.5Y alloy was subjected
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to a heat treatment (HT) at 1550 °C, which for a Cr content of 10 wt.% is
just above the temperature at which the miscibility gap between the
two bcc phases disappears. In fact, a practically one phase material was
obtained with moderate grain growth and some coarsening of the Y2O3

nanoparticles. The as-HIPed and HIP+HTed materials were exposed to
1000 heat pulses of 0.38 GW/m2 for 1ms at 400 °C at the JUDITH-1
facility [9] simulating the conditions expected during ELMs in the di-
vertor. While the surface of the as-HIPed material was chipped, the
material after HT exhibited just a crack network with no chipping and a
reduced surface roughness compared to pure W grade reference mate-
rial IGP W [10]. The HTed W-10Cr-0.5Y alloy exhibited a larger crack
density than the pure W reference material, but the crack length and
width was significantly lower for the alloy than for pure W [5]. All
these results allow us to assume that W-Cr-Y alloys manufactured by
MA+HIP and a subsequent HT above the spinodal decomposition
temperature are promising materials for application at the blanket FW.
However, the microstructure after the HT is metastable at the tem-
perature of operation, where the alloy falls into the region of the mis-
cibility gap. Thus, it is important to assess its thermal stability after
ageing tests under temperatures corresponding to operational condi-
tions for relevant times.

The maximum temperature at the blanket FW armour under steady
state conditions can be estimated taking into account the expected heat
flux density from the plasma. According to Arbeiter et al. [11], the
maximum heat flux density for a helium cooled FW is ˜2MW/m2,
mainly limited by the low thermal conductivity of the Eurofer structural
steel of ˜30W/(m·K), and taking into account its upper temperature
limit of around 550 °C, where a significant decrease of yield and creep
strength occurs. Assuming a FW thickness of 2–3mm and taking into
account the thermal conductivity of the W-10Cr-0.5Y alloy of 55–56W/
(m·K) at 500–600 °C [5], the expected temperature increase at the FW
surface, given by =T Q L λΔ · / (where Q = heat flux density, L = FW
thickness and λ=FW thermal conductivity), is in the range 70–110 °C.
Thus, the maximum temperature expected at the FW will be of the order
of 550+110=660 °C.

In the present work a study of the microstructure of HIP+HTed W-
10Cr-0.5Y alloy subjected to temperatures of 650 °C for up to 1000 h are
presented in order to evaluate its stability under normal operation
conditions. This temperature has been selected taking into account the
above considerations about the maximum temperature expected at the
FW. Besides, similar tests at 700, 800 and 1000 °C for times between 50
and 1000 h are presented, to explore the limits of the material.

2. Experimental details

Elemental powders of pure W (99.95%, 20 μm), Cr
(99.95%,<74 μm) and Y (99.9%, 20–30 μm) were used to produce a
W-Cr-Y alloy with 10wt.% Cr and 0.5 wt.% Y. The starting powders
were mechanically alloyed under Ar atmosphere in a planetary ball mill
using WC grinding jars and balls. The MA parameters were optimized to
obtain a homogeneously alloyed powder at the minimum milling time
to keep impurities from jars and balls as low as possible. The alloyed
powder was introduced in metallic capsules which were evacuated,
degassed, sealed and HIPed at 1250 °C for 2 h at 150MPa. After HIP a
heat treatment was performed at 1555 °C for 2 h under H2 atmosphere
to produce a single bcc phase material (see Fig. 1). This temperature
was 5 °C higher than in previous works to assure that no residual Cr-rich
phase is present, but still below 1560 °C, the temperature of the eutectic
W-Y2O3 [12], above which a significant growth of the previously de-
scribed Y2O3 nanoparticles would occur.

Ageing tests were performed by introducing HIP+HTed W-10Cr-
0.5Y samples of about 5mm×5mm × ˜3mm in steel capsules which
were evacuated, degassed and sealed. The capsules were subsequently
heated in a furnace to 650 °C for 100 and 1000 h, as well as to 700 °C
and 800 °C for 100 h and to 1000 °C for 50 and 100 h. The micro-
structure of the bulk material after the ageing tests was examined by
field emission scanning electron microscopy. The relative density of the
samples after HIP, HT and before and after each ageing test was de-
termined from the geometrical density, measured by the Archimedes
method, and the theoretical density, obtained by the rule of mixtures.
X-ray diffraction (XRD) spectra of samples before and after each ageing
test were measured in a D8 Advance A25 diffractometer (Bruker) using
Cu Kα radiation.

3. Results

The microstructure of the W-10Cr-0.5Y alloy after HIP and sub-
sequent HT at 1555 °C is shown in Fig. 2. It consists of a single (αW,Cr)
phase with equiaxed grains of average size ≤ 1 μm. The black minority
phase corresponds to the Y2O3 particles, located mainly at the grain
boundaries (GB). The relative density of the as-HIPed material was>
99%. After HT a slight density reduction is observed, probably due to
residual Ar gas trapped in the powders during MA forming micro-pores
which collapse during HIPing, while they growth if a HT without
pressure is performed at a temperature higher than the one of the HIP
cycle.

Before the tests, the relative density of the samples used for the
ageing tests was in the range 98–99%. In Fig. 3 the microstructure of
the samples after the ageing tests is shown. After 100 h (not included in
Fig. 3) and 1000 h at 650 °C (Fig. 3a) there are no appreciable changes
in the microstructure. The density after the tests remains also un-
changed. The XRD spectra of the samples before and after the ageing

Fig. 1. W-Cr phase diagram [7]. The HIP and HT temperatures as well as the
temperature of the ageing tests for the Cr content of the alloy are marked.

Fig. 2. Microstructure of the W-10Cr-0.5Y alloy after HIP at 1250 °C and HT at
1555 °C.

E. Sal, et al. Fusion Engineering and Design 146 (2019) 1596–1599

1597



tests (Fig. 4) confirm that no phase separation has taken place (only the
(αW,Cr) peaks are visible at the same position before and after ageing
at 650 °C) and that no peak broadening occurs, indicating that diffusion
driven processes are very slow at 650 °C. After 100 h at 700 °C the same
observations as for 650 °C can be made: no change in the microstructure
(Fig. 3b) compared to the sample before the tests (Fig. 1), no change in
density, no change in the XRD spectrum (not included in Fig. 4).

After 100 h at 800 °C (Fig. 3c) a slight grain growth due to Oswald
ripening is observed. A detail of the microstructure at higher

magnification (Fig. 3d) reveals that phase decomposition has started at
the GB in form of lamellae of Cr-rich (dark) and W-rich phase (bright).
These observations are similar to those of Vilemova et al. [13] for a W-
10Cr-1Hf alloy manufactured by MA and spark plasma sintering after
annealing at 1000 °C for 10 h. The mechanism for the formation of such
a lamellar structure is described in [14]. Besides, it can be observed that
the Cr-rich phase nucleates preferentially at the Y2O3 particles, as in-
dicated by the arrow in Fig. 3d. Again, no significant density change is
observed. Also the XRD spectrum (Fig. 4) is unaltered compared to the
one before the tests, since the emerging phases at the lamellae are still
too small and scarce to be detected by XRD.

After 50 h and 100 h at 1000 °C the microstructure exhibits a com-
plete phase decomposition (Fig. 3e and f) with significant grain re-
finement, more pronounced for the longer time. The original W-rich
matrix is consumed and the emerging Cr-rich phase develops a vermi-
cular shape, typical for spinodal decomposition [14]. The XRD spectra
for 50 and 100 h are very similar, with the appearance of the (αCr,W)
peaks and the shift of the (αW,Cr) peaks to lower 2θ values, i.e. with
less Cr in solid solution. The lattice parameters deduced from these
values correspond to a composition of the Cr-rich phase close to equi-
librium at the W-Cr phase diagram for 1000 °C [7], while the W-rich
phase has a higher Cr content than expected, indicating that equili-
brium has not been completely reached and that diffusion driven pro-
cesses are still relatively slow at 1000 °C. After 50 h at 1000 °C the
density is unaltered, while after 100 h a density decreases of 1.8% is
observed. The reasons for this decrease are not clear and need to be

Fig. 3. Microstructure of the HIP+HTed W-10Cr-0.5Y alloy after ageing tests at different temperatures and dwell times.

Fig. 4. XRD spectra of the HIP+HTed W-10Cr-0.5Y sample before and after
ageing tests.
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further investigated.

4. Conclusions

Self-passivating W-10Cr-0.5Y alloy has been manufactured by MA,
HIPing at 1250 °C and subsequent HT at 1555 °C to obtain a single-
phase material, which has been proved to exhibit a high thermal shock
resistance. In this work, the microstructural stability of this alloy has
been evaluated for its use as blanket FW material. ˜650 °C can be con-
sidered the maximum temperature expected at the FW under normal
operation conditions in a He cooled FW with Eurofer as structural
material. After 1000 h at 650 °C no changes in microstructure and
density can be appreciated, indicating a good thermal stability of the
alloy under this conditions. After 100 h at 700 °C also no appreciable
changes are observed. After 100 h at 800 °C slight grain growth and an
incipient decomposition at the GB in form of Cr-rich and W-rich la-
mellae is observed. After 50 and 100 h at 1000 °C a complete phase
decomposition can be found with the formation of a fine-scale mixture
of W- and Cr-rich phases and significant grain refinement.

Next steps in the development of this material include the mea-
surement of the most relevant properties after ageing (oxidation,
thermal shock resistance), the investigation of its properties after neu-
tron irradiation and the study of different ways to join this alloy to
Eurofer steel, among others.

Acknowledgments

This work has been carried out within the framework of the
EUROfusion Consortium and has received funding from the Euratom
research and training programme 2014-2018 under grant agreement No

633053 and from the Basque Government (ELKARTEK FRONTIERS III
KK-2017/00096). The views and opinions expressed herein do not ne-
cessarily reflect those of the European Commission.

References

[1] D. Maisonnier, et al., A Conceptual Study of Commercial Fusion Power Plants, Final
Report, (2005) EFDA-RP-RE-5.0.

[2] R. Neu, et al., Advanced tungsten materials for plasma-facing components of DEMO
and fusion power plants, Fusion Eng. Des. 109-11 A (2016) 1–7.

[3] N.P. Taylor, R. Pampin, Activation properties of tungsten as a first wall protection
in fusion power plants, Fusion Eng. Des. 81 (2006) 1333–1338.

[4] P. López, et al., Manufacturing of self-passivating W-Cr-Si alloys by mechanical
alloying and HIP, Fusion Eng. Des. 86 (2011) 1719–1723.

[5] A. Calvo, et al., Self-passivating tungsten alloys of the system W-Cr-Y for high
temperature applications, Int. J. Refract. Met. Hard Mater. 73 (2018) 29–37.

[6] A. Litnovsky, et al., Smart first wall materials for intrinsic safety of a fusion power
plant, Fusion Eng. Des. 136 (2018) 878–882 in press.

[7] S.V.N. Naidu, et al., The Cr−W (Chromium−Tungsten) system, Bull. Alloy Phase
Diagr. 5 (1984) 289–292.

[8] A. Calvo, et al., Manufacturing and testing of self-passivating tungsten alloys of
different composition, Nucl. Mater. Energy 9 (2016) 422–429.

[9] R. Duwe, et al., The new electron beam facility for material testing in hot cells –
design and preliminary experience, Fusion Technol. (1994) 355–358.

[10] M. Wirtz, J. Linke, T. Loewenhoff, G. Pintsuk, I. Uytdenhouwen, Thermal shock
tests to qualify different tungsten grades as plasma facing material, Physica Scrypta
T167 (2016) 14015.

[11] F. Arbeiter, et al., Thermal-hydraulics of helium cooled First Wall channels and
scoping investigations on performance improvement by application of ribs and
mixing devices, Fusion Eng. Des. 109–111 (2016) 1123–1129.

[12] M.-N. Avettand-Fènoël, R. Taillard, J. Dhers, J. Foct, Effect of ball milling para-
meters on the microstructure of W–Y powders and sintered samples, Int. J. Refract.
Met. Hard Mat. 21 (2003) 205–213.

[13] M. Vilemova, et al., Microstructure and phase stability of W-Cr alloy prepared by
spark plasma sintering, Fusion Eng. Des. 127 (2018) 173–178.

[14] H. Ramanarayan, T.A. Abinandanan, Grain boundary effects on spinodal decom-
position II. Discontinuous microstructures, Acta Mater. 52 (2004) 921–930.

E. Sal, et al. Fusion Engineering and Design 146 (2019) 1596–1599

1599

http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0005
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0005
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0010
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0010
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0015
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0015
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0020
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0020
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0025
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0025
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0030
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0030
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0035
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0035
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0040
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0040
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0045
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0045
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0050
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0050
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0050
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0055
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0055
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0055
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0060
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0060
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0060
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0065
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0065
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0070
http://refhub.elsevier.com/S0920-3796(19)30318-7/sbref0070


Contents lists available at ScienceDirect

Nuclear Materials and Energy

journal homepage: www.elsevier.com/locate/nme

Microstructure, oxidation behaviour and thermal shock resistance of self-
passivating W-Cr-Y-Zr alloys
Elisa Sala,b, Carmen García-Rosalesa,b,⁎, Karsten Schlueterc,d, Katja Hungerc, Mauricio Gagoe,
Marius Wirtze, Aida Calvoa,b, Iñigo Anduezaa, Rudolf Neuc,d, Gerald Pintsuke
a Ceit Technology Center, 20018 San Sebastian, Spain
bUniversidad de Navarra, Tecnun, 20018 San Sebastian, Spain
cMax-Planck-Institut für Plasmaphysik, 85748 Garching, Germany
d Technische Universität München, 85748 Garching, Germany
e Forchungszentrum Jülich GmbH, Institute of Energy and Climate Research, 52425 Jülich, Germany

A R T I C L E I N F O

Keywords:
Self-passivating tungsten alloy
Oxidation resistance
Thermal shock resistance
Plasma-facing materials

A B S T R A C T

Self-passivating tungsten based alloys for the first wall armor of future fusion reactors are expected to provide an
important safety advantage compare to pure tungsten in case of a loss-of-coolant accident with simultaneous air
ingress, due to the formation of a stable protective scale at high temperatures in presence of oxygen preventing
the formation of volatile and radioactive WO3. In this work, Zr is added to self-passivating W-10Cr-0.5Y alloy,
manufactured by mechanical alloying and HIP, in view of improving its mechanical strength and thus, its
thermal shock resistance. The as-HIPed W-10Cr-0.5Y-0.5Zr exhibits a nanocrystalline microstructure with the
presence of an extremely fine nanoparticle dispersion. After heat treatment at 1555 °C for 1.5 h, the grain size
growths from less than 100 nm to 620 nm and nanoparticles are present both at the grain boundaries and inside
the grains. Oxidation tests at 1000 °C revealed that the alloy with Zr exhibits also a strong oxidation reduction
compared to pure W. The long-term oxidation rate is similar to that of the alloy without Zr. Under thermal shock
loading simulating 1000 ELM-like pulses at the divertor, the heat treated Zr-containing alloy did not present any
damage.

1. Introduction

Tungsten is currently the main candidate armor material for plasma
facing components of future fusion reactors such as DEMO. However,
the use of pure tungsten implies a potential risk in terms of safety. In
case of a loss-of-coolant accident with simultaneous air ingress, a
temperature increase of the in-vessel components above 1000 °C is
expected due to the decay heat, remaining at high temperature for tens
of days [1]. Under this situation, the use of pure tungsten would result
in full oxidation of the armor because of its high oxidation rate at high
temperatures, causing the formation of volatile and radioactive tung-
sten oxides that could be released to the atmosphere [2,3]. A possible
way to avoid this safety issue is the addition of oxide-forming alloying
elements to pure tungsten, resulting in the formation of a self-passi-
vating layer at high temperatures in presence of oxygen. Besides high
affinity to oxygen to form stable oxides with high melting temperature,
the alloying elements have to form adherent oxide scales and to exhibit
low volume increase of the oxides and low activation by neutron

irradiation [4–7]. During normal operation, the surface of the self-
passivating alloy will consist of pure tungsten due to preferential
sputtering of the alloying elements by plasma ions. The material of the
blanket first wall (FW) requires a high thermal shock resistance to
withstand, not only the expected thermal load during normal plasma
operation, but also transient thermal loads like so-called edge localized
modes (ELMs), during which a large amount of energy is loaded on the
plasma facing materials in a very short time [8].

In previous works [9], it has been shown that bulk alloys of the
system W-Cr-Y, manufactured by mechanical alloying (MA) and sub-
sequent hot isostatic pressing (HIP) with an additional heat treatment at
1550 °C present acceptable mechanical properties and good thermal
shock resistance. Furthermore, these self-passivating alloys result in a
reduction of the oxidation rate by 3–4 orders of magnitude at tem-
peratures up to 1000 °C compared to pure tungsten [10–12]. In other
investigations [13–16] Zr was added to tungsten in view of improving
its mechanical properties by strengthening the grain boundaries (GBs)
with a nanodispersion of ZrO2. In this way, Zr “cleans” the GBs from
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oxygen. Besides, Z.M. Xie et al [17] reported the existence of a coherent
interface between tungsten and ZrC dispersoids contributing to lock GB
sliding, thus increasing their cohesion. This mechanism allows im-
proving the strength and ductility of tungsten. In this context, adding
elemental Zr to W-Cr-Y alloys would lead to its combination with un-
desirable interstitial oxygen and carbon introduced by MA. On the
other hand, Zr may also contribute to improve the oxidation resistance,
as recently reported for thin film alloys of the system W-Cr-Zr [18],
with a comparable passivating behaviour to thin films of W-Cr-Y [11].
The addition of Zr in form of ZrC may also be of interest to produce a
strengthening of the GBs.

The aim of this research is to develop Zr-containing self-passivating
alloys with good oxidation resistance and high thermal shock resistance
improving the results obtained in previous work with the W-10Cr-0.5Y
system. In the present work, three different systems with compositions
W–10Cr-0.5Zr, W-10Cr-0.5Y-0.5ZrC and W–10Cr–0.5Y–0.5Zr are
manufactured by MA and HIP. Screening oxidation tests are performed
to select the best alloy regarding oxidation and thus, the best way for
introducing Zr (in elemental form or as a carbide). The selected Zr-
containing alloy is subjected to oxidation and thermal shock tests. The
results of these tests as well as microstructural analysis are presented
and compared to the W-10Cr-0.5Y alloy of previous investigations.

2. Experimental

Elemental powders of pure W (99.95%, 15–30 µm), Cr (99.95%,
74 µm), Y (99.9% 40–50 µm) and Zr (99%, 4.5–6.5 µm), as well as ZrC
(99.5%, 44 µm) were used to produce samples of four different systems:
W-Cr-Y (considered as reference alloy), W–Cr-Zr, W-Cr-ZrC and W-Cr-Y-
Zr. The Cr and Y contents were 10 wt% and 0.5%, respectively, for all
systems, and the ZrC or Zr contents 0.5 wt%. These powders were

mechanically alloyed under Ar atmosphere in a planetary ball mill
using WC balls and jars. The MA parameters were those considered as
optimum for the W-Cr-Y system in previous work [19]. Metallic cap-
sules with the alloyed powder were evacuated, degassed, sealed and
HIPed at 1250 °C for 2 h at 140 MPa. A HT at 1555 °C for 1.5 h under
hydrogen atmosphere was performed on HIPed samples to obtain a
single-phase material. The density of the samples was determined by
the Archimedes method and from weight and volume. The theoretical
density was calculated by the rule of mixtures. Powders and bulk
samples were characterized by field emission scanning electron mi-
croscopy (FE-SEM) and energy dispersive X-ray spectroscopy (EDS) as
well as by X-ray diffraction (XRD). The average grain size of materials
after HIP or HT was determined by quantitative metallography. The
oxygen and nitrogen contents of powders bulk samples were measured
with a LECO TC-400, using the inert gas fusion method (ASTM E1569),
and the carbon content by the combustion method with a LECO CS-200
(ASTM E1019).

In a first step, samples of each system were exposed to isothermal
oxidation in a furnace under atmospheric air at 1000 °C for 24 h as a
kind of screening to select the best system regarding oxidation. Then,
the selected system (W-Cr-Y-Zr) was tested under isothermal oxidation
at 1000 °C up to 60 h by thermogravimetric analysis (TGA) using a
mixture of 80 vol% Ar and 20 vol% O2 at atmospheric pressure with
preheating and cooling down both in Ar. The mass gain of the samples
due to oxide formation was measured by a thermobalance with a sen-
sitivity of 0.025 μg. The procedure is described in detail in [20]. Oxi-
dation tests simulating accident-like conditions were also conducted.
These tests consisted of a preheating in Ar up to 600 °C followed by
oxidation in a mixture of 80 vol% Ar and 20 vol% O2 at linear in-
creasing temperature from 600 to 1000 °C during about 17 h, two
isothermal oxidation steps in Ar/20% O2 at 1000 °C for 1 h, each of

Fig. 1. FEG-SEM images after HIP of (a) W-10Cr-0.5Y, (b) W-10Cr-0.5Y-0.5Zr, (c) W–10Cr–0.5Zr and (d) W-10Cr-0.5Y-0.5ZrC alloys.
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them followed by isothermal steps in Ar (without O2) at 1000 °C for 1 h,
and cooling down in Ar. Surfaces and cross sections of oxidized samples
were analyzed by FE-SEM, EDS and focused ion beam (FIB).

Thermal shock tests were performed at the linear plasma device PSI-
2 on samples of dimensions 10 × 10 × 5 mm3. The procedure is de-
scribed in detail in [21]. Samples were exposed at a base temperature of
400 °C to loads consisting of 100 and 1000 pulses with power densities
of 0.19 GW/m2 (only 1000 pulses) and 0.38 GW/m2 for 1 ms to si-
mulate the conditions expected at the divertor under ELMS. Samples
were also subjected to one disruption-like load of 1.6 GW/m2 and 2 ms
duration to simulate a disruption event. After exposure to both ELMs-
and disruption loads, the surface and cross section of the samples were
analyzed by optical microscopy.

3. Results and discussion

3.1. Screening of Zr-containing alloys

Mechanically alloyed powders of compositions W–10Cr–0.5Y, W-
10Cr-0.5Zr, W–10Cr–0.5Y-0.5Zr and W-10Cr-0.5Y-0.5ZrC were en-
capsulated, sealed and HIPed at 1250 °C for 2 h. The relative density
was in all cases practically 100%.

3.1.1. Microstructure
In Fig. 1 the microstructure of the as-HIPed W-10Cr-0.5Y-0.5Zr, W-

10Cr-0.5Zr and W-10Cr-0.5Y-0.5ZrC is shown and compared to the one
of the reference W-10Cr-0.5Y alloy, whose grain size is 110 ± 4 nm
[9]. When comparing the microstructure of the W-10Cr-0.5Y-0.5Zr
alloy (Fig. 1(b)) with the one of the reference alloy W-10Cr-0.5Y
(Fig. 1(a)) it can be clearly seen that the addition of elemental Zr to W-
10Cr-0.5Y results in a significant reduction of particle size: matrix
grains with average size well below 100 nm and a higher density of
significantly smaller nanoparticles (NPs) are appreciated in the W-10Cr-
0.5Y-0.5Zr alloy. This is an indication that both Y and Zr are very ef-
ficient inhibitors of grain growth. The Y-rich and Zr-rich NPs cannot be
distinguished, and TEM analysis would be required to identify them and
to determine whether Zr is present in form of ZrO2 or also as ZrC. It is
assumed that most of the elemental Zr will form ZrO2 due to its much
more negative Gibb’s energy of formation compared to ZrC (−1092 kJ/
mol at RT for the oxide compared to –96 kJ/mol for the carbide [22]).
Nevertheless, it is likely that, once the reservoir of oxygen introduced
during MA is consumed for the oxide formation, the remaining Zr may
be combined with the residual carbon also introduced during MA to
form ZrC.

If only elemental Zr (without Y) is introduced (comparison of W-
10Cr-0.5Zr, Fig. 1(c), with the reference W-10Cr-0.5Y alloy Fig. 1(a)),
then the grain size clearly increases, indicating that Y is a more efficient
grain growth inhibitor than Zr. The Zr-containing NPs are significantly
larger than in the previous case and are not located at the GBs, as in the
W-10Cr-0.5Y-0.5Zr and W-10Cr-0.5Y alloys, but inside the matrix
grains.

If ZrC is added to W-10Cr-0.5Y (comparison of W-10Cr-0.5Y-0.5ZrC
Fig. 1(d) with the reference W-10Cr-0.5Y alloy), a slight decrease of
particle size is observed. The NP are smaller than those observed in the
alloy without ZrC and they seem to be located both at the GB and inside
the grains. According to this, one can assert that ZrC further contributes
to inhibit grain growth.

If Zr is added to W-10Cr-0.5Y in form of ZrC instead of elemental Zr
(comparison of W-10Cr-0.5Y-0.5Zr (b) and W-10Cr-0.5Y-0.5ZrC (d)
alloys), it can be clearly observed that the inhibition of grain growth is
more efficient with the addition of elemental Zr than by adding it as
ZrC.

Summarizing all observations, we can conclude that

- The addition of Zr and Y leads to a very effective inhibition of grain
growth

- The addition of only Zr is not so an efficient grain growth inhibitor,
since the NPs are larger and located mainly inside grains

- Elemental Zr is a more efficient grain growth inhibitor than ZrC

According to these results, the W-10Cr-0.5Y-0.5Zr is the best system
from the point of view of the microstructure.

3.1.2. Screening oxidation tests
A screening isothermal oxidation test was performed at 1000 °C for

24 h in a furnace under atmospheric air in order to have a first im-
pression of the oxidation behavior of the three Zr-containing systems
and to compare them to the reference alloy. The surfaces of the oxidized
samples and the formed scales were analyzed by FEG-SEM and EDS
(analysis not included here). It is observed that the thickness of the
oxide scale is similar for the alloys with and without Zr, indicating that
the addition of only Zr (elemental) lead also to a strong reduction of
oxidation, even though the combination of Y + Zr seems to lead to a
better passivating effect. It was also observed that Zr is always asso-
ciated to the thin Cr2O3 passivating surface layer formed at the re-
ference W-10Cr-0.5Y and described in previous works [9,10,23]. Be-
sides, in the sample containing ZrC (W-10Cr-0.5Y-0.5ZrC), a slight
cobalt contamination originated from the WC (containing a small
amount of Co as binder) vials and balls during MA is detected at the
surface, which was not noticed at the bulk due to its low concentration.
This contamination could be due to the abrasive nature of ZrC. It seems
that Co diffuse preferentially to the surface during oxidation so that it
can be just detected by EDS. This Co contamination is also present at
the sample with only Zr addition (without Y, i.e.W-10Cr-0.5Zr) but to a
less extent, probably because of the lower hardness of ZrO2 formed
during MA compared to that of ZrC [24]. No contamination was found
in the W-10Cr-0.5Y-0.5Zr alloy. Such a Co contamination was never
detected in previous samples of the W-Cr-Y system. The reason can be
the lower hardness (and thus less abrasive effect) of Y2O3 compared to
that of ZrO2, since in the W-10Cr-0.5Y-0.5Zr alloy Y combines first with
oxygen and then with Zr due to the higher affinity of Y to oxygen [22].

Summarizing the previous screening oxidation results, we can
conclude that

- -There are no relevant differences among samples with Zr addition
and compared to the reference alloy with regard to their oxidation
behavior.

- -Zr is always associated to the thin Cr2O3 layer and seems to slightly
reinforce its passivating effect.

- -In the alloys with only Zr (W-10Cr-0.5Zr) and with Zr in form of
ZrC (W-10Cr-0.5Y-0.5ZrC) there is a slight Co contamination from
vials/balls from MA. This is not the case for the W-10Cr-0.5Y-0.5Zr
alloy.

According to these results, the W-10Cr-0.5Y-0.5Zr is also the best
system from the point of view of Co-contamination from vials and balls
during MA.

3.2. Characterization and testing of W-10Cr-0.5Y-0.5Zr alloy

New samples of the selected Zr-containing alloy, W-10Cr-0.5Y-
0.5Zr, and of the reference W-10Cr-0.5Y alloy were manufactured. After
HIPing the relative densities of the materials were above 99% in all
cases. The contents of interstitial elements after MA for both alloys are
listed in Table 1. These amounts remain unchanged after HIPing. The
amount of oxygen in the Zr-containing alloy is such that, if only Y and
Zr combine with oxygen, the whole Y content and part of the Zr content
will exhaust the whole oxygen content, cleaning the GBs from oxygen
(Y2O3 has a lower Gibbs energy than ZrO2 and will react first). Besides,
the amount of residual Zr content is approximately the one required to
react with the whole carbon present in the alloy to form ZrC.

A HT was performed after HIP at 1555 °C in order to dissolve the Cr-
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rich phase obtaining a single-phase material. After HT, a slight density
reduction of about 1.5% is observed for the reference alloy, while for de
Zr-containing alloy this reduction is about 0.2%, i.e. almost negligible.
This density decrease was found to be caused by the presence of un-
alloyed Cr-particles, to which porosity is always associated. According
to [25], Cr has a much higher amount of vacancies than W, and Cr
atoms exhibit a significantly higher mobility than W atoms, so that the
latter can be regarded as immobile compared to Cr atoms. For this
reason, Cr atoms cannot diffuse into W (negligible mobility, no va-
cancies) while W atoms can jump into vacancies of Cr. W atoms diffuse
towards unalloyed Cr particles and the GBs will move towards the Cr-
rich side, while Cr atoms diffuses much faster out of the unalloyed Cr
grain though the GBs. I.e., there is a Kirkendall effect generating por-
osity inside the unalloyed Cr particles. The fact that in the Zr-alloy, the
density reduction is significantly lower in spite of the presence of some
unavoidable unalloyed Cr particles may indicate that Cr diffusion is
hindered by the presence of a high density number of very small NPs.

3.2.1. Microstructure after HT
The microstructure of the W-10Cr-0.5Y-0.5Zr and reference alloy

after HIP and subsequent HT at 1555 °C is shown in Fig. 2. It consists of
a single (αW,Cr) phase with equiaxed grains of an average size of
813 ± 4 nm for the reference alloy and 620 ± 12 nm for the alloy
with Zr. Significant grain growth after HT is thus observed, but in the
case of Zr-containing alloy, it is less remarkable. However, the main
difference between the alloys with and without Zr after HT is the pre-
sence of much smaller NPs in the alloy containing Zr, located not only
at the GBs but also inside the grains. TEM analysis is required to
identify the composition of the NPs. However, since the amount of
oxygen is not enough to combine with the whole amount of Y and Zr
present in the alloy, it is assumed, as mentioned above, that part of the
Zr combines with the C introduced during MA to form ZrC. This has to
be confirmed by TEM in future work. In any case, it can be assumed that
the presence of such a fine NP dispersion will positively influence the
mechanical properties.

3.2.2. Oxidation tests
Isothermal oxidation tests at 1000 °C for 60 h as well as tests si-

mulating accident-like conditions up to 1000 °C were performed on the

as-HIPed and HIP + HT W–10Cr–0.5Y–0.5Zr alloy and compared to the
reference alloy (also as-HIPed and HIP + HTed). In Fig. 3, the mass
gain per unit area of each alloy during isothermal oxidation is shown.
The orange line represents the mass gain of pure W, whose oxidation
rate is 3–4 orders of magnitude higher than self-passivating W-Cr-Y
alloys [9]. The overall mass gains for the reference and Zr-containing
alloys are quite similar, being those for the Zr-containing alloy lower
after high exposure times. The oxidation kinetics is parabolic for the
initial phase, becoming linear for longer exposure times with similar
linear oxidation rates for the reference and Zr-containing alloy (same
slope of the linear part). Besides, there is no significant difference be-
tween the isothermal behavior of the as-HIPed and the HIP + HTed
Zr–containing alloys. In the case of the reference alloy, the curve of the
HTed sample coincides with the one of the Zr-containing alloys at the
initial parabolic phase while after about 25 h there is a slow transition
to higher mass gains, probably associated with a deterioration and
subsequent recovery of the protective Cr2O3 scale.

The results of oxidation tests simulating accident-like conditions up
to 1000 °C are presented in Fig. 4. The Zr-containing alloys exhibit the
lowest mass gain, being the as-HIPed alloy slightly better than the HTed
alloy even though the difference is within the drift of the thermo-bal-
ance. In the isothermal steps with oxygen, especially in the second one,
the oxidation kinetics is parabolic with a higher rate for the reference
alloy, in agreement with the isothermal oxidation tests shown above.
Besides, during the isothermal segments without oxygen there is a slight
linear mass gain with higher slope in the first step and almost negligible
slope for the reference alloy during the second step. The mass gain
during these steps without oxygen can be due to the residual oxygen
present in Ar, or to oxygen solved or trapped in the oxide layer. In any
case, it indicates that tungsten oxide sublimation leading to mass loss
does not have an important influence on the oxidation behavior.

The cross-sections of the HTed Zr-containing and reference alloy
after isothermal oxidation are presented in Fig. 5. Three different layers
can be distinguished: a thin Cr2O3 layer, a thin Cr2WO6 scale just below
followed by a thicker WO3 scale, in agreement with previous works
[9,24,12]. Oxygen diffusion through the whole oxide scale towards the
alloy results in the formation of Cr2O3 at the GBs of the (αW,Cr) matrix.
In both alloys, the total oxidized scale thickness after isothermal oxi-
dation at 1000 °C for 60 h is approximately 17 µm, which means that Zr
does not provide relevant improvement (nor worsening) compared to
the reference alloy concerning oxidation.

3.2.3. Thermal shock tests
The as-HIPed and the HIP + HTed Zr-containing alloys were ex-

posed at the PSI-2 facility to 1000 heat pulses of 0.19 GW/m2 for 1 ms
at 400 °C and subsequently to 100 and 1000 pulses of 0.38 GW/m2

simulating ELM-like loading in the divertor. The sample surfaces after
1000 pulses of 0.38 GW/m2 are shown in Fig. 6. A fine crack network

Table 1
Impurity contents after MA in the reference and Zr-containing alloys.

Impurities (ppm)

O N C

W-10Cr-0.5Y (ref.) 1100–1400 100 – 200 250–400
W-10Cr-0.5Y-0.5Zr 2100–2300 70–100 300–400

Fig. 2. Microstructure after HIP + HT of (a) W-10Cr-0.5Y and (b) W–10Cr–0.5Y–0.5Zr.
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without chipping is observed in the as-HIPed Zr-containing alloy (Fig. 6
(a)) while no damage is detected in the HTed alloy (Fig. 6 (b)). For
comparison, the surface of the reference alloy (as-HIPed and HTed at
1550 °C) after the same loading at the JUDITH-1 electron beam facility
is also shown in Fig. 6 (c,d), where chipping was detected in the as-
HIPed sample, whereas in the sample with additional HT a crack net-
work without chipping was observed [9]. Wirtz et al. [26] exposed the
pure tungsten reference material IGP W to the same loading conditions
at the JUDITH-1 facility, resulting in roughening and a crack network

with cracks lengths of a few 100 μm.
In Fig. 7, the cross sections of these crack networks are shown.

These results confirm those observed on the surface where the HTed
alloy with Zr presents the best thermal shock resistance with no cracks.
Assuming that the thermal conductivity of the Zr-containing alloy is
similar to the one of the reference alloy, the improvement of the
thermal shock behavior can be attributed to the presence of the pre-
viously described (Fig. 2(b)) fine NP dispersion of Y- and Zr-rich oxides
at the GB and probably ZrC at the GB and inside the grains, acting as

Fig. 3. Mass gain per unit area during isothermal oxidation at 1000 °C for 60 h of as-HIPed and HIP + HTed W–10Cr-0.5Y-0.5Zr and reference alloy. The error bars
corresponds to the drift of the thermo-balance provided by the TGA manufacturer.

Fig. 4. Mass increase per unit area during oxidation under accident-like conditions on as-HIPed and HIP + HTed Zr-containing alloy and reference alloy. After
preheating in pure Ar up to 600 °C, Ar/20% O2 is introduced and the temperature is increased linearly from 600 to 1000 °C, followed by 1 h isothermal oxidation in
air at 1000 °C, an isothermal step in pure Ar for 1 h, repetition of the two isothermal steps and cooling down in Ar.

E. Sal, et al. Nuclear Materials and Energy 24 (2020) 100770

5



reinforcement. According to this, it becomes clear that Zr has a very
positive influence on the mechanical strength of W-Cr-Y alloys, re-
sulting in an improvement of thermal-shock resistance compared also to
pure W. In future work, the mechanical properties of HTed
W–10Cr–0.5Y–0.5Zr alloy will be measured.

It has to be taken into account that the materials were tested under
conditions relevant for ELMs at the divertor in order to compare them

with existent tests on pure W reference materials. However, self-passi-
vating alloys are developed mainly for the blanket FW, where the load
will be significantly lower. Nevertheless, in a DEMO-like device massive
gas injection will be used to mitigate or avoid disruptions; this gas in-
jection will produce photon flashes, resulting in similar loads at the
blanket FW to those applied here in a single pulse. Thus, the tests
presented here would simulate the load at the first wall after 1000

Fig. 5. Cross-section after HIP + HT of (left) W-10Cr-0.5Y and (right) W-10Cr-0.5Y-0.5Zr s after isothermal oxidation tests.

Fig. 6. Surface after loading at PSI-2 with 1000 ELM-like pulses of 0.38 GW/m2 for 1 ms at 400 °C on (a) as-HIPed and (b) HIP + HTed W-10Cr-0.5Y-0.5Zr alloy. For
comparison, surface after the same loading at JUDITH-1 on as HIPed (c) and HTed (d) W-10Cr-0.5Y alloy.
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mitigated disruptions.
The Zr-containing alloys were also subjected to one pulse of 1.6 GW/

m2 for 2 ms at 400 °C at the PSI-2 facility simulating a disruption-like
load. In a previous work, the samples of the reference material were ex-
posed to 1.13 GW/m2 during 5 ms at 400 °C at JUDITH-1. Even though
the conditions are not exactly the same, the heat flux factors (72 MW/
m2·s½ for the Zr–containing alloy and 80 MW/m2·s½ for the reference
alloy) are similar for both tests and can be considered as comparable.

The surfaces of HIP + HTed W–10Cr–0.5Y-0.5Zr and reference al-
loys are shown in Fig. 8. Spherical pores as well as depressions and
protrusions can be observed suggesting partial surface melting in both
alloys. According to the W-Cr phase diagram [27] the melting tem-
perature of the alloy is about 2750 °C. Assuming that the Zr-containing
alloy has the same thermal conductivity and specific heat than the re-
ference alloy [9], the expected temperature increase calculated ac-
cording to [28] is above 6000 °C, in line with the experimental ob-
servations. Even though the samples do not exhibit catastrophic failure,
it is clear that the material would not survive a disruption. Never-
theless, the HTed Zr-containing alloy would be able to withstand many
mitigated disruptions without damage. This reaffirms the need for de-
veloping strategies for controlling and mitigating disruptions in DEMO.

A summary of the results obtained during ELM- and disruption-like
loading is shown in Table 2.

4. Conclusions

Self- passivating bulk W-based alloys of compositions W-10Cr-0.5Zr,
W-10Cr-0.5Y-0.5ZrC and W-10Cr-0.5Y-0.5Zr alloys were manufactured
by MA and HIP. The W-10Cr-0.5Y-0.5Zr alloy containing both 0.5 wt% Y
and Zr exhibits a high density number of NP dispersed along GBs –thus
inhibiting grain growth- as well as inside the grains. Besides, screening
oxidation tests reveal that the oxidation behavior of this alloy is similar to
the one of the reference alloy W–10Cr-0.5Y. For alloys containing 0.5ZrC
(W-10Cr-0.5Y-0.5ZrC) or 0.5Zr without Y (W-10Cr-0.5Zr) a slight Co
contamination from MA was detected after the screening oxidation test.
According to these results, the best system with regard to microstructure
and impurity content was W-10Cr-0.5Y-0.5Zr.

Additional samples of W-10Cr-0.5Y-0.5Zr were manufactured. The
as-HIPed material exhibits a nanocrystalline W-rich matrix with grains
sizes below 100 nm and an extremely fine NP dispersion. During HT at
1555 °C grain growth occurs, but the matrix grain size of the Zr-con-
taining alloy remains smaller (620 nm) than the one of the alloy

Fig. 7. Cross sections after loading at PSI-2 with 1000 ELM-like pulses of 0.38 GW/m2 for 1 ms at 400 °C on (a) as-HIPed and (b) HIP + HTed W-10Cr-0.5Y-0.5Zr
alloy. For comparison, cross sections after the same loading at JUDITH-1 on as HIPed (c) and HIP + HTed (d) W-10Cr-0.5Y alloy.

Fig. 8. Sample surface after loading at PSI-2 with one pulse of 1.6 GW/m2 for 2 ms at 400 °C on HTed W–10Cr-0.5Y-0.5Zr alloy (left). For comparison, loading at
JUDITH-1 of 1.13 GW/m2 for 5 ms on HTed W-10Cr-0.5Y alloy (right).

E. Sal, et al. Nuclear Materials and Energy 24 (2020) 100770

7



without Zr (813 nm). Besides, in the Zr-containing alloy a NP dispersion
is found both at the GBs and inside the grains. The oxygen present in the
alloy is consumed by combining with the whole Y amount and part of
the Zr, and it is assumed that part of the Zr combines with the C in-
troduced during MA to form ZrC resulting in a higher strength. This has
to be confirmed by TEM in future work.

Regarding oxidation, the mass gain of the Zr-containing alloy is
slightly lower than the one of the reference alloy in both isothermal
oxidation tests at 1000 °C for 60 h and tests under accident-like con-
dition. However, in both alloys the total oxidized scale thickness after
isothermal oxidation at 1000 °C for 60 h is nearly the same, indicating
that Zr does not significantly improve (nor worse) the passivating
properties compared to the reference alloy.

Under thermal shock loading consisting of 1000 ELM-like pulses, Zr-
containing alloys present better resistance in comparison with the alloy
without Zr, especially in the material after HT (single-phase material)
where the sample does not exhibit any damage.

In view of all results, the HTed W-10Cr-0.5Y-0.5Zr system can be
considered as a promising blanket FW armor material.

CRediT authorship contribution statement

Elisa Sal: Writing - original draft, Investigation. Carmen García-
Rosales: Writing - review & editing, Supervision. Karsten Schlueter:
Investigation. Katja Hunger: Investigation. Mauricio Gago:
Investigation. Marius Wirtz: Investigation. Aida Calvo: Investigation.
Iñigo Andueza: Resources. Rudolf Neu: Validation. Gerald Pintsuk:
Validation.

Declaration of Competing Interest

The authors declare that they have no known competing financial
interests or personal relationships that could have appeared to influ-
ence the work reported in this paper.

Acknowledgments

This work has been carried out within the framework of the
EUROfusion Consortium and has received funding from the Euratom
research and training programme 2014-2018 and 2019-2020 under
grant agreement No 633053. The views and opinions expressed herein
do not necessarily reflect those of the European Commission.

References

[1] D. Maisonnier et al., A Conceptual Study of Commercial Fusion Power Plants, Final
Report, 2005, EFDA-RP-RE-5.0.

[2] N.P. Taylor, R. Pampin, Activation properties of tungsten as a first wall protection in
fusion power plants, Fusion Eng. Des. 81 (2006) 1333–1338.

[3] D. Maisonner, I. Cook, S. Pierre, B. Lorenzo, D.P. Luigi, G. Luciano, N. Prachai, P. Aldo,

DEMO and fusion power plants conceptual studies in Europe, Fusion Eng. Des. 81 (2006)
1123–1130.

[4] F. Koch, J. Brinkmann, S. Linding, T.P. Mishra, C.h. Linsmeier, Oxidation behaviour of
silicon-free tungsten alloys for use as the first wall material, Phys. Scr. 014019 (2011).

[5] P. López, et al., Manufacturing of self-passivating W-Cr-Si alloys by mechanical alloying
and HIP, Fusion Eng. Des. 86 (2011) 1719–1723.

[6] S. Telu, A. Patra, M. Sankaranarayana, R. Mitra, S.K. Pabi, Microstructure and cyclic
oxidation behaviour of W-Cr alloys prepared by sintering of mechanically alloyed na-
nocrystalline powders, Int. J. Refract. Met. H. 36 (2013) 191–203.

[7] C. García-Rosales, P. López-Ruiz, S. Alvarez-Martín, A. Calvo, N. Ordás, F. Koch,
J. Brinkmann, Oxidation behaviour of bulk W-Cr-Ti alloys prepared by mechanical al-
loying and HIPing, Fusion Eng. Des. 89 (2014) 1611–1616.

[8] J. Linke, T. Hirai, M. Roedig, L. Singheiser, Performance of plasma-facing materials under
intense thermal loads in tokamaks and stellarators, Fusion Sci. Technol. 46 (2004)
142–151.

[9] A. Calvo, et al., Self-passivating tungsten alloys of the system W-Cr-Y for high tempera-
ture applications, Int. J. Refract. Met. H. 73 (2018) 29–37.

[10] A. Calvo, C. García-Rosales, N. Ordás, I. Iturriza, K. Schlueter, F. Koch, G. Pintsuk,
E. Tejado, J.Y. Pastor, Self-passivating W-Cr-Y alloys: Characterization and testing, Fusion
Eng. Des 124 (2017) 1118–1121.

[11] T. Wegener, A. Litnovsky, J. Binkmann, F. Koch, C.h. Linsmeier, Development of yttrium-
containing self-passivating tungsten alloys for future fusion power plants, Nuclear Mater.
Energy 9 (2016) 394–398.

[12] F. Klein, T. Wegener, A. Litnovsky, M. Rasinski, X.Y. Tan, J. Gonzalez-Julian, J. Schmitz,
M. Bram, J.W. Coenen, C.h. Linsmeier, Oxidation resistance of bulk plasma-facing
tungsten Alloys, Nuclear Mater. Energy 15 (2018) 226–231.

[13] Z.M. Xie, R. Liu, Q.F. Fang, Y. Zhou, X.P. Wang, C.S. Liu, Spark plasma sintering and
mechanical properties of zirconium micro – alloyed tungsten, J. Nucl. Mater. 444 (2014)
175–180.

[14] Z.M. Xie, R. Liu, T. Zhang, Q.F. Fang, C.S. Liu, X. Liu, G.N. Luo, Achieving high strength/
ductility in bulk W-Zr-Y2O3 alloy plate with hybrid microstructure, Materials Design 107
(2016) 144–152.

[15] Z.M. Xie, R. Liu, S. Miao, X.D. Yang, T. Zhang, Q.F. Fang, X.P. Wang, C.S. Liu, Y.Y. Lian,
X. Liu, G.N. Luo, High thermal shock resistance of the hot rolled and swaged bulk W-ZrC
alloys, J. Nucl. Mater. 469 (2016) 209–216.

[16] D. Jiang, L. Xue, X. Huang, T. Wang, J. Hu, Effect of Zr additions on crystal structures and
mechanical properties of binary W-Zr alloys: A first- principles study, J. Mater. Res. 34
(2019) 290–300.

[17] Z.M. Xie, R. Liu, S. Miao, X.D. Yang, T. Zhang, X.P. Wang, Q.F. Fang, C.S. Liu, G.N. Luo,
Y.Y. Lian, X. Liu, Extraordinary high ductility/strength of the interface designed bulk W-
ZrC alloy plate at relatively low temperature, Sci. Rep. 5 (2015), https://doi.org/10.
1038/srep16014.

[18] X.Y. Tan, F. Klein, A. Litnovsky, et al., Evaluation of the high temperature oxidation of W-
Cr-Zr self-passivating alloys, Corros. Sci. 147 (2019) 201–211.

[19] E. Sal, C. García-Rosales, I. Iturriza, I. Andueza, Nerea Burgos, High temperature mi-
crostructural stability of self-passivating W-Cr-Y alloysfor blanket first wall application,
Fusion Eng. Des. 146 (2019) 1596–1599.

[20] F. Koch, S. Köppl, H. Bolt, Self passivating W-based alloys as plasma-facing material, J.
Nucl. Mater. 386–388 (2009) 572–574.

[21] M. Wirtz, A. Kreter, J. Linke, G. Th Loewenhoff, G.S. Pintsuk, I. Steudel, B. Unterberg,
E. Wessel, High pulse number thermal shock tests on tungsten with steady state particle
background, Phys. Scr. T170 (2017) 014066.

[22] M.W. Chase, NIST-JANAF Themochemical Tables, J. Phys. Chem. Ref. Data, Monograph 9
(1998) 1–1951.

[23] A. Calvo, C. García-Rosales, F. Koch, N. Ordás, I. Iturriza, H. Greuner, G. Pintsuk,
C. Sarbu, Manufacturing and testing of self-passivating tungsten alloy of different com-
position, Nucl. Mater. Energy 9 (2016) 422–429.

[24] I.J. McColm, Dictionary of Ceramic Science and Engineering, second ed., Springer Science
+Business Media, New York, 1994.

[25] F.J.A. den Broeder, Interface reaction and a special form of grain boundary diffusion in
the Cr-W system, Acta Metall. Mater. 20 (1972) 319–332.

[26] M. Wirtz, J. Linke, T. Loewenhoff, G. Pintsuk, I. Uytdenhouwen, Thermal shock tests to
qualify different tungsten grades as plasma facing material Phys, Scr. T167 (2016) 14015.

[27] W-Cr phase diagram, Bulletin of Alloy Phase Diagrams Vol. 5 No. 3 1984.
[28] H.S.J.C. Carslaw, Jaeger Conduction of Heat in Solids, second ed., Clarendon Press,

Oxford, 1959.

Table 2
Test conditions and results of ELM- and disruption loading.

P (GW/m2) Base T
(°C)

Pulse length
(ms)

Number of
pulses

Damage

W-10Cr-0.5Y W-10Cr-0.5Y-0.5Zr

as-HIPed HIP + HT as-HIPed HIP + HT

0.19 400 1 1000 No No No No
0.38 1 100 Crack network, horizontal

cracks, chipping
– No No

0.38 1 1000 Crack network, chipping Crack network Crack network No
1.13 5 1 Catastrophic failure Crack network and

partial melting
– –

1.6 2 – – Crack network and
partial melting

Crack network and partial
melting
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A B S T R A C T   

The use of self-passivating tungsten alloys for the blanket first wall armor of future fusion reactors is advanta-
geous concerning safety issues compared to pure tungsten because in case of a loss-of-coolant accident with 
simultaneous air ingress, a stable protective scale at high temperatures in presence of oxygen will be created, 
preventing the formation of volatile and radioactive WO3. Bulk W-10Cr-0.5Y alloy manufactured by mechanical 
alloying and hot isostatic pressing (HIP) exhibits a high oxidation resistance compared to pure tungsten. For the 
production of plasma-facing components, a tungsten alloy layer of a few millimeters has to be joined to reduced 
activation ferritic-martensitic steel. In this work, diffusion bonding by HIP of W-10Cr-0.5Y alloy to P91 steel was 
successfully performed, using a 50 μm thick copper interlayer at temperatures of 700 and 980 ◦C. The joints at 
980 ◦C show good metallic continuity at both interfaces and a high shear strength of 354 MPa. A drop of shear 
strength to 174 MPa is observed after the tempering required to recover the initial properties of steel. The high 
shear strength values obtained at 980 ◦C and the observed fracture mechanisms are indications of the good 
adhesion obtained both with and without tempering.   

1. Introduction 

Tungsten is currently the main candidate material for the first wall 
(FW) armor of future fusion reactors [1]. However, the poor oxidation 
resistance of pure W represents a potential safety risk in case of a 
loss-of-coolant accident (LOCA) with simultaneous air ingress into the 
vacuum vessel, where a temperature rise to about 1000 ◦C is expected, 
resulting in a potential release of volatile radioactive W oxide [2]. For 
this reason, self-passivating tungsten alloys are being developed as an 
alternative to pure W for application at the blanket FW due to the growth 
of a stable protective oxide scale, preventing tungsten from oxidation 
and subsequent sublimation in case of a LOCA. Alloys of the system 
W-Cr-Y have been shown to exhibit a high oxidation resistance 
compared to pure tungsten and good thermal shock resistance [3–5]. On 
the other hand, the design of the FW will be based on a tungsten or 
tungsten-alloy layer of a few mm directly exposed to the plasma, which 
will be supported by a reduced activation ferriticmartensitic (RAFM) 
steel such as EUROFER [6–9]. 

A direct joining between both materials (W and RAFM) is difficult 
due to the significant differences in their thermo-physical properties [6]. 

In particular, the mismatch of their linear coefficients of thermal 
expansion (CTE) – αW = 4.5 × 10− 6 K-1; αFMS = ~12 × 10− 6 K-1 at room 
temperature-, results in large residual stresses at the joint during cool-
ing, causing a reduction in its mechanical properties. In order to mitigate 
the difference in thermal expansion, interlayers of different materials 
have been used, whose CTE is between the one of RAFM steel and pure 
tungsten, [7,9–11]. 

Up to now, several joining techniques have been developed to join 
tungsten to RAFM steel, including brazing or hot isostatic pressing (HIP). 
J. de Prado et al. studied the mechanical properties of brazed tungsten- 
EUROFER joints using copper as filler [12]. The results showed a 
remarkable shear strength of 309 MPa. Other authors found, however, 
brittle phases at the joint using similar methods and different fillers or 
interlayers [9,13,14]. Hot Isostatic Pressing (HIP) was used in several 
works to join bulk W to RAFM steel [8,10,15–19] because of the 
advantage of manufacturing defect free pieces at lower processing 
temperature. 

This work presents results of the diffusion bonding by HIP of a self- 
passivating tungsten-based alloy of composition W10Cr-0.5Y [23] to 
P91 steel, a carbon steel with similar metallurgical behavior to 

* Corresponding author at: CEIT - Basque Research and Technology Alliance (BRTA), Paseo de Manuel Lardizabal 15, 20018, San Sebastian, Spain. 
E-mail address: cgrosales@ceit.es (C. García-Rosales).  

Contents lists available at ScienceDirect 

Fusion Engineering and Design 

journal homepage: www.elsevier.com/locate/fusengdes 

https://doi.org/10.1016/j.fusengdes.2021.112499 
Received 8 December 2020; Received in revised form 1 March 2021; Accepted 10 March 2021   

mailto:cgrosales@ceit.es
www.sciencedirect.com/science/journal/09203796
https://www.elsevier.com/locate/fusengdes
https://doi.org/10.1016/j.fusengdes.2021.112499
https://doi.org/10.1016/j.fusengdes.2021.112499
https://doi.org/10.1016/j.fusengdes.2021.112499
http://crossmark.crossref.org/dialog/?doi=10.1016/j.fusengdes.2021.112499&domain=pdf


Fusion Engineering and Design 170 (2021) 112499

2

EUROFER, using a 50 μm thick copper interlayer. The microstructural 
analysis of joints performed under different parameters as well as their 
mechanical performance by shear tests are presented. 

2. Experimental details 

In the present work, the base materials used are ferritic-martensitic 
steel P91 and a selfpassivating tungsten alloy with composition W- 
10Cr-0.5Y (in wt.%). The former has a composition according to ASTM 
A335 is shown in Table 1. The tungsten based alloy has been manu-
factured from elemental powders of pure W (99.95 %, 20 μm), Cr (99.95 
%,< 74 μm) and Y (99.9 %, 20–30 μm) by mechanical alloying (MA) 
under Ar atmosphere. Jars and milling balls of tungsten carbide (WC) 
with 6% cobalt (Co) binder were used to keep impurities as low as 
possible. The oxygen and carbon content increases during MA to about 
300 ppm C and 1400 ppm O. From the C content, the estimated Co 
content after MA is about 100 ppm. The O combines almost entirely with 
Y to form Y2O3. The alloyed powder was HIPed at 1250 ◦C and subse-
quently heat treatet (HT) at 1550 ◦C as described in [20]. The interlayer 
material is pure Cu (99.9999 % metal basis and 126 ppm O) with a 
thickness of 50 μm supplied by Alfa Aesar. This material was selected 
because of its high ductility and low yield strength, which minimize the 
residual stresses and brittle intermetallics formation between tungsten 
and steel [11]. 

The base materials were cut to a cylindrical shape of 20 mm diameter 
and 3 mm high by wire electro-discharge machining. The joining surface 
of the base materials were ground and polished down to 1 μm. All 
specimens including the filler have been ultrasonically cleaned and 
assembled in stainless steel or copper capsules, as shown in Fig. 1. The 
canned materials were welded, evacuated at 180 ◦C, and sealed prior to 
the diffusion bonding process. 

Two different HIP conditions for joining by diffusion bonding were 

selected. The first one were 700 ◦C for 1 h under a pressure of 100 MPa. 
This low temperature was chosen to avoid the tempering step required 
after HIP when performed above the austenization temperature to 
reestablish the initial properties of the steel. Copper cans were used due 
to its greater malleability. The parameters of the second HIP were 980 ◦C 
with a pressure of 140 MPa for 3 h. These parameters were selected 
according to the results obtained for W/Cu joints by Zhang et al. [21]. In 
this case, as the temperature of the HIP cycle is close to the copper 
melting point, the use of stainless steel cans instead of the much more 
ductile copper cans is required. Besides, a tempering step is required 
because of the steel transformation (THIP > Ac3). The tempering was 
performed at 760 ◦C for 30 min in argon. 

After HIP, cross-sectional specimens for microstructural analysis as 
well as samples for shear strength tests of the joints were prepared. The 
microstructure of the interfaces of W-Cr-Y/Cu/P91 were analyzed by 
field emission scanning electron microscope (FE-SEM) equipped with 
energy dispersive X-ray spectroscopy (EDS) while the joining strength 
was evaluated by measuring the shear strength in a universal testing 
machine (UTM) at a cross-head speed of 1 mm/min. Three specimens 
with dimensions of 5 × 5 × 6 mm3 of each HIP condition and HIP +
tempering were tested. The fracture surfaces were analyzed by SEM and 
stereoscopic microscope. 

The hardness provide information of the effect of HIPing on the P91 
steel. Thus, the Vickers microhardness of P91 steel before and after 
tempering was measured applying loads of 100 g, 1 kg or 10 kg for 15 s. 

3. Results 

3.1. Microstructural analysis 

The microstructure of the W-10Cr-0.5Y alloy is shown in Fig. 2(a). It 
consists of a single bcc phase (αW,Cr) with equiaxed grains of average 
size ≤ 1 μm. The black phase represents Y2O3 particles mainly located at 
the grain boundaries. The microhardness of the material is 820 ± 15 
HV1. Fig. 2(b) shows the microstructure of P91 before diffusion bonding. 
It is composed primarily of a tempered martensite matrix with a uniform 
dispersion of fine precipitates; the as-received microhardness is 234 ± 3 
HV10. 

A low temperature HIP process is desirable for the joining of W- 
alloy/Cu/P91 since the austenitic transformation of the P91steel is 
avoided, allowing the mechanical properties of the steel to be main-
tained. In order to fabricate a good joint at low processing temperature, 
a HIP cycle at 700 ◦C for 1 h and a pressure of 100 MPa was selected. A 
copper canister was used due to its better ductility and malleability. The 
cross section of the W-alloy/Cu/P91 joint at these conditions is shown in 
Fig. 3. At relatively low magnification, a good joining with no cracks at 
both interfaces is observed (Fig. 3(a)). However, at higher magnifica-
tion, a thin oxide layer can be appreciated along the P91/Cu interface 
(see Fig. 3(b)) with corresponding elemental map obtained by EDS 
analysis (Fig. 3d). This layer is mainly composed of Cr oxide with 

Table 1 
Chemical Composition of ASTMA A335 P91 grade.  

C (% wt.) Cr (% wt.) Mo (% 
wt.) 

Mn (% 
wt.) 

P & S (% 
wt.) 

Si (% wt.) 

0.08 – 
0.12 

8.00 – 
9.50 

0.85 – 
1.05 

0.30 – 
0.60 

0.020 – 
0.010 

0.20 – 
0.50  

Fig. 1. Scheme of canning design for W-alloy/Cu/P91 joint.  

Fig. 2. Microstructure of base materials before diffusion bonding: (a) W-10Cr-0.5Y alloy; (b) P91 as-received.  
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particles of Fe oxide inside the Cu band, where the oxygen stems most 
probably from the Cu material. Besides, at this interface Fe diffuses into 
the Cu band, forming Fe-rich oxide particles in areas where the oxygen 
content is high enough. As shown in Fig. 3(c), Fe and Cu profiles vary 
continuously and smoothly across the interface, indicating interdiffu-
sion of both materials. The thickness of the Cr-oxide-rich interface is ~1 
μm. Besides, isolated tungsten particles (white particles in Fig. 3(b)) can 
also be observed whose presence is surprising and their origin is thought 
to come from the metallurgical preparation, as W may have detached 
and became embedded on the soft Cu layer. 

Fig. 3(e) and (f) show the microstructure of the Cu/W-alloy interface 
at low and high magnifications, respectively, together with a line scan 
with the element distribution (g). Along this interface a very thin non- 
continuous Cr- oxide layer can be observed. Focusing on the line scan, 
W and Cu present a less smooth transition along the interface compared 
to Fig. 3(c). The absence of a vertical transition as would be expected 
taking into account the extremely small mutual solubility of W and Cu, 
in accordance with the equilibrium phase diagram [22], is due to the 
interaction volume of electrons in the material. 

However, the immiscibility of these elements can be overcome when 

the bonding temperature is close to the copper melting point because 
diffusion paths could be created. In order to improve the joint of Cu-W- 
alloy interface, the bonding temperature was increased to 980 ◦C, 
although P91 properties would be modified. This temperature was 
selected taking into account the results of J. Zhang et al., who studied 
several bonding conditions to obtain a high strength joint between Cu 
and W by direct diffusion bonding using hot-press [21]. As the tem-
perature is near the Cu melting point, a stainless steel canister was used 
instead of the much more ductile copper cans used in the previous HIP 
conditions. The use of this can material represents a challenge due to the 
differences between the CTE of W and steel. In fact, a crack at the 
W-alloy side starting at the edges of the steel can was found after dec-
anning so that a way for avoiding these stresses has to be found. The new 
HIP conditions were 140 MPa at 980 ◦C for 3 h using again a Cu inter-
layer of 50 μm. The cross section of the resulting joint is shown in Fig. 4 
(a) in which a good metallic continuity without oxide layers is found at 
both interfaces. According to the EDS elemental mappings of the region 
marked in Fig. 4(b), Si-O-rich spherical particles as well as small 
Fe-Cr-O-rich particles can be found just below the P91/Cu interface 
inside the Cu side. The Cu above this row of particles is also rich in 

Fig. 3. Cross section of P91/Cu/W-alloy joint at 700 ◦C for 1 h: (a) general view of the joint; (b) detail of the P91/Cu interface; (c) line scan across the P91/Cu 
interface; (d) EDS elemental maps of the region marked in (b); (e) detail of the Cu/W-alloy joint; (g) line scan of the region marked in (f). 
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oxygen. It seems that the residual oxygen present in the Cu foil diffuses 
towards the steel interface reacting with the steel elements of high ox-
ygen affinity. On the other hand, at the Cu/W-alloy interface (Fig. 4(c)) 
Fe-Cr-W rich particles are present, indicating a strong diffusion of Fe 
from P91 across the Cu interlayer. Besides, the elemental mappings of 
Fig. 4(c) show that the interface between W and Cu is not sharp, indi-
cating that both elements participate in the joint. 

The temperature reached during the HIPing process is above the Ac3 
transformation temperature for P91, leading to the complete formation 
of austenite, which upon cooling further transformed into brittle 
martensite. For this reason, a tempering step is required in order to 
recover its initial microstructure and mechanical properties. According 
to [23], tempering in the temperature range 730–800 ◦C is required after 
normalizing at temperatures between 950 and 1150 ◦C to recover the 
hardness. After several trials, a tempering treatment at 760 ◦C for 30 min 

with cooling in air was chosen. The microstructure of the joint after this 
heat treatment do not present appreciable changes compared to the one 
before tempering shown in Fig. 4. 

3.2. Mechanical characterization of the joints 

The microhardness of the W-alloy remains unchanged after bonding 
under all investigated conditions. The hardness of the P91 steel after 
bonding at 980 ◦C rises to 394 HV10 while after tempering a softening of 
the material is achieved with a microhardness of 239 ± 3 HV0.1 which is 
close to the as-received hardness of 234 ± 3 HV10. 

The quality of the joints was evaluated by means of shear tests. The 
results obtained for P91/Cu/W-alloy joints at different bonding tem-
peratures are shown in Fig. 5. It can be observed that joining at 700 ◦C 
for 1 h results in a low strength. 

Increasing the bonding temperature to 980 ◦C for 3 h leads to a 
significant improvement (354 ± 16 MPa), with shear strength values 
similar to those obtained by brazing of the same material system [24] 
and significantly higher than values existing in the literature using 
conventional pure tungsten [12,13,16–18,21,25,26]. However, the 
tempering treatment applied to recover the initial properties of P91 
reduces considerably the strength of the joint to 174 ± 54 MPa. This 
drop is also observed in [24] by brazing of the same base materials. In 
spite of this reduction, the strength of the joint after tempering remains 
higher than or comparable to the mentioned studies using pure tungsten. 

The study of the fracture surfaces under both conditions (with and 
without tempering, Fig. 6) reveals two different fracture mechanisms 
during the shear tests: in the samples without tempering the crack 
propagates rather through the Cu interlayer fracturing the W-alloy base 
material at the end of its path, while in the samples with tempering the 
crack propagates mainly entirely through the Cu interlayer close to the 
steel interface, shifting in some cases from one interface to the other. A 

Fig. 4. Cross section of P91/Cu/W-alloy joint at 980 ◦C for 3 h: (a) general view of the joint; (b) detail of the P91/Cu interface and EDS elemental mappings of the 
marked region; (c) detail of the Cu/W-alloy interface and EDS elemental mappings of the marked region. 

Fig. 5. Shear strength values of P91/Cu/W-alloy joints at different diffusion 
bonding conditions. 
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possible explanation for this behavior could be the state of the steel, 
which after bonding consists of brittle martensite with a higher hardness 
than in the as-received state and thus, higher strength. Taking into ac-
count that the usual yield strength, tensile strength and elongation of 
normalized and tempered P91 steel are about 470, 700 MPa and 22 %, 
respectively [23], it is plausible that after diffusion bonding at 980 ◦C 
without tempering the tensile strength may be higher than the fracture 
strength of the brittle W-alloy (proof flexural strength ~900 MPa [4]). 
Thus, the crack would propagate closer to the W-alloy side fracturing the 
W-alloy at the end of its path. After tempering, the steel softens, 
recovering the initial hardness. In this case, the tensile strength may be 
lower than the one of the W-alloy and, since the steel deforms plasti-
cally, the crack tends rather to propagate through the Cu interlayer. The 
lower shear strength after tempering compared to the one obtained in 
[24] by brazing is probably due to the presence of the row of Si-oxide 
and small Fe-Cr-oxide particles that contribute to propagation of the 
crack along this row. In fact, these Si-oxide particles have been found as 
inclusions deep inside the dimples, as shown in Fig. 7. These oxides can 
be probably avoided by using an oxygen free Cu interlayer. In any case, 
the fracture behavior reveals very good adhesion properties under both 
conditions. 

4. Conclusions 

Diffusion bonding between W-10Cr-0.5Y and P91 by HIP was suc-
cessfully achieved using a 50 μm thick Cu interlayer at temperatures of 
700 and 980 ◦C. At 700 ◦C with a pressure of 100 MPa for 1 h, a 
continuous joint was found at both interfaces. However, a thin Cr-Fe- 
oxide layer was observed along the P91/Cu interface. Besides, the 

joint at the Cu/W-alloy interface is weak due to the extremely small 
mutual solubility. The microstructural analysis agrees with the me-
chanical properties of the joint, which show a poor shear strength value 
of 69 MPa. Increasing the temperature to 980 ◦C for 3 h at 140 MPa, an 
oxide-free joint with high metallic continuity was obtained. In this case, 
the shear strength is significantly higher reaching values of 354 MPa. 
However, at this temperature the microstructure of P91 is modified 
requiring an additional tempering to recover the initial properties. After 
this heat treatment, the shear strength decreases to 174 MPa. Never-
theless, the still high strength value and the observed fracture mecha-
nisms with and without tempering reveal the high adhesion properties 
obtained under both conditions. 
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Fig. 6. Fracture surfaces after diffusion bonding at 980 ◦C (left) without tempering and (right) with tempering.  

Fig. 7. Fracture surfaces of the Cu/steel side after diffusion bonding at 980 ◦C with tempering showing Si-oxide particles inside the dimples.  
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A B S T R A C T   

Self-passivating tungsten alloys have arisen as a potential candidate for the blanket first wall due to their high 
oxidation resistance and good thermal shock resistance. However, joining technologies have to provide a suitable 
process to conform the component. In this investigation, brazing technique was applied to join a self-passivating 
tungsten alloy to Eurofer using 50 μm thick Cu interlayer. In addition, the use of post-brazing thermal treatment 
(PBTT) was also investigated to recover the as-received hardness of steel after the brazing cycle. The results 
showed the achievement of high brazeability joints in terms of metallic continuity and strength. With the PBTT 
the initial hardness of Eurofer was recovered but it gave rise to lower shear strength of the joint due to the 
softening of copper. The high strength and the fracture mechanism observed in some joints, propagating the 
fracture through the base material instead of the joint interfaces, showed the high adhesion properties achieved 
in both studied conditions.   

1. Introduction 

Within the European strategy to promote fusion energy, the devel-
opment of new materials capable to withstand the critical conditions 
taking place inside the reactor have special relevance. The objective is to 
address different problematic scenarios such as loss-of-coolant accident 
(LOCA) with air ingress into the vacuum vessel that will result in a 
temperature increase up to ~1000 ◦C of the in vessel components due to 
the decay heat. Due to the poor oxidation resistance of pure tungsten, a 
release of radioactive material such as WO3 may occur. Among the new 
developed materials, self-passivating tungsten alloys have taken special 
relevance due to their high oxidation resistance (important in case of 
LOCA with air ingress) and good thermal shock resistance [1–3]. Those 
alloys are based on W-Cr-Y [3,4] and W-Cr-Y-Zr [1] compositions 
depending on the specific development. 

The first wall components of reactor demonstration power plant 
(DEMO) are currently under design but, according to the preliminary 
concepts, they are based on a tungsten layer supported by a reduced 
activation ferritic-martensitic steel. The joining technologies between 
both materials are also under investigation and take especial importance 
in the case of new tungsten alloys like that proposed in this research. The 
existing literature about joining technologies between tungsten and 

Eurofer includes several techniques and conditions [5–7] but there are 
only a few works regarding the bonding of self-passivating tungsten 
alloy and Eurofer [8]. 

Previous investigations used Cu-Ti fillers to joint both base materials 
obtaining full metallic continuity and considerable shear strength [8]. 
However, the formation of several intermetallic compounds in the braze, 
associated to Ti presence, could limit its applicability due to the low 
toughness of the joint. In this investigation, copper has been chosen as 
an interlayer material to join the tungsten alloy to Eurofer. This element 
presents high wettability properties in steel and its melting point is 
within the temperature window recommended to avoid the base mate-
rial degradation. Besides, copper, as ductile material, could relieve the 
residual stresses generated during the joining process by plastic defor-
mation mechanisms. Brazing has been chosen as joining technique due 
to its high applicability to industrial process and the limited thermal 
affectation to the base materials properties due to shorter joining 
process. 

In this work the operability of joining W-Cr-Y alloy and Eurofer by 
brazing technique has been studied focusing on the microstructural 
characterization and its relationship with the measured mechanical 
properties. In addition, a post-brazing thermal treatment (PBTT) was 
also performed to recover the as-received hardness of steel after the 
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brazing cycle; the microstructure and strength of this joint have been 
compared with the as-brazed joint. 

2. Experimental procedure 

2.1. Materials 

The base materials used for the investigation are tungsten alloy and 
Eurofer. Self-passivating tungsten alloy was supplied by CEIT with the 
following nominal composition: W-10Cr-0.5Y (in wt.%) and produced 
via mechanical alloying of the powder followed by encapsulation and 
Hot Isostatic Pressing (HIP) (1250 ◦C-2 h-140 MPa) and a subsequent 
thermal treatment at 1555 ◦C for 1.5 h. Eurofer was supplied by Karls-
ruhe Institute of Technology (KIT) with its standard composition and 
microstructure [9]. 

The Cu fillers (>99.9 %) used as interlayer material were supplied by 
Lucas Milhaupt in form of strips of 50 μm thickness. The strip was cut to 
the exposed base material surface dimensions and placed between both 
specimens. 

2.2. Brazing tests 

Base materials were prepared for the brazing test by: (i) cutting to the 
dimension of 5 × 5 × 4 mm3, (ii) grinding the exposed surfaces to grit 
size P4000 with a silicon carbide paper in order to control the surface 
roughness and (iii) cleaning with isopropanol. Brazing tests were carried 
out in a high vacuum furnace at the residual pressure of 10− 6 mbar. 
Brazing temperature was determined 50 ◦C over the liquidus tempera-
ture of the filler material (1135 ◦C) holding that temperature for 10 min. 
PBTT was also carried out in the tubular furnace at 760 ◦C for 1.5 h, 
which corresponds to the conventional tempering treatment applied to 
Eurofer. 

2.3. Characterization techniques 

The cross sections microstructural analysis of the brazed samples was 

performed using Scanning Electron Microscopy (SEM, S3400 Hitachi) 
equipped with Energy Dispersive X-ray analysis (EDX) and stereoscopic 
microscopy (Leica DFC320). The samples were metallographically pre-
pared following the standard polishing technique. 

The mechanical properties of the joints were evaluated by means of 
microhardness and shear tests. The hardness study gives information 
about the effect of the brazing process in the mechanical properties of 
the base materials. Thus, microhardness profile was traced across the 
tungsten-Eurofer joint with a MHV-2SHIMADZU equipment. A 100 g 
load was applied during 15 s and three measurements were obtained for 
each position. Distances between neighbour indentations were longer 
than three times the residual imprint sizes. Shear strength values were 
obtained using a shear fixture that was placed between compress platens 
in a Universal Testing Machine (Zwick Z100) at a speed of 1 mm/min. 
Three samples for each condition were measured to determine the 
strength properties of the joints. 

3. Results 

3.1. Microstructural characterization of the brazed joints 

Self-passivating tungsten-Eurofer brazed joints showed high metallic 
continuity along both interfaces reaching 100 % of metallic contact 
(Fig. 1a). During the brazing cycle copper interacted mainly with the 
Eurofer base material. The higher chemical affinity of Eurofer, 
compared to the refractory nature of tungsten, which inhibit chemical 
interactions, and high spread capabilities of copper on this base material 
could explain this fact [10]. Consequently, copper penetrated approxi-
mately 20 μm into the Eurofer following austenitic grain boundaries 
paths (phase number 1 in Fig. 1c and d) and, as a consequence, there is 
not copper remaining at the interface. This fact gave rise to the forma-
tion of phase number 2 in Fig. 1c and d, which consists in a copper-free 
zone located between the copper phase and the tungsten interface. 
Finally, phase number 3 was formed at the tungsten interface. This 
phase consisted in a layer of approximately 1.5 μm formed by diffusion 
mechanism. The temperatures of the cycle were high enough to activate 

Fig. 1. SEM micrographs of the W-10Cr-0.5Y/Eurofer brazed joint. General view of the joint of (a) after brazing condition and (b) after brazing and PBTT. Detail of 
the W-braze interface (c) after brazing and (d) after brazing and PBTT. 
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interdiffusion mechanisms of the system that have not been observed 
before using other filler compositions [8]. 

A more detailed analysis of the interface area and the chemical 
composition of the studied phases, obtained by EDX semi-quantitative 
analysis (Table 1), allowed to determine the effects of the PBTT in the 
microstructure of the joints. During the PBTT, the combination of time 
and temperature promoted interdiffusion mechanism in phase 2 and the 
diffusion layer enriched in Fe. Besides, the conditions also favoured the 
partial dilution of the layer 3 into the phase number 2, giving rise to an 
increase of Cr and especially W in phase 2 after the thermal treatment 
(Fig. 1d). This process is promoted by the increase of solubility of W in 
Fe at those temperatures. However, as the solubility is limited at room 
temperature, a dispersion of fine W precipitates was formed in this phase 
due to the W enrichment (arrowed in Fig. 1d). 

According to our previous works regarding self-passivating tungsten- 
Eurofer joints, the use of this tungsten alloy, rich in chromium, along 
with Cu-Ti fillers, gave rise to a higher filler-alloy interaction due to the 
active character of Cr and Ti elements. This fact led to the formation of 
several intermetallic compounds at the braze zone and the dilution of 
the tungsten grain boundaries [8]. In this work, the use of pure copper 
filler limits the filler-alloy interactions and the microstructure resembles 
that obtained with pure tungsten. 

3.2. Mechanical characterization of the brazed joints 

The microhardness profile of the joint allow to obtain information 
about possible modifications of the as-received hardness of the base 
materials that can be associated to different metallurgical or chemical 
processes. According to the profile showed in Fig. 2, tungsten alloy 
hardness has not been modified neither by the application of the brazing 
cycle nor by the PBTT. The measured as-received hardness of this ma-
terial (1153 ± 83 HV0.1) agrees with all experimental values after the 
brazing or brazing + PBTT processes remaining the measured hardness 
within the standard deviation of the as-received hardness. The high 
experimental hardness of this material, compared to the standard 
polycrystalline tungsten (~450 HV0.1), is associated to its refined 
microstructure (< 1 μm) and the presence of homogenously distributed 
Y2O3 precipitates [2]. 

Hardness considerably decreased in the braze zone, being the pres-
ence of ductile copper in this region responsible for this phenomenon 
that affected approximately 20 μm from the tungsten interface. For a 
more detailed hardness evaluation of the micro-phases of this region, 
such as the diffusion layer (phase number 3), copper free region (phase 
2) and iron, nanoindentation tests should be investigated. 

Finally, Eurofer base material hardness changed considerably 
depending on the thermal cycle applied. Samples in as-received condi-
tions showed hardness around 220 HV0.1. However, after the brazing 
process hardness increased up to 400 HV0.1. This hardness value cor-
responds to the hardness of the Eurofer after an austenitization treat-
ment, which regenerates the microstructure and thermal history of the 
material, and are in agreement with the values obtained by M. Rieth 
et al. [9] who studied the effect of the austenitization treatment tem-
perature on the final properties of the material. The application of the 
PBTT to the samples, similar to the tempering treatment applied after 
the asutenitization one during the fabrication process, gave rise to a 

softening of the material (215–220 HV0.1) obtaining similar values to 
those in as-received conditions. Therefore, the applied PBTT succeeded 
in recovering the as-receive hardness properties. 

The joint strength after brazing was 394 MPa, which is a high value 
compared to those existing in the literature, not only regarding self- 
passivating W-Eurofer joint but also using conventional tungsten 
based material [11–13]. Besides, the value supposes to achieve the 
metallurgical level of the joint development. The high adhesion prop-
erties are the result of the participation of tungsten in the formation of 
the joint. Usually, the lack of tungsten interaction using other filler 
materials or conditions brings about that fracture propagates through 
the W-braze interface [8,14]. 

However, the formation of the diffusion layer reinforced this inter-
face and promoted a change in the fracture mechanism, where the crack 
shifted from the Eurofer-braze interface (region 1 in Fig. 3a and b) to the 
W-braze (region 2 in Fig. 3a and b) during the crack propagation. The 
application of the PBTT caused a considerably drop of the joint strength 
(255 MPa). Both ductilization of copper and the formation of micropo-
rosity in the copper braze zone, determined in other works, could be the 
responsible of the drop [15]. 

Fracture surfaces showed two different fracture mechanisms during 
the shear tests. The first one is described above and took place at the 
braze interface and the second one occurred in some specimens, where 
tungsten base material fractured due to the high load applied (Fig. 3c). 
The brittleness associated to this material and the local stresses con-
centration produced during the test caused the propagation of the crack. 
In both cases, the intergranular fracture propagation mechanism was the 
dominant mechanism although in some areas, where plastic deforma-
tion occurred in copper fractured areas, it followed transgranular paths. 

4. Conclusions 

Brazing technique was applied to join a self-passivating tungsten 
alloy to Eurofer using 50 um thick Cu interlayer. The results showed the 
consecution of a high brazeability joints in terms of metallic continuity 
and strength. Copper, as interlayer, seems to arise as a proper filler 
material due to the high spread capabilities in the system. Besides, the 
interaction of the filler with Eurofer and the formation of the diffusion 
layer in the tungsten alloy interface gave rise to high strength joints 
compared to other existing techniques. The application of the PBTT, 
necessary to recover the as received properties of the Eurofer base ma-
terial, produced minor changes in the microstructure of the joint but 
caused a drop of the joint strength, possibly associated to the ductili-
zation of copper and formation of microporosity at the braze zone. 
However, the high strength obtained and the fracture mechanism, where 
in some specimens fracture propagated through the base material 
instead of the joint interfaces, showed the high adhesion properties 
achieved in both studied conditions. 

Table 1 
Elemental composition of the phases obtained by EDX analysis.   

Elemental composition in at. % (EDX analysis) 

Phase 
After brazing Brazing + PBTT 

Cu Fe Cr W Cu Fe Cr W 

1 95 5   96 4   
2 4 84 9 3 6 72 10 12 
3  46 14 39  55 10 35  

Fig. 2. Microhardness profile through W alloy-Eurofer joints.  
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Brazing arise as high potential joining technique of W alloy-Eurofer 
joints due to its high applicability to the manufacturing process and the 
high quality joints obtained. However, some aspects such as the conse-
cution of functionally graded interlayers, achieved by other joining 
routes, could be useful and should be addressed in the future using 
brazing technique. 
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ABSTRACT 

Development of refractory metals for application as plasma-facing armour material remains among 
priorities of fusion research programmes in Europe, China and Japan. Improving the resistance to high 
temperature recrystallization, enhancing material strength to sustain thermal fatigue cracking and 
tolerance to neutron irradiation are the key indicators used for the down selection of materials and 
manufacturing processes to be applied to deliver engineering materials. 

In this work we investigate the effect of neutron irradiation on mechanical properties and 
microstructure of several tungsten grades recently developed. Neutron irradiation campaign is 
arranged for screening purposes and therefore is limited to the fluence relevant for the ITER plasma 
facing components. At the same time, the neutron exposure covers a large span of irradiation 
temperatures from 600 up to 1000 °C. Four different grades are included in the study, namely: fine-
grain tungsten strengthened by W-carbide (W-4wt.% W2C), fine-grain tungsten strengthened by Zr 
carbides (W-0.5% ZrC), W alloyed with 10 at.% chromium and 0.5 at.% yttrium (W-10Cr-0.5Y) and 
technologically pure W plate manufactured according to the ITER specification by Plansee (Austria). 
The strengthening by W2C and ZrC particles leads to an enhanced strength, moreover, the W-0.5ZrC 
material exhibits reduced DBTT (compared to ITER specification grade) and is available in the form of 
thick plate (i.e. high up-scaling potential). The W-10Cr-0.5Y grade is included as the material offering 
the self-passivation protection against the high temperature oxidation.  

Keywords: tungsten, recrystallization, irradiation, precipitate strengthening 

1. Introduction

The development of fusion power plants will deliver a considerable contribution to future clean and 
safe energy supply. The efficiency and safe operation requires extensive efforts to be invested into the 
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